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ABSTRACT 

 

We apply a phase field model to understand the sintering behavior of columnar thermal 

barrier coating (TBC) structures. The model takes into account various sintering mechanisms, 

including surface and grain boundary diffusion, coupled with the elastic effects arising due to 

the thermal expansion mismatch in the TBC system. Numerical simulation of the initial 

sintering of model TBC microstructures has been performed using this phase field model. The 

preliminary results clearly illustrate the initial sintering behavior of the TBC system, the 

connection between diffusional processes and morphological change during the sintering, and 

the dependence of the sintering process on temperature and strain.       

 

 

1.  Introduction 
 

A typical TBC system consists of several material layers that are applied to the surface of a 

superalloy to protect it from high temperature, rapid temperature transient, oxidation and 

corrosion in high temperature environments [1, 2]. The main layer of a TBC system is a low 

thermal conductivity ceramic, such as zirconia, with some porosity left into it to further 

reduce thermal conduction and provide elastic compliance to the substrate expansion or 

contraction upon heating or cooling. Prolonged operation of TBC materials at elevated 

temperatures, however, leads to sintering and densification and thus degrades its desirable 

characteristics; namely densification increases the elastic modulus and the thermal 

conductivity of the TBC layer. Understanding how sintering proceeds in TBC systems is thus 

important for improving the design of such systems. We have recently developed a phase 

field approach to model the sintering in TBC microstructures [3, 4]. This model is an 

extension of previous phase field models that were developed to study free sintering of 

particles [5, 6]. In this short communication, we present our sintering model and explain its 

features and capabilities in the context of sintering in TBC systems. In particular, we highlight 

the free energy formulation and the derivation of the kinetic equations governing the phase 

field variables, various sintering mechanisms (namely, the surface, grain boundary and bulk 

diffusion), as well as the formulation of the elastic problem due to thermal mismatch in the 

system. The theoretical formulation of the phase field model is presented in section 2, 

followed by a brief discussion of the numerical scheme and sample results in section 3.  

 

2. Phase Field Modeling of Sintering 
 

 In phase field modeling, microstructure is described by a set of continuum phase field 

variables. Two types of phase field variables are used here to characterize the columnar 

structure in TBC system. The conserved mass density field と(r,t) is used to describe the 
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distribution of solid material such that と is equal to 1 in solid phase and 0 in porosity. 

Different grains in the solid region are captured by the non-conserved field variables さg(r, t), 

which is equal to 1 in g-th grain and 0 otherwise. The interfaces are diffuse over which と(r, t) 

and さg(r,t) change continuously. Since these variables vary slowly in the bulk region and 

rapidly in the interfaces, their evolution gives the motion of interfaces as a function of time, 

which reveals the microstructural change in TBC system. 

 

     2.1 Free Energy of TBC system 

 

The total free energy functional F of the TBC system can be written in the form: 
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In this expression, f (と,さg) is the bulk free energy density, which has minima representing the 

equilibrium between the void phase and the solid. e(さg) is the elastic strain energy density 

arising from the thermal expansion mismatch between TBC and substrate. The last two terms 

are associated wit the diffuse character of interface, where くと and くさ are gradient coefficients 

proportional to the surface and grain boundary energies. The bulk free energy density f (と,さg) 

can be approximated by a Landau-type polynomial expansion in the order parameters [7], 
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with A and B being model parameters. It can be seen from the above expression that f (と,さg) 

has minima in the void space (と= 0, {さ1, さ2, ..., さN} = {0, 0, ..., 0}) and in each solid grain (と = 

1, {さ1, さ2, ..., さN} = {1, 0, ..., 0} = ... = {0,0, ..., 1}), where N is the number of grains. These 

grains represent the solid sub-domains of the TBC system. 

 

     2.2 Elastic Strain Energy  

 

Assuming that the solid region (TBC layer and substrate) in the TBC system is elastic and 

inhomogeneous, the elastic strain energy density in TBC system can be written in the form: 
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In the above, Cijkl is the elastic tensor of the solid phase, kl and 
kl  are the total strain and 

eigenstrain, respectively, and 32 23)(     is an interpolation function used taper down the 

elastic modulus to zero in void space. In the TBC system, eigenstrain is induced by the 

thermal expansion mismatch between the TBC layer and substrate. 

 

    2.3 Kinetic Evolution Equations for Phase Field Variables  

 

The evolution of the conserved mass density field と is governed by the Cahn-Hilliard type 

equation [8]: 
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The non-conserved phase field variables さg are governed by Allen-Cahn structural relaxation      

equation [9]: 
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In above equations, M is the mobility tensor characterizing the contributions of surface 

diffusion, grain boundary diffusion and volume diffusion to the sintering process. L is the 

parameter characterizing the mobility of grain boundary migration.   

 

3. Numerical Scheme and Results  

 

     3.1 Numerical Scheme  

 

While the phase field model outlined above is applicable for general 3D case, only a 2D 

solution is presented here. In developing the 2D solution, the equations are discretized using 

finite difference scheme in space and explicit Euler method in time. Periodic boundary 

conditions are applied in solving the elastic problem.  

 

     3.2 Results  

 

TBC systems are created by deposition methods that yield a variety of microstructural 

features. An idealized TBC microstructure of interest is the zigzag structure, which can be 

produced by rotating the substrate during the deposition [1]. Actual columnar structure of the 

TBC produced by electron beam physical vapor deposition (EBPVD) show some 

morphological variability, which we consider in [10]. Figure 1 displays the さg field for a 

zigzag structure configuration. The substrate is not shown here as it does not contribute to the 

evolution of the structure. In general, sintering process starts at the top surface where the 

curvature is highest (at the corners). The initial sharp edges become rounded to decrease the 

local surface free energy, which drives materials transport from top to bottom by diffusion to 

fill in the gaps (pores) in TBC structure. 

 

 

 
      t=0                              (b) t=50                         (c) t=250                         (d) t=500 

 

Figure 1. Time evolution of the TBC zigzag structure. The figure displays four snapshots 

of the non-conserved order parameter field さg during evolution of an idealized zigzag 

configuration representative of EBPVD deposited TBC layers. 

 

It is clear in Figure 1 that the current phase field model capture the neck formation at the top 

of the columns (see Figure 1(c)) as seen in experiment [11] and we also noticed that the 

structure was not fully densified during the simulation (see Figure 2) which is also in 

agreement with experiment [11].  

340



 

                                
Figure 2. Evolution of the relative density with time during sintering for the zigzag 

structure shown in Figure 1. 
 

The effect of temperature, and mismatch strain on the sintering behavior of a variety of TBC 

microstructure configurations will be discussed in details elsewhere [10]. 
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ABSTRACT 

 

The peculiarities of phase transformations order-disorder of CuAu alloy near equiatomic 

composition were studied by Monte-Carlo method in the dependence on temperature, vacancies 

concentration, deviation of its composition on stoichiometry and pressure. It was found that 

diffusion at low temperatures (400 K) took place at the expense of migration of Cu atoms over 

Cu sublattices without any order break. The mobility of Au atoms increased with the growth of 

temperature coming nearer to the stability of Cu atoms.  

 

Cyclic transformation of crystal lattices FCT-FCC-FCT proceed in cycles heating-cooling. 

In this connection, the lattice parameters, tetragonality degree for CuAuI phase corresponding to 

L10 superstructure are close to experimental values. It was obtained that domains corresponding 

to L10 superstructure and divided by antiphase boundaries appeared in the disordering process. 

At the same time, nanoclusters corresponding to the germs of phases of L12 superstructure and 

areas of disordered solid solution were observed in the disordering process. The break of the 

stoichiometry of alloy composition decreased temperature of the beginning of phase order-

disorder transitions, the level of alloy tetragonality. 

 

 

1. Introductiom 
 

The ordered alloys and intermetallides are important objects of scientific researches i.e. 

they have the number of interesting for practical use physical and physics-mechanical properties. 

Superstructure L10 based on FCT of a crystal lattice is different from other types of 

superstructures typical for the alloys having the state of a full order because it has anisotropy of 

the packing of atoms components along the main crystallographic directions. Foliated packing of 

atoms components of the alloy in planes of type {100} is typical for the superstructure having 

equiatomic composition of alloys components in the state of full order. That is why the deviation 

from a cubic order is realized by the parameters of the lattice c/a. The transition FCT-FCC of a 

crystal packing takes place at a full disordering. It was experimentally stated that such transitions 

depended on the composition of the alloy, temperature, time during which the alloy was 

subjected to the given temperature, pressure, the presence of the defects of a crystal structure and 

other factors [1].  

In the paper, the changes of structure-energetic characteristics at a thermal cycling were 

studied by the methods of computer experiment on the example of a model alloy CuAu in the 

dependence on it’s deviation from stochiometry, concentration of vacancies, temperature and 

deformation.   
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2. The model of the computer experiment 

 

The calculated crystal block in a start configuration consisted of 36×36×36 elementary 

cells of FCC crystal and contained of about 2 10
5
 atoms. Periodical boundary conditions were 

applied on the boundaries of the calculated block. The interactions between different pairs of 

atoms were given by the sets of Morse pair potential functions with the parameters taken from 

[2]. In this connection, temperature dependence of the coefficient of linear expansion of the alloy 

was taken into account. Start configuration of FCC lattice with the order corresponding to L10 

superstructure was constructed. Then, the procedure of the search of the minimum of the 

configuration energy relatively the parameters a and c was carried out by the method of variation 

quazistatistics. As the result, FCC lattice was transformed into FCT with the degree of 

tetragonality c/a=0.92 and the values of the parameters c=3.65A and a=3.96 A. The obtained 

values of the parameters are well agreed with reference data. The obtained structure was used as 

a start one for the making the following experiments. The structural reconstruction of CuAu 

alloy was studied using Monte-Carlo method. The choice of the method was stipulated by high 

velocity of calculations using big sizes of the calculated block. It was used only a vacancy 

mechanism of diffusion. The definite concentration of vacancies was introduced into the crystal 

randomly to activate diffusion process. The state of the alloy was changed in discrete moments 

of time; one act of self-diffusion corresponding to the jump of an atom into a vacant knot was 

taken by one iteration. Diffusion of atoms was conducted in correspondence with the tenets of a 

statistic theory of ordering. In every experiment, the conditional period of the duration of the 

calculation constituted 5×10
6
 iterations. The temperature of the alloy was given to be constant 

and equal in the whole block. 

The changes of the following parameters were studied during the experiment: configuration 

part of energy, entropy part, parameters of short-range order by Cowley, long-range order in 

Bragg-Williams approximation, degree of tetragonality c/a. The kinetics of the change of a 

domain structure in the processes of phase transitions order-disorder was analyzed. The deviation 

of the alloy composition from stoichiometry was given randomly by the throw of point 

substitution defects in the calculated block of crystal. Deformation of overall tension was given 

by the change of interatomic distances in the whole calculated block of the crystal. 

Computer experiments showed the differences in the character of the change of short and 

long-range orders, configuration and free energies as in the volume of the crystal, so over the 

planes of the definite orientation in the dependence on temperature and the duration of 

thermoactivation. Diffusion in the ordered alloy CuAu1 of stoichiometric composition took place 

at relatively low temperatures (up to 200 K) at the expense of the displacements of Cu atoms 

over Cu sublattices with the presence of vacancies. The superstructural order was not broken. 

The relative mobility of Au atoms increased at the increase of temperature to 600 K and 

approached to the mobility of Cu atoms with the increase of temperature as over the planes so 

over the directions. 

In the cycle heating-cooling, the alloy was subjected to step heating from 200 K to 1000K 

every 100 K and the following step cooling up to initial temperature. 5×10
6
 iterations was made 

at every temperature. Tetragonal symmetry of the crystal changed into cubic one at the 

temperature of about 700 K in the process of the heating of the crystal. The reverse transition 

FCC - FCT took place at the cooling of the alloy. As the result, the parameters of the lattice c 

and a were close to the initial ones. 

The graphs in Fig.1 (a, b) show the loops of hysteresis characterizing the velocity of 

proceeding of different phase transitions order-disorder and disorder-order. The formation of the 

loops of hysteresis was connected with the limitation of the simulated process in time. The 

calculated block had a monodomain structure at a start configuration. Several antiphase domains 

separated by antiphase boundaries were formed in CuAuI after thermocycling. Superstructure 

L10 can have six variants of APD: in twos in three interperpendicular directions. The distribution 

of atoms of the alloy components over APD was analyzed by the results of computer experiment. 
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The decrease of the amount of APB was observed with the decrease of temperature, up to two 

ones – at low temperatures. The boundaries of APD represented only APB of a shear type, C-

domains were absent. 

 

   
     a)                                                                        b) 

Figure1. The loops of hysteresis in the change of configuration energy (a) and short-range 

order at the first coordination sphere (b) in the cycles heating-cooling. 

 

The formation of the germs of phases of composition AB, A3B, AB3, phases of pure 

components A and B were found in the alloy structure during the ordering process. The germs of 

phases different from equivalent appeared to be short-living. Their number depended on 

temperature and duration of the experiment. 

The processes of phase transitions FCT - FCC - FCT and consequently the processes of 

phase transitions order-disorder –order were more intensive and were displaced towards more 

low temperatures with the increase of the concentration of the vacancies introduced in the alloy. 

The research of structural and superstructural reconstruction of CuAu alloy having the 

deviations from stoichiometric compositions ±5% was made during the cooling. The start block 

of crystal was given randomly by the distribution of Cu and Au atoms over the knots of FCC 

lattice. Then, the procedure of diffusion reconstruction of the calculated block was made using 

Monte-Carlo method by the search of configurations corresponding to the minimum of free 

energy at every given temperature. 

The analysis of the change of the kinetics of a domain structure showed that the formation 

of six types of APD was observed at temperature 580 K (for alloy containing 45% of Cu) and 

higher than 640 (for alloy containing 55% Cu). The sizes of APB did not exceed 10% from the 

volume of crystal. Two types of APB of one orientation were preferable in the processes of the 

decrease of temperature and ordering as in the case of equiatomic composition. Small APD of 

other orientations were annihilated. The appearance of a small amount of germs of the phases of 

L12 superstructure of AB3 or A3B composition in phase composition of alloys having deviations 

from stoichiometry was found side by side with enlargement of APD of one orientation of L10 

superstructure. The parameters of the lattice in three interperpendicular directions were equal at 

the initial configuration of the alloy in the disordering state. It was observed that the parameter of 

the lattice (c) in one of the crystallographic stresses was changing more quickly with the 

decrease of temperature. Fig.2 depicts the changes of the degree of the tetragonality of the alloys 

of CuAu system with temperature. As it is seen from Fig.2, the distortion of stoichiometric 

composition of the alloy leads to the decrease of the degree of tetragonality c/a. 
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Figure 2. The dependence of the tetragonality of the alloy on temperature at different 

concentrations of the composition. 

 

The dependencies of the long range order parameter and short range order parameter on 

temperature shows their changing for concentration from stoihiometry (Fig.3). 

 

   
                                           a)                                                                    b) 

Figure 3. The dependence of the long range order parameter (a) and short range order 

parameter (b) on temperature at different concentrations of the composition. 
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The superstructure of intermetallides and ordered solid solutions can have a 

variety of planar defects: fault defects, antiphase boundaries (APB). APB were 

deviated into conservative and non-conservative. In the first case, their presence 

did not cause any changes in the sequence of the planes packing by the atoms of 

the superstructure components, consequently the stoichiometry was not changed. 

Defects were formed as in the processes of growth of antiphase domains, so as 

the result of splitting of a superdislocation during deformations. The second group 

of APB was connected with the sequence of the planes packing by the atoms of 

components, and consequently with a local change of stoichiometry of the alloy 

composition. This type of a planar defect is observed only in the processes of 

thermoactivated growth or antiphase domains. One more group of planar defects 

is called the tubes of antiphase boundaries. Thus, planar complexes of structural 

defects and superstructural defects – fault defects and APB can also exist. 

Thermoactivated atomic reconstruction of superstructure L1
2

 and L1
0  

accompanied by local failure of structural and superstructural order took place 

near different types of planar defects. Superstructure L1
2

 was studied on the 

example of alloys Cu
3

Au, Ni
3

Al and superstructure L1
0

 on the example of CuAu 

which were ordered on the basis of FCT lattice. 
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ABSTRACT 

 

The peculiarities of structural reconstruction in nanofibers of ordered alloys of L12 

superstructure containing periodical shear antiphase boundaries of type   <110>{001} were 

studied by the method of molecular dynamics. The nanofiber was presented in a form of 

rectangular parallelepiped with the basis in plane [001]. The nanofiber was subjected to high 

velocity tension deformation in direction <001> at the presence of rigid captures. Nanofibers 

of alloys Cu3Au and Ni3Al having a state of full superstructural order were chosen as the 

objects of the research. Four main stages of deformation – quazielastic, plastic, flow and 

facture were obtained in the computer experiment. Every stage was characterized by the 

appearance and accumulation of structural and superstructural defects: point dislocations, 

antiphase boundaries, fault defects. Temporal intervals of the stages existence in deformation 

process were changed in the dependence on the temperature and the number of APB 

introduced in the nanofiber. The presence of definite density of APB influenced on the value 

of extreme density of the nanofiber at low temperatures. 

   

 

1. Introduction 

 

The ordered alloys and intermetallides are important objects of scientific researches, 

since they have such unique for practical use property as positive temperature dependence of 

yield strength. Nowadays there are many models and theories trying to explain similar effect. 

It is considered that such planar defects typical for superstructures as antiphase boundaries 

(APB) can contribute in the effect of positive temperature dependence of yield strength. In 

case of nanostructures and nanoobjects, the above mentioned properties of materials can make 

substantial contribution in deformation behavior of materials.  

In the paper, the research of structure-energetic transformations taking place in the 

process of high velocity tension deformation was made on the example of nanofibers of  

Ni3Al intermetallide and Cu3Au ordered alloy. The nanofibers of the materials under study 

contained the definite amount of antiphase boundaries oriented in the direction which was 

perpendicular to the axis of tension deformation. 

 

 

2. The model and methods of computer experiment 

 
The mechanisms of structural reconstruction in the process of high velocity deformation 

of uniaxial tension in metallic nanofibers were studied in the paper.  Nanofibers of Ni3Al 

intermetallide and Cu3Au with L12 superstructure were useed as the objects of the research.  

347



The research of the dynamics of structural reconstruction was made by the method of 

molecular dynamics using Morse pair potential functions [1]. 

The calculated block of the nanofiber was presented in a form of a rectangular 

parallelepiped with a square basis in plane (001) and height (axis of the nanofiber) 

corresponding to direction <001>. The size of the calculated block was equal to 12×12×18 

elementary cells (4.07×4.07×6.20 nm
3
). The total amount of atoms was equal to 10368. 

Mixed boundary conditions were applied to the boundaries of the block: free in directions 

<100>, <010> and rigid or periodical in the direction <001> [2]. 

Dynamic uniaxial tension deformation was simulated by a forward displacement of all 

atoms composing rigid boundaries along the axis <001> for 0.002 nm after 0.1 ps that 

corresponded to the velocity of deformation 3.2·10
9
 s

-1
. Computer experiment was made at the 

temperatures 10 K, 300 K and 1100 K (for Ni3Al intermetallide) and 10 K, 300 K (for Cu3Au 

ordered alloy). 

The nanofiber of Ni3Al intermetallide and Cu3Au ordered alloy were investigated as in a 

start-ideal configurations (the absence of defects, besides free surface) so at the presence of 

even distributed antiphase boundaries (APB)  <110>{001} (from 1 to 7 boundaries 

simultaneously). The boundaries were introduced in the direction <001> along the length of 

the nanofiber so that their position corresponded to geometrical center from rigid boundaries 

(captures). The model corresponded to L12(M) superstructure. 

 

 

3. The results and discussion 

 

Four main stages of deformation of nanofibers of Ni and Al were determined earlier in 

paper [3].  

Four main stages of deformation as in [3] were observed during the research in the 

result of a dynamic deformation of an ideal Ni3Al nanofiber and Cu3Au ordered alloy as at the 

presence of the definite concentration of APB of type  <110>{001}. The stages were the 

following: quazielastic, plastic, flow and fracture. The typical mechanisms of structure-

energetic transformations were realized at every stage of deformation. The examples of the 

change of stored energy of deformation and stress at the captures in the dependence on the 

duration of tension are shown in Fig.1 and Fig.2. 

 

 
Figure 1. The dependence of stored energy of deformation and stress at the captures on 

time at temperature 300 K in Ni3 Al alloy. 
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Figure 2. The dependence of stored energy of deformation and stress at the captures on 

time at temperatures 300 K in Cu3Au. 
 

The accumulation of vacancies, interstitial atoms and point substitution defects (PSD) 

took place at quazielastic stage of deformation. The amount of point defects increased with 

the increase of temperature of the experiment. The stored energy of deformation changed by 

the parabolic law, the stress at captures increased linear (Fig.1). The structure of the nanofiber 

was not changed that was proved by the absence of atoms with hexagonal closely-packed 

(HCP) and interstitial topologies of the nearest neigbors. The slipping of the parts of the 

nanoofiber with the formation of antiphase domains (APD) took place at the end of the first 

stage. APD boundaries represented superstructural fault defects (FD) and APB. The slipping 

lines located at the angle 35-45
0
 to the axis of tension were seen on the side surface of the 

nanofiber at temperatures 10 K and 300 K at the end of the first stage of deformation. 

Relative slipping of APB of type  <110> {111} was observed in the process of a plastic 

deformation. The mechanisms of structure-energetic transformations at the stage depended on 

the orientation of tension axis, the material of the nanofiber and the experimental temperature. 

New superstructural defects in a form of APB and APD were formed in Ni3Al nanofibers.  

The reconstruction of atomic structure took place during the stage of flow mainly in the 

area of neck formed at the end of the second stage. The values of the stored energy of 

deformation and stress at the captures were changed insignificantly at the stage.  

After fracture, the nanofiber was divided into two parts, the reconstruction of atomic 

structure was not observed.  

Besides general elements of distribution of deformation stages, some differences in the 

properties of nanofibers of Ni3Al intermetallide and Cu3Au ordered alloy are seen in Fig.1 

and Fig.2 showing the dependences of the change of stored energy and stress at the captures 

on duration of deformation at temperature 300 K. The last one is characterized by lesser levels 

of energy and stresses in the areas of the existence of different stages of deformation. It can be 

noted that the beginning of the stage of plastic deformation of the nanofiber of Cu3Au alloy is 

characterized by more considerable jumps of the change of energy and stress in comparison 

with Ni3Al intermetallide. It is directly connected with lesser temperature of phase transition 

order-disorder and melting temperature typical for Cu3Au alloy in comparison with Ni3Al 

intermetallide. The jumps of the stored energy at the first stage of a plastic deformation of 

Cu3Au nanofiber are connected with less energy of the formation of dislocation loops and 

slipping of superparticle dislocations leading to the formation of new antiphase domains. As 

the result, bifurcation of the stored energy of deformation is seen. 

Four deformation stages were also observed after the introduction of the definite 

concentration of antiphase boundaries of shear type (SAPB) into the structure of a nanofiber.  

It was found during the research of a long-periodic nanostructure that the presence of 

the defects of APB type considerably influenced on the change of temporal intervals of the 

beginning of a plastic deformation stage. Shortening of temporal intervals of quazielastic 

deformation stage took place after the introduction of APB in the nanofiber. At the same time, 

the change of the amount of introduced APB in the nanofiber did not influence essentially on 

the change of temporal intervals of the beginning of a plastic deformation stage. It was 

obtained hat the duration of full rapture increased considerably at the increase of the amount 
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of introduced SAPB  <110>{001}at the temperature 10 K, 300 K. It was stated that the 

introduction of SAPB  <110>{001} into an ideal nanofiber with the definite period 

influenced on the value of maximum density. Thus, the decrease of stress at the captures was 

observed at T=10 K with the increase of the period of antiphasity and as the result, the 

decrease of the value of the maximum strength decreased from 17.5 GPa to 16.5 GPa. On the 

contrary, the presence of internal defects of nanostructure did not influence on the value of 

maximum density at T=300 K and T=1100 K.  

The effect of the influence of APB presence in the structure of the nanofiber decreased 

with the increase of temperature. The energetic interval of the accumulation of stored 

deformation energy leading to definite structure-energetic changes in the nanofiber at every 

stage of the process corresponding to tension of the deformed nanofiber decreased. 

The internal reconstruction of the structure of nanofiber took place in the area of a neck 

at the stage of flow. The considerable changes of the values of stored energy and stress at the 

captures were not seen. The nanofiber was divided into two parts at the stage of fracture, 

structural reconstruction and changes of topology were not observed. The formation of new 

fault defects, twins was determined in some cases after superrapid cooling.  

The role of long-period APB introduced in the nanofiber was essential only on the 

stages of quazielastic and plastic deformation. Their influence at the following two stages was 

not practically noticed, i.e. the multitude of defects competing with APB was accumulated at 

that stage. 

The determined effects are clearly seen in the nanofiber of Ni3Al intermetallide in 

comparison with Cu3Au ordered alloy. It should be expected that the introduction of the 

nanofiber of more high-energetic defects such as APB of the same orientation but having 

local deviations in the composition from stoichiometric one can cause a considerable effect of 

strengthening of the nanofiber in comparison with APB of shear type.  
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ABSTRACT 

 

The thermal treatment of highly pure tungsten samples in oxygen atmosphere of 10
-3

 mbar 

(air) and three-point bending test lead to distinguished fracture behaviour. SEM observations 

reveal intergranular fracture by grain boundary decohesion for such treated samples. EBSD 

measurements were used to determine the grain boundary misorientations. One special type of 

grain boundary has been chosen for first-principles calculations of O segregation on a W grain 

boundary based on the FLAPW method as implemented in Wien2k. The Rice-Wang criterion 

indicates embrittlement of the grain boundary by oxygen in agreement with experimental 

results. 

 

 

1. Experimental 

 

Highly pure tungsten wire samples of 0.5 mm diameter were annealed at 1850 °C by direct 

current heating in a vacuum chamber at 10
−3

 mbar for 15 min. Wire lengths of 15 cm were 

used to guarantee a sufficient isothermal zone. During the annealing a constant temperature is 

applied by using a defined electrical current controlled by an optical pyrometer. The 

temperature is emissivity adjusted and influences of windows and lenses have been corrected. 

Samples of 1.5 cm length were cut from the isothermal zone of the wire and loaded in a three 

point bending test until fracture. 

 

  
 

Figure 1: Fracture surface of annealed specimen at 1850°C for 15 min at contamination level 

of about 10
-3

 mbar air. Left: Surface showing complete intergranular fracture (magnification 

150 x). Right: Zoom of the orange marked area with grain boundaries showing failure by 

decohesion (magnification 4000 x). 

 

It is reported that for polycrystalline tungsten samples at temperatures between 1650 and 2600 

Kelvin within an oxygen atmosphere at partial pressures of < 1.3 · 10
−4

 mbar a steady state 

between adsorption of O2 from the surrounding gas phase and desorption of O atoms and 

oxide molecules is reached [1]. We estimated using data from [1] that an almost complete 
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monolayer is built up in our atmosphere with a dwell time of > 20 s. We expect that these 

conditions lead to oxygen diffusion into the material.  

 

 

2. Electron backscatter diffraction (EBSD) measurements 

 

As we identified the separation of grain boundaries as important mechanism in the fracture 

behaviour of the tungsten samples exposed to the oxygen partial pressure described, we 

concluded to consider the character of the grain boundaries. Figure 2 shows the result of an 

EBSD measurement of a heat treated sample. The colour coding of the grain boundaries 

indicate the angle ranges of misorientations. Small angle grain boundaries < 15° have been 

omitted in the visualization since the subgrain structure is not of interest for the fracture 

phenomena considered in the present study. Special emphasize should be given to the 

appearance of the red coloured grain boundaries within the angle range 35°−39° (red colour) 

since in the following we investigate a grain boundary within this range in more detail.  

 

 
Figure 2: Grain boundary misorientation angles from EBSD mapping: green: 15°−23°, light 

blue:23°−35°, red: 35°−39°, magenta: 39° − 46.7°, yellow: 46.7° − 54.7°, white: 54.7° − 

62.5°. 

 

3. Geometry of the bcc Σ Σ Σ Σ 5(310)[001] grain boundary 

 

Since it would be overwhelming to consider arbitrary grain boundary types by electronic 

structure calculations, we have chosen to concentrate on a given type with an angle appearing 

in our EBSD measurements. The grain boundary under consideration is the Σ5(310)[001] with 

an angle of 36.9°. The rotation axis of the grain boundary is the [001] direction, whereas the 

grain boundary plane is the (310) plane of the bcc lattice. The representation of this grain 

boundary without an impurity could be done using a supercell within the orthorhombic space 

group No. 63 (Cmcm). Inserting an impurity breaks symmetry elements and leads to a 

supercell within the monoclinic space group No.12 (C2/m). 

 

 

4. First-principles calculations 

 

The first-principles electronic structure calculations in this study are based on the full 

potential linearized augmented plane wave (FLAPW) method [2] as implemented in the 

Wien2k code [3]. The cut-off parameters of the plane wave expansion are chosen to be RMT 

kmax = 8 for the wavefunction, Gmax = 14 for the charge density and the maximum l for the 

non-muffin tin (MT) potential expansion VNMT to be 6. The MT radius is set to 2.3 a.u. for 
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tungsten and 1.9 a.u. for oxygen. The exchange-correlation functional is chosen to be GGA 

(PBE96). The energy of separation between core and semicore is −9 Ry. All calculations are 

carried out for the non-spin-polarized state. Local orbitals and the APW basis are used 

according to the default settings of Wien2k. For the integration of the Brillouin zone a 4x4x1 

k-point mesh is used. First the theoretical equilibrium lattice constant for tungsten has been 

calculated using these parameters taking the bulk in an orthorhombic cell of space group No. 

63 with a result of a0 = 6.012057 a.u. This value has been used for all further calculations. 

The geometry optimization of atomic positions within the supercell is done by force 

minimization using a damped Newton scheme until the forces on every single atom in the cell 

are below 1 mRy/a.u. . To keep the lattice constant, the atoms where not allowed to relax 

along the [001] direction. The clean free surface (FS) and grain boundary (GB) surface 

energies are calculated by the energetics of the respective cells in reference to the bulk cell 

and the interface area A. The results are: 

 

γ(GB) =  (E(GB) − E(bulk)) / 2A = 2.548 J/m
2
 

 

γ(FS)  =  (E(FS) − (11/20) · E(bulk)) / 2A = 3.753 J/m
2
 . (1) 

 

The factor 2 in the divison means that two GB/FS interfaces are included in a supercell. The 

calculation of the bulk energy has been carried out under the same conditions as for the 

GB/FS system but with the W atoms arranged in periodically repeated bcc structure (20 

atoms). An almost identical cell is important for the calculation of accurate energy differences 

between two structures. Experimental values in literature are only available for a (110) 

tungsten surface with a similar open structure as the (310) having γ (FS) = 3.675 J/m
2

 [4], 

giving confidence to our value.  

 

 
 

Figure 3: Valence electron density distribution perpendicular to a tungsten Σ5(310)[001] grain 

boundary (GB). Left: clean GB. Right: Oxygen segregated GB. Colours range from 0.0075 

(blue) to 0.18 (red) electrons/a.u.
3
 on a logarithmic scale. 

 

The results for the valence charge density of the clean and the oxygen segregated 

Σ5(310)[001] grain boundary are shown in figure 3. As to be expected, the clean grain 

boundary shows bonding with covalent character between the near sitting tungsten atoms. 

Depletion in valence charge is clearly observed in the open region of the boundary where 

impurities can be incorporated. Insertion of oxygen into this open area of the grain boundary 

leads not only to a change in valence charge in this area by the atom itself, but also to an 

additional depletion of electron density in vincinity of the tungsten atoms with shortest 

distance. This clearly influences the cohesion properties of the grain boundary. 
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The binding energy difference of an impurity in the free surface (FS) and grain boundary 

(GB) enviroments is very small with respect to the total energy. To obtain reliable binding 

energy differences, the FS and GB systems must be treated on equal footing and the atomic 

structures of the FS and GB should also be optimized with and without impurities. 

The strength of interaction between an impurity and FS or GB is represented by its binding 

energy [5], 

 

∆Es = E(FS) + E(O) − E(O/FS)  

∆Eb = E(GB) + E(O) − E(O/GB).      (2) 

 

The calculated binding energy for oxygen decreases from the free surface to the grain 

boundary. The thermodynamic theory of Rice and Wang [6] relates the change in the overall 

cohesive strength of a grain boundary to the binding energies of the GB and the free surfaces 

that would be formed by cleaving the GB, with and without impurity. The key quantity to be 

calculated is the Griffith work change or strengthening energy [5], 

 

∆EB = ∆Eb − ∆Es = -1.6 eV.     (3) 

 

The negative value [5] indicates an embrittlement of the Σ5(310)[001] tungsten grain 

boundary by oxygen and confirms our experimental findings.  

 

5. Conclusions 
 

A critical oxygen partial pressure-temperature range exists, where the oxygen adsorption 

reaches an amount below one monolayer and a protective tungsten-oxide structure is no more 

build up. Oxygen atoms available during a given dwell time on the surface diffuse into the 

volume. The oxygen impurity can cause embrittlement of W grain boundaries leading to 

intergranular fracture.  
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ABSTRACT

Metal foams promise to serve as better heat exchanger. They are of low weight which is one of

the general characteristics of foams. But what does this mean? Metal foams with their channel

systems of open pores can be used as a flow device or a fluid such as a PCM liquid can be

inserted into the open areas of the foam. The advantage of metal foams is that the porosity

builds a large surface which can be used to exchange heat. The total heat conductivity in the

structure strongly depends on the conductivity of the metal. If there is a phase change material

(PCM) inserted, heat is transferred by conduction from the thin metal structures to the PCM

until the melting point of the PCM is reached. A part of the transfered heat transfer is used to

melt the PCM. The result is that heat can be latently stored. For a wider usage of the advantages

in heat transfer and heat storage, there is a need for simulation tools validated by experiments.

Here we present a 3D simulation approach based on the phase-field method to analyse the

thermal conductivity in air-filled aluminum foams with different pore structures. The results

are compared with the thermal conductivity in massive aluminum and in pure air. The phase-

field method is capable to model both the microstructure of the metal foam and the evolution of

the heat.

1. Metal foams

Metal foams are materials with exceptional quantities: They evince extremely low density and

at the same time outstanding mechanical, electrical, thermal and acoustic properties. For these

reasons they are kindly regarded in machine tool building, machine construction, vehicle con-

struction, architecture and another sectors: sports goods, heat exchangers, energy attics, cat-

alytic converters, box radiators and so on.

However there are many difficulties in the use of aluminum foams, because of lacking sufficient

regulations for construction, lacking production- and process parameters as well as lacking sim-

ulation data. There are increased requirements for appropriate knowledge of material properties,

in particular of heat transfer and residual stresses for production and joining technologies, which

are related to the intricate strut morphology of the material. As an example for the structures

considered here, Figure 1 shows the photograph of a typical open pore aluminum foam.
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Figure 1: Image of an aluminum open cell foam with 10 ppi and with an aluminium share of

8.23 %.

Figure 2: Regular test structure: Simulation domain filled by close packed spheres

2. Generation of foam structures with different porosities

To simulate the heat transfer in metal foams, the first step is to generate a 3D open pore structure

in the interior of the computational domain. The strategy is to first consider regular and then

random arrangements of spheres and polyhedrons. An example of a regular tailored structure

is displayed in Fig. 2, which was created by close packing the space with slightly overlapping

spheres. Built on this procedure, additional initial simulation data will be prepared in future

work using experimental 2D micrographs to reconstruct real foam structures. For comparison,

melting and solidification processes occurring in the pore space medium can be modelled.

3. Phase Field Modeling of Heat Diffusion

Phase-field models provide very powerful methods for simulation applications exploiting the

complex mechanisms of microstructure formation and investigating the processing conditions

influenced by the specific microstructure of the material. Characteristic quantities of the mi-

crostructure, phase transformation processes, heat and mass diffusion can be taken into account,

[1]. Simulation studies enable the analysis of correlations of micro structure quantities, process

boundary conditions and material and mechanical properties among themselves.

The basic concept of the phase-field method is a partitioning of the simulation domain in sub-

domains - called phases- and a diffuse interface layer between the different distinct phases. A

phase contains specific properties such as the aggregate state, an initial temperature, a specific
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composition, a particular crystal orientation and possibly a residual stress. Two separate phases

differ from each other in at least one of these properties. The complete set of all phases is

described by the vector-valued order parameter

~φ(~x, t) = (φ1(~x, t), ..., φN(~x, t)). (1)

φα equals 1 in regions, where the phase α is present and φα = 0 where the phase α is absent.

An exception is the diffuse layer which surrounds the phase α. Here φα changes continuously

differentiably and monotone from 0 to 1. The simulation domain is allowed to contain fur-

thermore K different components, e.g. chemical elements and compounds, also referred to as

concentrations written as

~c(~x, t) = (c1(~x, t), ..., cK(~x, t)). (2)

Everywhere in the simulation domains, the following constraints have to be fulfilled

N
∑

α=1

φα = 1 and

K
∑

i=1

ci = 1. (3)

In a phase-field simulation, the entropy functional

S(e,~c, ~φ) =

∫

Ω

[

s(e,~c, ~φ) −
(

ǫa(~φ,▽~φ) +
1

ǫ
w(~φ)

)]

dx (4)

is to be maximized on the basis of classical irreversible thermodynamics. Following conserva-

tion laws for the internal energy e, the energy equation can be derived by means of variational

differentiation of the entropy functional. Applying the Gibbs relations, the evolution of the

temperature follows everywhere in simulation domain by the equation

e = f(~φ,~c, T ) + Ts(e,~c, ~φ) = f(~φ,~c, T ) − Tf,T (~φ,~c, T ), (5)

where e is the internal energy and the notation f,T denotes the derivative of the bulk free energy

density f(~φ,~c, T ) with respect to the temperature. The evolution equation for internal energy

is formulated as a balance law. The involved heat flux is derived from functional Eqn. (4) by

a linear relation of the respective thermodynamic driving forces ∇δS/δe and ∇δS/δci using

mobility (Onsager) coefficients Lij:

∂te = −∇ ·
(

L00∇
1

T
+

K
∑

j=1

L0j∇
(−µj

T

)

)

(6)

Heat transport by particle diffusion is neglected in here, hence the L0j coefficients are set to

0. The transport term taking heat transport by conduction into account is defined as L00 =

k(~φ)T 2, with a heat conductivity constructed as an interpolation of phase dependant values

k(~φ) =
∑N

α=1 kαφα. In the present application, the phase field ~φ is used just as a boundary

condition in the problem of heat transport in a heterogeneous medium, hence it is not evolved

in time. When studying heat transport under flow conditions, the partial derivative in Eqn. (6)

will be replaced by the material time derivative, ∂t → ∂t + ~v∇.

4. Results - Heat Propagation in aluminum foams

In simulation studies we investigate the heat propagation in air filled aluminum foams depend-

ing on the fineness of the open pore structure and compare the results with those obtained for
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the same total volume of pure aluminum or of pure air. Fig. 3 illustrate snapshots of the temper-

ature field within the foam at an intermediate state of the simulation for two different heat inputs

from the domain boundary, realized by Dirichlet boundary conditions for T = 600K (bottom)

and T = 600K (top). In the first simulation the heat is imposed from the bottom boundary of

the computational box, whereas in the second simulation the heat is symmetrically applied from

the bottom and top boundary layer.

Table 1: Simulation parameters:

grid size 100 × 100 × 100 grid cells

phys. size of domain 1cm3

initial temperature inside of the domain 300K
head conductivity of aluminum 2.422 · 106 J/(m3K)

head conductivity of air 1.297 · 103 J/(m3K)

boundary condition top 600K
boundary condition bottom 600K

Figure 3: Simulated temperature field (isothermal surfaces indicated) in an air filled aluminum

foam, heated at the bottom (left) and at the bottom and top (right).
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[3] Stefan Ströhla. Numerische und experimentelle Untersuchung des elastisch-plastischen

Verhaltens von Metallschäumen. PhD thesis, Düsseldorf, 2006.

358



��������	AB	��BBC��A�D�A�EFA����	����A��E�A�	�AA�	�A�F������	��	
B��	�F��E���

��	���A��	��	��AC�E	��	���	����	�C�C��

�����������	ABCDEA�FA��AE�ABE�A��FA��������B�DA�����D��A��
�������D����B� CA��A��!B�"EA

A#�D�$�%&�&"F'%�(&)�#�D�'E&#

*����������	ABCDEA�FA��AE�ABE�A���������B�D��A���++�D���A���
�������D����B� CA��A��!B�"EA

�D��&E��D&" � E�D#, � #&,D�D�DA� � &,��D"AF � ,� � C�E�"E� � ,��( � FD����D&" � ��A&B� � �BA�
A#+�&�AF � �& � ���F� � ��A � ���A-����A � F�"�#DE� � &� � +BD�#��DE � FD��&E��D&" � �&&+�
E&�B�A"D"� � .D�� � � � "&F�� � ��BAA-FD#A"�D&"�� � FD��&E��D&" � F�"�#DE� � E&FA � D" � �EE�
#A����' � �A����� � &� � &�B � FD��&E��D&" � E�D#, � �D#����D&"� � �BA � E&#+�BAF � .D�� � ��A�
E&�B�A"D"����A&B��FACA�&+AF�,��/DBE�"AB��%�B�&"���"F�	+AD���'�0��D���&�"F������D"�
��A�FD���A�+���A����A�F�"�#DE��&���&&+�E&�B�A"D"��D��.A���FA�EBD,AF�,����D����A&B�'�
�D��&E��D&"�F�"�#DE���D#����D&"��.D���,&�����DFA��"F�E�D#,��BA���A"�+BA�A"�AF'�
1D���FD��&E��D&"���DFA����A�BA����D"��E&�B�A"D"��&����A��&&+��D����.��������AB����"�
.D�� � &"�� � E�D#,� � F�A � �& � �&&+ � E&��A�EA"EA � E&"�B&��AF � ,� � ��A � FD��&E��D&" � ��DFA'�
�A+A"FD"��&"���A�D"D�D����D2A��FA"�D�����"F�FD��BD,��D&"�&����A�FD��&E��D&"��&&+�����
EB&��-&CAB��B&#���E&�B�A"D"��,��,��(�FD����D&"�A"��"EAF�,��B�BA��&&+�E&������D&"�
�& �� �E&�B�A"D"� �,� �,��( �FD����D&" ��"F �E&��A�EA"EA �F�A � �& �FD��&E��D&" ���DFA � D��
&,�ABCAF'�3�A�#&FA��&��/DBE�"AB��%�B�&"���"F�	+AD����BA#�D"��������D#D�D"��E��A�
�&B�����A#��.�ABA�FD��&E��D&"��E�"�"&����DFA'

359

hel
Schreibmaschinentext



Multiscale analysis of deformation and fracture in coated material under 

dynamic loading. Numerical simulation 
 

 

R.R. Balokhonov
1
, V.A. Romanova

1
 and S. Schmauder

2
 

 
1 
Institute of Strength Physics and Materials Science (ISPMS), SB RAS, Russia, 

rusy@ispms.tsc.ru 
2
 Institut für Materialprüfung, Werkstoffkunde und Festigkeitslehre, University of 

Stuttgart, Germany 

 

 

ABSTRACT 

 

Investigated in the paper is the deformation and fracture of the “steel substrate – boron 

coating” composite. A dynamic boundary-value problem in a plane strain formulation is 

solved numerically by the finite-difference method. To simulate the mechanical response of 

the steel substrate and boride coating use was made of a relaxation constitutive equation based 

on microscopic dislocation mechanisms and a fracture model taking into account types of 

local stress state. An introduction of a mesovolume with a boride hardened layer of a 

complicated geometry in an explicit form allows us to prescribe the length scales – scale 

hierarchy of inhomogeneities, whose characteristic sizes might differ by two orders of 

magnitude. A series of numerical experiments was conducted for varying strain rate of tension 

and compression. The local regions of bulk tension are shown to arise near the interfaces even 

under simple uniaxial compression of the composite that controls the mechanisms of fracture 

at the mesoscale. Computational analyses testify that: (i) the higher is the strain rate, the less 

intensive is the cracking of the coating, (ii) the macroscopic stress depends exponentially on the 

compression strain rate. 

 

 

1. Introduction 

 

Coating deposition technologies are widely used in civil engineering, gas-and-oil producing 

industry and agriculture for reconditioning machine parts and devices, and most of the 

constructional materials are the gradient and coated materials. Special attention is given for 

materials used in microelectronics, where an oxidation of surfaces results in multiple 

cracking, and different coatings can prolong lifetime of the elements. 

The main goal of the paper is to simulate the mechanical behavior of a “steel substrate–boron 

coating” composite under dynamic loading of different types: tension and compression, and to 

investigate deformation and fracture of the composite under different strain rates. 

 

 

2. Formulation of the problem 

 

A dynamic boundary-value problem in a plane strain formulation is solved numerically by the 

finite-difference method. 

Experimental evidence [1] shows that the diffusion borating deposition technique allows 

high-strength coatings to be produced with a needle-like, toothed shape of the “substrate–

coating” interface. Figure 1b shows the structure of a mesovolume with a coating, which was 

used in the calculations and corresponds to that observed in a real experiment (see Fig. 1a). In 

the case in question, where the interface has a needle-like profile and complicated geometry, 
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we might single out the following types of inhomogeneities at different scale levels and their 

respective characteristic sizes. In particular, proper boride needles, whose size is ∼50–100 ȝm 

(Fig. 1b), are independent stress concentrators. A quasiperiodic alternation of boride and steel 

needles results in formation of a peculiar stress-strained state at mesolevel II. 

 

 
Fig.1: Mesovolume of the composite under horizontal loading conditions and characteristic 

sizes of inhomogeneities at different scale levels: (a) experiment [1] and (b–d) simulation. 

 

The shape of individual needles, in its turn, is not perfect and exhibits fine structure at a lower 

scale level. Throughout the interface profile, there are convexities and concavities. The 

characteristic size of these inhomogeneities is 5–10 ȝm (Fig. 1c). The regions of ”intrusion” 

of ductile steel into a more brittle and strong boride material are sources of geometrical stress 

concentration at mesolevel I. 

The local fracture zone has a characteristic size of ∼1 ȝm (Fig. 1d) and controls stress 

concentration processes at the microlevel. The boride coating fails near the interface in the 

vicinity of regions C or A, depending on the external loading condition (tension or 

compression). The formation of fracture zones results in both localization of plastic 

deformation in the steel substrate exhibited as shear microbands and crack propagation in the 

hardened layer. 

Thus, an introduction of the structure of a mesovolume with a boride hardened layer of a 

complicated geometry in an explicit form allows one to prescribe the length scales – scale 

hierarchy of inhomogeneities, whose characteristic sizes might differ by two orders of 

magnitude: proper boride needles (100 ȝm) – mesolevel II, curvature of the material – coating 

interface (10 ȝm) – mesolevel I, and the local fracture zone (1 ȝm) – microlevel. 

To simulate the mechanical response of the steel substrate use was made of a relaxation 

constitutive equation based on microscopic dislocation mechanisms [2]: 
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ε&  is the plastic strain rate tensor, 

ij
S  – deviatoric stress tensor, 
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σ  and p

eq
ε – 

equivalent stress and plastic strain, p

r
ε&  is the reference value of the plastic strain rate, 0G  is 

the energy that a dislocation must have to overcome its short-range barrier solely by its 

thermal activation, σ~  is the stress above which the barrier is crossed by a dislocation without 

any assistance from thermal activation 0T – initial test temperature, 0ρ – material mass 

density, 
v

C – heat capacity. 

Let us define the athermal equilibrium part of the current stress as for the STE250 steel [2]: 
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where 
s

σ  and 0σ are the saturation and yield stresses, p

r
ε  is the reference value of plastic 

strain. 

To describe fracture of the boride coating use was made of Huber’s criterion modified to 

account for the difference in strength values of the tensile and compressive regions: 

⎩
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⎧

<
>

=
0,

0,

kkcom

kkten

eq
ifC

ifC

ε
ε

σ ,         (3) 

where 
com

C  and 
ten

C  are the values of the tensile and compressive strengths. 

 

 

4. Calculation results 

 

Figure 2 shows the distribution of the stress tensor components under external compressive 

loading for the cases of needle-like and plane “coating-substrate” interfaces. It is clearly seen 

that under uniaxial compression of a coated material with the plane interface along the ɏ-

direction, only the values of 
xx

σ  remain nonzero throughout the computational domain. In 

contrast, the serrated shape of the substrate–coating interface favors the development of a 

complex stressed state with nonzero values of the stress component 
yy

σ . 

 

Figure 2. Distribution of stress tensor components ( 210×  MPa) for needle-like (a) and plane 

“coating-substrate” interfaces (b) under compression of the mesovolume. 

 

Note that it is in the Y-direction that the material experiences both compressive and tensile 

stresses that in their absolute values are comparable to the values of external compressive 

loads. Thus, the regions of the steel substrate located between the boride teeth are subjected to 

compressive stresses while the teeth themselves experience tensile stresses. 

 
Figure 3. Distributions of the equivalent plastic strain (fractured regions in the coating are 

marked by black color) (a) and experimental mesoscopic section of a coating deposited on 

stainless steel after nanoindentation [3] (b). 

Tension
Tensile regions 

Compressive region  

Experiment 

0

0.005

0.01

0.015

0.02

0.025

0 

2 

1 

a) b) 

p

eq
ε , % 

Compression 

0

0.002

0.004

0.006

0.008

xx
σ  

-0

-8

-2

-4

-6

-0.004

-0.002

0

0.002

0.004

yy
σ  

4 

-4 

2 

0 

-2 

a) 

b) 

362



Thus, local tensile stresses develop in different places under external tension and 

compression. This fact is responsible for the difference in fracture processes under tension 

and compression (Fig.3). 

 
Figure 4. Distributions of equivalent stresses and equivalent plastic strains (fractured regions 

in the coating are marked by black color) for different strain rates of compression: (a) 
13103 −× s , (b) 13108 −× s , (c) 131024 −× s . Total strain – 0.37 %. 

 

The second conclusion is that the macroscopic strength under tension changes but only 

slightly with increasing strain rate, while both the total strain and homogenized stress of the 

fracture onset strongly depend on the value of the compression strain rate. The simulations 

testify that the higher the strain rate, the less intensive the cracking of the coating (Fig. 4) and, 

as a result, the higher the dynamic strength of the coated material. The explanation is the 

following. The value of stress concentration in C-type regions depends on the difference 

between mechanical properties of the steel and boron carbide ceramics. According to the 

model formulation the elastic stress of the boron material does not change but the current 

dynamic yield stress of the steel increases with increasing strain rate. Therefore, the stress 

difference at the “substrate-coating” interface and at a certain total strain decreases, and this 

decreasing arises only due a reduced plasticity of the steel substrate. In contrast to the external 

compression, the fracture of the coating under tension develops at the elastic stage of the steel 

substrate deformation. That is why the difference discussed does not change with increasing 

strain rate, and the macroscopic strength under tension changes but only slightly. 
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The abnormal growth that the grains of the Goss orientation experience during the 
thermal treatment of electrical steels is still one of the unsolved problems in 
materials science. Several investigations have been carried out with the purpose 
of elucidating this problem. However, there has been so far only marginal success 
since the physical causes of the phenomenon remain unidentified. Several 
hypotheses for the problem have been proposed, they can be basically grouped 
into: a) energy advantage and b) mobility advantage. The first suggested 
mechanism works under the assumption that the Goss grain and/or their grain 
boundaries have a more favorable energetic state than the grains of the matrix. 
The second mechanism suggests that the grain boundaries of Goss-grains are 
highly mobile and thus can consume faster the matrix. In the present contribution, 
we make use of a 2D network model to study different conditions under which 
abnormal grain growth is achieved. The purpose of this investigation is not only to 
explore the conditions that lead to abnormal grain growth but also to study those 
which are detrimental to it. The response of the simulations to grain boundary- 
energy and mobility, heating rate, texture, etc., was studied. From the simulation 
results, the most important parameters for the processing of these alloys were 
identified. For example, it was found that a high heating rate is strongly detrimental 
for the formation of the Goss-texture. The results of the simulations are compared 
with experimental results and data available in the literature. 
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ABSTRACT

The properties of porous media and composite materials depend strongly on the geometric dis-

tribution of the constituent materials. The GEODICT software permits to compute material

properties based on three-dimensional computer-tomography (CT) images or virtually created

structure models. In either case, the property is computed by solving a partial differential equa-

tion on the 3d mesh and postprocessing the solution. Thus, by varying the geometric param-

eters in the computer it is possible to design new porous media and composite materials with

improved properties.

1. Introduction

Improving an existing material to achieve better performance or lower production costs is a

challenge often encountered by material scientists. In case of porous materials, the “perfor-

mance” of the material is usually related to certain effective properties of the medium, e.g.

permeability, diffusivity or conductivity. Typical problems are e.g. to raise the conductivity of

the material without lowering the permeability too much or to achieve the same conductivity

with less material.

In order to achieve this goal, computer simulations can be useful. The basic idea behind them

is to create a model of a new porous material first in the computer, predict its properties numer-

ically and - by iterating this process - find a better material. The advantage of this process is

that it allows to analyze porous materials before actually producing them.

However, to make this virtual material design possible, three steps are necessary:

In the first step, the ability of the numerical algorithms to predict the effective properties of

the existing material has to be proved. To do so, a tomography image of the material is used.

Then, using the segmented (and probably noise filtered) image as voxel mesh, the effective

material properties like e.g. pore size distribution, diffusivity, permeability and conductivity are

determined numerically. These results are then compared to measurements performed on the

same material.

In the second step, the ability to produce realistic structure models virtually has to be shown.

For this purpose a representative structure model is created virtually (often by a random process)

using a small set of input parameters. For example, for fibrous structures these input parameters

are fibre diameter and cross sectional shape, fibre length, directional distribution (anisotropy)

and the porosity. It then has to be checked that the effective properties calculated for this model

are the same as those calculated for the tomography image before.

Only if those first two steps are successful, we can in a third step study new materials. Starting

point is the model created in step 2. Now, by changing the input parameters of the virtual model

generator, the effect of for example different fibre diameters or porosities can be studied.
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Figure 1: Examples of virtually created media, from left to right: fibrous gas diffusion layer,

sintered ceramics filter, twill dutch weave metal wire mesh.

So a software tool enabling virtual material design necessarily has to have the abilities to a)

import tomography images, b) create structure models virtually and c) determine the effective

material properties numerically. These abilities are combined in GEODICT
1 and are explained

in more detail in the following two chapters.

2. Virtually Created Structure Models

There are many different types of porous structures used in various fields of applications. Obvi-

ously, there are also many different approaches needed to create models of these structures. An

often used porous medium is a fibrous nonwoven and the method used to create the structure

model shows a very typical approach: the algorithm starts with an empty box into which fibres

are then placed randomly until the desired porosity is reached. Random placement means that

the actual fibre added is the result of a random process: the centre may be distributed uniformly

in space, the direction distribution may follow a prescribed anisotropy2, the fibre radius may

be Gaussian distributed. In this way, the resulting 3D model is a random realisation of the

underlying stochastic algorithm.

Similar approaches are used to model sintered materials. In this case spherical, rectangular

or multiangular particles are used instead of fibres. A different approach is needed for woven

structures3. Here, the structure is defined by the weave pattern and randomness may only enter

if perturbances of the weave are to be modeled or in case of multi-filament fibres. Additional

steps needed may be the addition of binder or adding different layers to form a composite

material.

Independent on the method of creation, GEODICT uses a rectangular voxel mesh as discretisa-

tion. This allows to apply the same numerical algorithms on tomography images and on virtu-

ally created structures, which simplifies the comparison between imaged real and constructed

virtual media.

3. Determination of Material Properties

Once the voxel mesh is created, the properties of the medium can be calculated numerically.

For this it is important, that the structure model is representative of the porous medium. Only

in this case, the properties are independent on the choice of cut-out imaged in the tomograph

or the random realisation of the virtually created medium. This requires the structure model to

be large enough to exhibit all characteristic features of the porous medium, which may demand

366



0.6 0.65 0.7 0.75 0.8
0

0.5

1

1.5

2

2.5

3
x 10

−11

Porosity

P
e
rm

e
a
b
ili

ty
 [
m

2
]

 

 

Measurement (tp)

Measurement (ip)

Simulation (tp)

Simulation (ip)

Figure 2: Left: tomography image of an uncompressed fuel cell gas diffusion layer. Right:

calculated permeability compared to measurements performed on the same layer. Measure-

ments were done under various levels of compression. The simulations were performed on

three tomography images taken at different compression levels. The chart shows the anisotropy

between in-plane (ip) and through-plane (tp) results and a good agreement between simulated

and measured values. See Becker et al4 for more details

models to have 5003 or even 10003 grid points.

Determinating the effective properties often requires to solve a partial differential equation. To

determine the permeability, the flow of the fluid through the medium has to be simulated, i.e.

Stokes’ equation

−µ∆u + ∇p = 0, div u = 0 (1)

has to be solved in the pore space. The resulting velocity field u allows to determine the average

velocity ū, which, together with Darcy’s law

ū = −κ

µ
∇p (2)

can be used to determine the permeability κ.

A similar approach can be used to determine the effective diffusivity. In this case the Laplace

equation has to be solved in the pore space and Fick’s first law is then used instead of Darcy’s

law to determine the diffusivity. Effective conductivity can be determined using the same ideas.

Solving (1) or other PDE’s on the aforementioned huge voxel meshes is on the one hand de-

manding, but on the other hand the simplicity of the voxel mesh allows to reduce the amount

of CPU time and memory extremely in comparison to more general finite element approaches.

Therefore, GEODICT uses solvers developed specifically for large voxel meshes (e.g. the FFF-

Stokes solver5 or the EJ-Heat solver6) and thus allows to find the solution in reasonable time.

4. Fields of Application

Porous materials appear as natural materials like soil, sand and rock, wood or cellulose fibres

and membranes. They also include artificially created media like fibrous filters, sintered ceram-

ics or woven meshes. Analysis of porous materials and virtual material design is therefore often

needed.
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GEODICT and the methods described in the previous chapters have successfully been applied

to a variety of problems. Gas diffusion layers of PEM fuel cells have been analyzed4,7 and

the results have been compared with measurements as shown in Fig 2. Furthermore, these

tools were applied to predict the properties of metal wire meshes3, to simulate the thermal

conductivity of wood fibre networks8 and of cast iron9.
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Diamond-like amorphous Carbon (DLC) with high fraction of sp3-bonding, or 
tetrahedral amorphous carbon (ta-C), has immense potential for use in Micro-
Electro-Mechanical-Systems (MEMS) because of its superior wear-resistant 
qualities and resistance to stiction. As DLC is biocompatible it also has the 
potential for use inside the human body for medical purposes. In this paper, the 
relaxation processes reducing the grown-in stress in tetrahedral amorphous 
carbon (ta-C) films during post-deposition annealing are studied at the atomic 
scale by molecular dynamics simulations with a modified Brenner’s interatomic 
potential. The initial as-deposited state of ta-C is modeled using dense amorphous 
networks generated by ion-beam deposition simulation and possessing the grown-
in stress of ~10 GPa [1-2]. During low-temperature annealing, energy and stress of 
the as-deposited ta-C are released with only minor changes in the short-range 
order. The corresponding rearrangements in the amorphous networks consist both 
in conversions from sp3 to sp2 and vice versa, however, without a reduction of the 
sp3 content. The stress decreases gradually with annealing temperature. A nearly 
complete stress relief in ta-C with density of 3.2 g/cm3 was simulated at ~1000 K, 
which is in agreement with experimental data. It is also found that at higher 
annealing temperatures even tensile stresses can occur, while the sp3 content 
exceeds 80%. The structural changes in ta-C indicate that as a result of the 
annealing the sp3 bonded atoms have lower volumes than upon pure elastic 
expansion of ta-C to the stress-free state, with the volume difference accounting 
for the high grown-in intrinsic stress in ta-C films. 

The annealing simulations show that at a lower density (2.9 g/cm3) of ta-C 
the structural relaxation can give rise to the 
formation of nano-composite structures (Figure 
1), consisting of sp2-bonded clusters embedded 
into the highly tetrahedral matrix. The influence 
of the thermal annealing on the mechanical 
properties of ta-C was also investigated. It was 
found that the carbon nano-composite 
possesses a higher elastic modulus than the as-
grown homogeneous ta-C. 
 
Figure 1. Simulated nano-composite of density 
2.9 g/cm3, consisting of sp2-bonded clusters 
embedded into the highly tetrahedral matrix. 
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Efforts aiming at improving the accuracy of the numerical predictions are now 
focusing on the modelling of microstructural phenomena that occur during the 
thermo-mechanical processing of metals and on the multi-scale coupling. The variety 
and complexity of these microstructural events render this modelling extremely 
challenging. Of course, the examples of such microstructural modelling could be 
multiply, but the essential steps of these microstructure scale approaches, in a FE 
context, are recurrent: the generation of a Representative Volume Element (RVE) of 
the considered microstructure, the generation of a finite element mesh adapted to 
this microstructure, the effect of the microstructure heterogeneities but also the 
topological evolution of this microstructure during the process and the improvement 
of macroscopic models resulting of this microscopic modelling. 
The basic ingredients of the general micro model for metals developed at CEMEF are 
described in [1-5]. In this work, a new level set framework is proposed. It is shown 
that the proposed formulation, associated to adaptive anisotropic automatic 
remeshing, is an efficient and accurate tool to aboard the different steps described 
previously for several microstructural phenomena such as the recrystallization for 
polycristal (see Fig. 1), the zener pinning for polycristal with inclusions (see Fig. 2) or 
the modelling of ductile damage coming from the stages of nucleation, growth and 
coalescence of micro-voids.  
�
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simulations. Modelling Simul. Mater. Sci. Eng. 17, 075012. 
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(a)  (b)  (c)  

(d)  (e)  (f)  

(g)  (h)  (i)                        

(j)  (k)  (l)  
Figure 1: A 3D ten grains microstructure after plastic deformation: (a) external 
surface view of stored energy; (b) anisotropic meshing in white, grain boundaries in 
black; external surface view of the stored energy for recrystallized volume fractions of 
(c) 1%, (d) 15%, (e) 58%, (f) 80%, (g) 95% and corresponding recrystallized front (h-
l). 
�

�

(a)  (b)  
Figure 2: Breaking effect, due to the presence of two spherical inclusions, on the 
growth of one spherical grain: (a) velocity magnitude on the grain surface (b) mesh 
on a cutting plane. 
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ABSTRACT 

 

The aim of this investigation was to evaluate the predictive power of texture models for 

deformation and recrystallization applied to the heat treatable 6016 aluminum alloy. The 

texture evolution during deformation was simulated with the GIA model, and the ReNuc / 

StaRT model was used to simulate the process of recrystallization. The models were 

evaluated by comparing experimental and simulated textures for a specific initial material 

condition and various processing conditions. The present study revealed that the texture 

evolution during deformation and recrystallization for this alloy can be well predicted for the 

chosen initial material condition. 

 

 

1. Introduction 

 

The heat-treatable Al-Mg-Si alloys are widely used for automotive applications, since 6xxx 

series alloys combine excellent formability, good surface appearance and high in-service 

strength. In order to optimize the formability, the crystallographic texture of the sheet plays an 

important role as it controls the plastic anisotropy. In particular, it is of importance to 

understand the formation of recrystallization textures in these alloys [1]. 

Since all processing steps may have an influence on the final recrystallization texture of the 

sheet, a Through Process Modeling (TPM) concept for modeling the texture evolution is 

needed to analyze distinctively different processing routes with respect to the main texture 

controlling processes, namely deformation and recrystallization. However, the models for 

deformation and recrystallization need to be evaluated for an exemplary processing route 

before the TPM concept can be applied to model complex processing chains for 6xxx series 

alloys. Such a virtual route may consist of only two consecutive processing steps: cold rolling 

and subsequent annealing. Thus, the development of recrystallization textures depending on 

the applied strain during deformation is of particular interest within this study and its accurate 

prediction would make a large step towards the application of the TPM concept for 6xxx 

series alloys in the future. Since the goal of this investigation is to evaluate the predictive 

power of the texture models for deformation and recrystallization, simulated textures are 

compared with experimental textures obtained for different amounts of cold rolling and 

subsequent annealing treatments. 

The texture evolution during cold rolling was simulated with the advanced texture model GIA 

[2]. In order to simulate the texture evolution during recrystallization, the underlying physical 

processes nucleation and growth of nuclei need to be considered. Thus, two different models 

named ReNuc and StaRT were applied to simulate the subsiding processes during 

recrystallization [2, 3]. 
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2. Modeling of Rolling Textures 

 

The texture evolution during deformation was simulated with an advanced Taylor-type model 

by taking the interaction between next-neighbour grains into account. The Grain InterAction 

(GIA) model describes the deformation behaviour of an eight-grain aggregate embedded in a 

homogeneous surrounding. The deformation of the whole aggregate is fully prescribed to 

avoid deformation incompatibilities with respect to the surrounding matrix. However, the 

individual grains may develop shears and thus, each grain is allowed to deform differently. 

Strain compatibility is regained through the application of opposite shears. The remaining 

misfit is accommodated by the introduction of geometrically necessary dislocations (GND) 

which is associated with an additional energy term. The amount of relaxation, the active slip 

systems and the amount of slip on them is determined by minimization of the total plastic 

work due to slip of eight grains plus the energy introduced by the GNDs [2]. 

 

 

3. Modeling of Recrystallization Textures 

 

The phenomenon of primary static recrystallization is based on two subsiding physical 

processes, the formation of nuclei and their growth into the deformed microstructure [4]. 

Thus, both processes are represented in a respective model to simulate the texture evolution 

during recrystallization on a physical basis. While the orientation distribution of nuclei is 

simulated with the Recrystallization Nucleation (ReNuc) model [2], the growth of nuclei is 

computed with the Statistical Recrystallization Texture (StaRT) model [3]. 

StaRT is a growth model which is discrete in time, but statistical in space. Hence, it has in 

principle the capability to produce real time kinetics for recrystallization and true 

recrystallized grain sizes. However, this investigation is concerned only with the texture 

evolution during recrystallization. In general, nucleation is assumed to be site saturated. After 

the nuclei orientations are determined with ReNuc, they are distributed in the deformation 

texture according to specific criteria. Then, the nuclei are allowed to grow into the deformed 

microstructure. Several growth modes are left free to change during growth in order to 

simulate a micro- and macro-growth selection. Finally, the impingement of growing grains 

will cease the growth of grains which is taken into account according to Avrami [5]. 

Nucleation is known to start at deformation inhomogeneities in the deformed microstructure. 

Since the GIA model reflects deformation inhomogeneities to a certain extent, it is a helpful 

tool to derive the orientation spectrum of potential nuclei from the deformation texture. 

ReNuc is the model that assembles the orientation distribution of nuclei from the priory 

simulated deformation texture. It evaluates physical quantities, i.e. the number of active glide 

systems per grain, to derive the orientation spectrum of potential nuclei. Therefore, ReNuc is 

linked with the deformation model GIA to answer the essential question which nucleation 

mechanism becomes active in each deformed grain. In the present model, three nucleation 

mechanisms are considered, namely nucleation at shear bands, transition band (TB) 

nucleation and grain boundary (GB) nucleation. It is to mention that the orientation spectrum 

of each nucleation mechanism is governed by at least one critical parameter. The critical 

parameters for the complete nuclei spectrum are usually obtained by fitting the simulated 

recrystallization texture to the experimental textures at one strain only. After the parameter set 

is determined, it is used to simulate recrystallization textures at all other strains. In this way, 

the existing models offer the possibility to model recrystallization textures (and nucleation 

textures) depending on the deformation history. 
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4. Simulation Results 

 

In this study, the initial material was a modified hot band of AA6016 in fully recrystallized 

condition. The recrystallized grain size was about 50µm. For comparison with experimental 

textures, the initial material was cold rolled on a laboratory rolling mill to a strain ε of 0.7, 1.5 

and 2.0. Thereafter, the samples were annealed to fully recrystallize the material according to 

a specific temperature-time-curve in an air circulating furnace. 

The texture evolution was simulated in strain steps of 0.025 up to the desired strain. The strict 

prescription of the plane strain state during rolling in the sheet center was slightly modified by 

allowing the individual components of the strain state to fluctuate randomly around the 

nominal plane strain state [6]. The dependency of the texture simulation on flow stress and 

work hardening was accounted for by using a generalized Voce law [7]. The corresponding 

Voce parameters were determined by compression tests. 

Fig. 1 summarizes the predictions of the modified GIA model for cold rolling applied to 

AA6016 represented in the form of rolling texture β-fibers and volume fractions for the 

typical rolling texture components, i.e. Cu-, S/R- and B-orientation. In general, the model 

predicts very realistic volume fractions for the typical rolling texture components (Fig. 1b). In 

contrast to experimental textures, orientations close to B are more pronounced in the 

simulated rolling textures (Fig. 1a). However, the evolution of volume fractions for the typical 

rolling texture components upon strain follows the right trend. The predicted reduction of the 

cube orientation during deformation upon strain is sligtly underestimated compared with 

experimental textures. 
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Figure 1. Simulation of rolling texture evolution as a function of strain ε: (a) 

maximum texture intensity along the β-fiber; (b) volume fractions of specific texture 

components depending on applied strain 
 
 
Fig. 2 summarizes the predicted evolution of recrystallization textures as a function of strain. 

The calculated volume fractions for different texture components were classified into three 

typical texture component groups, namely cube components, β-fiber components and all other 

components (including random orientations). Obviously, the evolution of volume fractions for 

the three typical texture component groups upon strain is represented fairly well by the ReNuc 

/ StaRT model (Fig. 2b). The important recrystallization texture components are predicted 

even with realistic intensity values (Fig. 2a). It is emphasized that the same set of ReNuc 

model parameters to determine the nuclei spectrum was used at all deformation degrees in this 

study. The StaRT model parameters were tuned to impose a strong growth selection on the 

nuclei spectrum, but they were, of course, not varied for different strains. 
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Figure 2. Simulation of recrystallization texture evolution as a function of strain ε: 

(a) ϕ2 = 0° sections; (b) volume fractions of three typical texture component groups 

 

 

5. Conclusion 

 

The deformation model GIA and the recrystallization model ReNuc / StaRT were used to 

simulate the texture evolution during deformation and recrystallization for different 

processing conditions, i.e. different degrees of deformation. The present study revealed that 

the texture evolution of AA6016 during processing can be well predicted for the chosen initial 

material condition. The dependency of the recrystallization textures on strain was calculated 

very accurately. However, other specific initial material states, i.e. unrecrystallized hot band, 

need to be tested before the TPM concept can be applied to AA6016 since the initial material 

state has a significant impact on the prediction of cube orientations within the ReNuc / StART 

model. 
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Iron-chromium alloys are the base for ferritic and ferritic/martensitic steels, which 
have a wide range of applications as structural materials in aggressive high 
temperature environments, such as gas turbines in conventional power plants, or 
key components in future nuclear reactors. The appearance of Cr-rich precipitates 
(Į' prime) after thermal ageing or irradiation is a typical feature of high-Cr 
ferritic/martensitic steels. Į' particles, obstructing the motion of dislocations, are 
long known to be the cause of hardening and embrittlement, observed in steels 
and Fe-Cr binary alloys.  
 In this work, we consider the interaction of a screw dislocation and edge 
dislocation with Cr precipitates in a bcc Fe matrix using molecular dynamics 
techniques. We apply two different interatomic potentials: (i) one that has been 
widely used in the past five years in the literature to study primary damage and 
point defect properties and (ii) another one specifically accounting for the 
properties of the screw dislocation in the Fe-Cr system as obtained from the first 
principles calculations. The interaction mechanisms revealed using both potentials 
are described in detail and compared. The results obtained for the screw 
dislocation suggest that two principally different interaction mechanisms may 
operate depending on the interatomic model applied, while the results for the edge 
dislocation are very similar.  
 To conclude, the impact of the Į-Į' separation on the change of the yield 
stress due to the pinning of dislocations by the Cr precipitates is discussed. 
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Microstructures first of all govern the strength properties of materials. 
Unidirectional fibers and channels structure provides high strength characteristics 

in a direction of fibers. Such materials are perspective for various areas of the 

industry and health. 

At deriving of such materials by hot pressing of a bundle of parallel fibers to 

various values of the relative density are gained the pore channels which cross-

sections with various shapes depending on the chosen technological regimes. At 

high homology temperature and minimum exterior pressure in the process of 

sintering of fibers the cross-sections of channels are roundish, in an extreme case, 

the circular shape are obtained. Pressing of a bundle of fibers at low homology 

temperatures leads to densification of the fibers cross-sections by plastic flow and 

formation the pore channels with cross-sections, similar to hypocycloids. At the 

minimum cohesion at the boundaries of fibers the process of pressing provides the 

pore channels with cross-sections of three- four-beam starlike flaws.  

Change of stress intensity factors (SIF) along front of main crack which 

crosses pore channels with cracks is in-process  observed.  The forms  of cross-

sections pore channels were circles, an equilateral triangle, a triangle with the 

concave parties and starlike three-beam cracks. Peaked cross-sections of pore 

channels contained cracks for which the modification local SIF also is observed, at 

intersection of these channels by a main crack. 

Problems of a linear fracture mechanics were solved by finite element method.  

It is shown that pore channels with peaked cross-sections provides to smaller 

magnification local SIF at the front a main crack, than pore channels with circular 

cross-sections. Besides, the front of main crack which is close to pore channels 

with peaked cross-sections, leads to local magnification SIF on fronts of the cracks 

passing through apexes of these cross-sections. This magnification SIF mode I 

leads to the debonding between fibers and to a bending of a plane of main crack 

growth near to boundaries of fibers. There is a destruction of the crack front of 

main crack on fragments that promote to bending of its front in a growth plane.  

The gained estimations of magnification local SIF on fronts of cracks pore 

channels at intersection by their main crack can be used for optimisation of crack 

resistance of boundaries between fibers. The observed mechanism of raise of 

resistance to fracture of materials with unidirectional fiber and channel structure 

brings the contribution to quasiviscous behaviour at failure. It shows one of ways 

of overcoming of friability of materials and is perspective for structural "viscous" 

ceramics, fatigue high-resistance metals etc.  
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The modeling of recrystallization textures is a crucial part of through-process 
simulation of aluminum sheet products. Various process and material parameters 
govern the kinetics of recrystallization (RX) in between rolling passes during 
exposure to elevated temperatures. Within a through-process modeling (TPM) 
scheme, proposed by the institutes IMM and IBF of RWTH Aachen University and 
Hydro Aluminium Deutschland, two different recrystallization texture models were 
compared: The StaRT model and the CORe model, both developed at IMM. The 
models differ in their approach to RX-texture modeling: StaRT uses a statistical 
method, whereas CORe is a cellular automaton. One outstanding CORe-feature is 
a detailed consideration of microchemistry evolution, mirrored in all effects 
controlling recrystallization kinetics, such as impurity drag, Zener drag, and 
recovery kinetics. So far, only the StaRT model had been used for TPM. Due to 
high calculation efforts and limited experimental foundation required for the 
validation of CORe, the latter model had not been implemented in TPM, yet. 
However, the possibility to include microchemistry and further improvements in RX 
modeling makes CORe attractive, especially for TPM. After extensive acceleration 
of CORe and experimental validation, CORe can now be utilized for TPM. In the 
present paper, results of the new TPM scheme with refined kinetics are compared 
to the previous approach for AA5182. 
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During thermo-mechanical processing, the strain energy stored in the microstucture of an

FCC polycrystalline aggregate is generally reduced by physical mechanisms which rely,

at least partially, on mechanisms such as dislocation cell or grain boundary motion which

occur during recovery,  recrystallisation or  grain  growth.   The aim of  this work is  to

develop  a constitutive  framework  capable  of  describing  the microstructural  evolution

driven  by  grain  boundary  curvature  and/or  stored  energy  during  recrystallisation  and

grain  growth.  As  recrystallisation  processes  depend  primarily  on  the  nature  of  the

microstructural  state,  an  accurate  prediction  of  such  phenomena  requires  that  the

microstructural  heterogeneities  which  develop  just  before  recrystallisation,  such  as

dislocation  cells  and  pile-ups,  shear  and  twin  bands,  be  properly  described.  The

microstructural characteristics present in a polycrystal aggregate at the onset of thermal

recrystallisation  are  first  reproduced  numerically.  The  constitutive  behaviour  of  each

grain  in  the  aggregate  is  described  using  a  non-local  dislocation  mechanics-based

crystallographic  formulation.  Different  measures  of  stored  internal  strain  energy  are

determined based on the dislocation density distribution in the aggregate.

The minimisation of stored and grain boundary energies provides the driving force for

grain boundary motion. To describe the interface motion, a phase field model taking into

account  the  stored  energy  distribution  is  formulated  and  implemented  within  the

continuum  framework.  A weak coupling between the grain boundary kinematics and the

crystal  plasticity  model  is  made  through  the  dislocation  densities  and  the  grain

orientations.  Furthermore,  the  parameters  of  the  free  energy  are  calibrated  based  on

published  Read-Shockley  boundary  energy  data.  To  validate  the  proposed  model,  a

polycrystalline aluminium aggregate is first cold deformed under plan strain conditions

and then annealed. The predicted recrystallised material volume fraction evolution was

found to  have  the  same  dependence  on  deformation  levels  and  temperature  as  those

reported in the literature. 
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Hexagonal closed packed (hcp) metals deform plastically via the simultaneous 

activation of several different deformation modes (i.e. twinning, slip). The relative 

contribution of each mode is directly related to the crystal’s intrinsic properties -such as the 

c/a ratio, the stacking fault energy on all slip and twin systems, etc- and to the loading 

conditions. As in the case of cubic crystals, interactions between slip systems, which 

translate into latent hardening or softening at the macroscopic scale, are of particular 

interest. Indeed, these slip system interactions control microstructure development- and in 

particular the magnitude and strength of strain gradients.  

Discrete dislocation dynamics simulations have been used with great success in 

cubic structures to predict junction formation and latent hardening parameters. A contrario 

HCP metals have been subject to much limited studies. The main limitations arise from (1) 

the elastic anisotropy of the crystal structure and, (2) from the multitude of junctions which 

can be formed. These critical issues are studied here.  

An adaptative meshing finite element based discrete dislocation dynamics 
simulations code is developed to investigate the role of elastic anisotropy junction 

formation and hardening in different hcp metals with different degrees of anisotropy.  The 
newly developed approach explicitly accounts for the transversely isotropic structure of 

hcp crystals. First, the study focuses on Mg, Zr, and Hf. The role of anisotropy is 
appreciated by comparing prismatic dislocation junction maps and stress strain response 

when solely pyramidal slip is active. Second, the model is used to predict all possible 

junction formation, and associated strength (“yield surface”) in Mg. In particular, all 

interactions between basal, prismatic and pyramidal dislocations are considered. 
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Magnetic materials are currently routinely engineered on the nanoscale in 

increasingly complex structures in order to provide improved functionality. This 

poses a serious challenge to the physical modelling of the materials and in 

developing the required new approaches to device design. The current 

experimental studies of ultrafast laser driven dynamics provide an additional 

challenge since these can involve heating the material through the Curie 

temperature in sub-picosecond timescales. In order to meet these challenges, 

increasingly sophisticated theoretical approaches are required. Ideally this starts 

with calculations at the electronic level in order to determine the important physical 

parameters (spin, anisotropy and exchange) from first principles. In order to 

extend these calculations to non-zero temperatures and larger numbers of atoms, 

atomistic spin models are required. We will start by outlining the techniques 

involved in developing physically realistic spin Hamiltonians from ab-initio 

calculations and then describe the physical basis of the dynamic atomistic model 

used to study ultrafast phase transitions. The atomistic model will be applied to an 

understanding of the underlying physics of ultrafast laser driven processes and 

also of Heat Assisted Magnetic Recording. We will also use the model to develop 

an explanation of the optomagnetic reversal mechanism in which the 

magnetisation is reversed using circularly polarized laser pulses. Finally we will 

describe the Landau-Lifshitz-Bloch equation, which has the important property that 

it does not conserve the norm of the magnetisation, which makes it an ideal 

candidate for use in mesoscopic (micromagnetic) models for use at ultrafast 

speeds and elevated temperatures.The construction of such a model will be 

described and some recent calculations reviewed. 
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We explore the formation and evolution of 

wall structures in deformed crystals. We 

model the dynamics of the Nye dislocation 

density tensor starting from a smooth 

random initial deformation, by choosing a 

local velocity to be in the direction of net 

Peach-Koehler force on the dislocations. If 

dislocations are allowed to climb, 

polycrystalline structures form with sharp 

grain boundary-like walls. If dislocation 

climb is forbidden, cellular structures 

emerge with self-similar fractal morphology 

– closely resembling the cell wall patterns 

observed in experiments. We suggest that 

the fundamental distinction between cell 

walls and grain boundaries is that the former 

are intrinsically branched in a characteristic 

fractal fashion. Our model exhibits realistic 

cell refinement under strain, with cell sizes 

decreasing and misorientations increasing 

as external strain is applied. We analyze 

our results in view of previous experimental 

studies of cell morphologies, both those 

which observed fractal structures and those 

that used scaling collapses suggesting a 

single scale for sizes and misorientations. 

Our simulations simultaneously show 

fractal structures and scaling collapses. We 

suggest that self-similar cellular structures 

are best studied using correlation functions, 

rather than artificially dividing them into 

distinct cells. 

 

See http://arxiv.org/abs/1001.5053  

Dislocation grain boundaries formed with climb 

Dislocation cell structures formed without climb 
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ABSTRACT

Many fcc and bcc metals subject to non-monotonic loading are known to exhibit different kinds

of anisotropic hardening. This is due to evolution of, and interaction in, the dislocation mi-

crostructure depending on loading type. One purpose of the current work is the investigation of

such evolution and interaction in single crystals as well as its effect on their hardening behavior.

This is the basis for the development of a single-crystal model which accounts for the effects

of a change in loading path on the critical shear stress for glide at the glide-system level. In

work in progress, this single crystal model is being embedded in a Taylor-based texture model

in order to examine the effects of such single crystal behavior on the behavior of the aggregate.

1. Microstructure development & stress-deformation behavior

The model development being pursued in this work is based on insight gained from experi-

mental investigations involving material testing and microstructural characterization. Consider

for example the results in Figure 1 for the interstitial-free steel DC06 (bcc). In this figure,
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Figure 1: Comparison of dislocation microstructure and loading path in DC06. See text for

details.

stress-deformation results are compared with TEM results (courtesy of the Institute of Mate-

rial Science, University of Hannover) for the deformation microstructure. The former (Figure

1, lower left) are based on material test results for monotonic simple shear loading as well as

orthogonal loading from plane-strain tension to shear [e.g., 1].

They are expressed in terms of the Cartesian shear component K12 of the Kirchhoff stress K

as a function of extension plus shear F22 − 1 + F12 in terms of the corresponding Cartesian
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components of the deformation gradient F for monotonic simple shear loading (MonShe) and

for orthogonal loading (plane-strain tension to shear: TenShe).

Consider first the case of monotonic simple shear. As shown by the TEM results at approx-

imately 65% deformation (Figure 1, upper right), a typical cell-block / cell-block-boundary

(CBB) dislocation microstructure develops in DC06 with dominant CBB orientation at about

45◦ to the rolling and shear directions. This is in agreement with previous work [2, 3]. In con-

trast, after about 10% monotonic tension in the rolling direction (Figure 1, lower right), dense

dislocation walls approximately parallel to tension direction (TD) are observed. After orthog-

onal change from this path to simple shear and 35 % shear deformation, a checkerboard-like

cell-wall dislocation microstructure (Figure 1, upper left) of almost square cell blocks bounded

by walls oriented in the tension (TD) shear (SD) directions is created. This is also in agreement

with previous work [2, 3].

As shown by the corresponding tension-shear stress-deformation curve, and as expected, cross

hardening occurs in the transition from tension to shear. In particular, this is indicated by the

increase in the yield stress above the monotonic shear level at 10 % extension. Such hardening

behavior has been successfully accounted for in yield-surface and yield-stress models as based

on the concept of evolving fourth-order structure tensors [1]. Physically, such hardening is

thought to be due to the interaction of existing dislocation structures with new glide systems

activated during an orthogonal loading-path change. These latter are in a sense latent during the

tension phase [e.g., 2]. The observed softening after the stress overshoot can be understood as

weakening of the planar persistent dislocations structures formed during pre-deformation [2].

2. Model formulation

As mentioned above, the modeling approach here is based in particular on the formulation of a

single-crystal model for anisotropic, and in particular cross, hardening. The focus of this short

work is the formulation and discussion of an initial simple single-crystal model for cross hard-

ening as based on that of [4]. In work in progress, this and related models are being incorporated

into Taylor-based texture modeling of the polycrystalline case.

The single-crystal model is formulated here in the context of continuum thermodynamics. As

usual, it is based on the multiplicative decomposition F = FEFP of the deformation gradient F

as well as the assumption of small elastic strain. Assuming dislocation glide as the sole source

of inelastic deformation, the usual form ḞP =
∑

a γ̇a sa ⊗ F T
P na of the flow rule is relevant

here in terms of the glide direction sa and glide-plane normal na. At the glide-system level, the

flow rule is given by the implicit thermodynamic form

0 = ∂γ̇a
ζ + ∂γ̇a

χ (1)

in terms of the stored energy rate density ζ and dissipation potential χ. Assuming dissipative

hardening alone, ζ reduces to the simple form

ζ = −
∑

a
τa γ̇a (2)

in terms of the Schmid stress τa = sa · Mna. Here, M ≈ CEEE represents the Mandel stress,

CE the elasticity tensor, and EE = 1
2
(F T

E FE −I ) the elastic Green strain tensor. For simplicity,

we work with the simple power-law form

χ =
1

1 + 1/m0

∑

a
τc a γ̇0 |γ̇a/γ̇0|1+1/m

0 (3)
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for the dissipation potential. In addition, τc a represents the critical Schmid stress for glide, γ̇0

is a characteristic slip rate, and m0 is the flow exponent.

The current model for τc a is motivated by that of [4]. In essence, this model transfers the

behavior of analogous phenomenological models with respect to loading direction and changes

in this direction [e.g., 1] to the glide-system level. It takes the form

τc a = τi + τd a + τl a . (4)

Here, τi is a common background self-hardening coming from all active glide-systems, τd a is

a “dynamic” contribution on all currently active system, and τl a is a “latent” contribution on

currently non-active systems. Since we are interested only in the qualitative hardening behavior

here, we follow [4] and work with the simple form

τi(αP) = τ0 + τII (1 − e−c
II

α
P) + τIII (1 − e−c

III
α

P) + τIV αP (5)

of τi(αP) as a function of αP. Here, αP is the total accumulated equivalent inelastic deformation

with α̇P =
∑

a |γ̇a|. Further, τ0 = τi(0) is the initial value of τi. In addition, cII and cIII

represent stage II and stage III saturation rates, respectively. Likewise, τII and τIII represent the

corresponding saturation values. Lastly, τIV is the contribution to τi from stage IV. Turning next

to τd a and τl a, these are modeled via the Voce saturation forms

τ̇d a = cd (τ sat
d a − τd a) α̇P (6)

and

τ̇l a = cl (τ
sat
l a − τl a) α̇P , (7)

respectively. As before, cd and cl represent the saturation rates. Further, τ sat
d a and τ sat

l a represent

the saturation values which are glide-system and loading-path dependent. Indeed, we have

τ sat
d a = qd τi if γ̇a �= 0, and τ sat

d a = 0 if γ̇a = 0). Likewise, τ sat
l a = 0 if γ̇a �= 0, and τ sat

l a = ql τi if

γ̇a = 0. Here, qd and ql are additional material parameters.

3. First application: Single-crystal AA3103

As a first application, consider the behavior of fcc single-crystal AA3103 subject to monotonic

simple shear and to orthogonal tension-shear loading. The goal here is to show that the above

model does indeed exhibit cross hardening. To this end, we work with the following parameter

values [4]. C11 = 106.6 GPa, C12 = 54.66 GPa, C44 = 26 GPa, γ̇0 = 0.001, m0 = 20.0, τ0

= 10 MPa, τII = 10.45 MPa, cII = 18.2, τIII = 14 MPa, cIII = 1, τIV = 2.5 MPa, ql = 0.6,

qd = 0.35, cl = 4, and cd = 100. Using these, we obtain the results shown in Figure 2. The

resulting stress-deformation curves are shown on the left for the cases of (i) monotonic simple

shear loading, and (ii) orthogonal loading (uniaxial tension to simple shear) of a single crystal

of AA3103. The [100] direction of the crystal is oriented in the tension direction, and [010] is

the shear direction. On the right-hand side, results are shown for the evolution of τi as well as

for τd a and τl a of a characteristic glide system in the orthogonal case.

As shown in Figure 2 (left), the model indeed predicts a stress overshoot upon change of load-

ing path from tension to shear in comparison to the monotonic case. As the exact mechanisms

of the formation of cells and cell-block-boundaries and the corresponding transient stress-strain

behavior are, at least, not fully understood, phenomenological modeling of the microstructural

evolution at different scales offers the means to capture the main characteristics of the material

behavior. The results shown in Figure 2 (right) for τd a and τl a are those for a single represen-

tative glide system which activates during the transition from tension to shear. As expected,
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Figure 2: Monotonic and orthogonal loading of AA3103 single-crystal. See text for details.

note that τd a is initially zero since the glide system in question is initial inactive and the corre-

sponding dislocation structures have not yet developed. After transition from tension to shear,

the glide system activates and τd a grows toward its saturation value. In contrast, τl a increases

when the glide system is inactive (i.e., in a latent fashion), representing the build-up of planar

dislocation structures in the tension phase which will lead to cross hardening upon orthogonal

transition to shear loading. After this transition, τl a reduces to zero during the active shear

phase. This represents the effect on the hardening behavior of the breakdown and annihilation

of planar dislocation structures (e.g., CBBs) which developed during the tension phase. As

such, the correct qualitative behavior of the model is confirmed. Such a model for the bcc case

of DC06 discussed in the last section as well as the polycrystal texture modeling represent work

in progress and will be reported on at the meeting.
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Thermal aging of iron chromium alloys is an important issue for the development 

of  generation  IV  structural  materials  as  well  as  for  duplex  stainless  steel 

components in current generation nuclear power plants.

Chromium  precipitation  in  the  ferritic  phase  is  observed  in  thermally  aged 

materials and has an embritteling effect on the alloy. The aim of this study is to 

model  the  microstructure  evolution  of  bcc  iron  chromium alloys  under  thermal 

aging using an atomistic kinetic Monte Carlo approach. Several studies related to 

this  issue  have already been performed,  most  of  them being  based  on semi-

empirical cohesive models. In this work, a kinetic Monte Carlo parameterisation 

based on ab initio predictions is proposed. In particular, the influence of the local 

ionic  environment  on  the  migration  barriers  has  been  taken  into  account.  In 

particular,  the  properties  of  Fe/Cr  interfaces  have  been  studied.  Results  are 

compared  to  those  obtained  using  a  semi  empirical  potential  based 

parameterisation and to available experimental data.
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ABSTRACT 

 

We use temporal statistics to model the source terms in the kinetic theory of dislocations by 

temporal coarse graining. Numerical results are obtained for the coarse graining time scale 

and cross-slip and junction rates.  

 

 

1. Introduction 

 

Statistical mechanics has been applied to model the collective behavior of dislocations [1-3]. 

A key question in this regard is how to account for the discrete dislocation events occurring 

over very short time scale in the continuum framework. To answer this question, we use 

temporal statistics to model the coarse graining time scale for the dislocation cross slip and 

short range reactions, from which the rate parameters of these discrete events are modelled. 

The latter is used to fix the source terms arising from cross slip and short range reactions in 

the kinetic theory of dislocations. Numerical results are obtained using temporal data 

generated using the method of dislocation dynamics simulations [4]. 

 

 

2. Theoretical and Numerical Analysis 

 

In the kinetic theory of dislocations [2, 3], the evolution of dislocation system is described by 

the governing equations of continuum dislocation density fields: 

 

      
SRCSM

SSSSt  ,/ v ,    M,...,2,1,,   

 

where M is the total number of slip systems,   is the ensemble average of  dislocation 

density  t,,
x , which is proportional to the probability of finding one dislocation at 

position x with orientation   on  -th slip system at time t, 
v  is the average dislocation 

velocity and 
S  is the source term capturing the dislocation density change due to dislocation 

multiplication, cross-slip and various short-range reactions. While the multiplication source 

term is governed by the kinematics of dislocation configuration [3, 5], here we will focus on 

the modelling of source terms corresponding to cross slip and junction reaction. Consider a 

cross slip from slip system  to  . Since it induces dislocation density change in these two 

slip systems, it gives rise to two cross-slip source terms with the form 

 

               1      and     1 .
CS CS

CS CS CS CS CS CS
S t R S t R 
                  

 
          

 

In Eqn. (2), 
CS


1  is the indicator function that equals to unity when 

CS
  and zero 

otherwise, where 
CS

  is a small angular range around screw dislocation direction 
CS

. The 

(1) 

(2) 
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derivative   t
CS

    is the rate of dislocation density change due to the cross slip, which 

depends on the screw dislocation density as well as the rate parameter 
CS

R  that characterizes 

the frequency of cross slip. In numerical simulation,   t
CS

    can be approximated by 

  T
CS
  , where T is the coarse grain time scale and   

CS
  is the cumulative cross slip 

density over the time interval T. The junction source terms can be modelled in the same way 

except that they depend on the product of dislocation densities. Assume dislocations on slip 

system  to   react to form junctions on slip system  , three source terms arise since these 

reactions induce dislocation density change in three slip systems: 

 

         

          


 







 











J J

J

ddRtS

dRtS

JJJ

JJJ

''''''

,''

 

 

 
J

S  has a form similar to  
J

S  by exchanging  and  . In Eqn. (3), 
J

  is the 

orientation range within which dislocation in slip system   is able to form junction with 

dislocation in slip system   with orientation  . 
J

  has similar meaning. The time 

derivatives in Eqn. (3) represents the dislocation density change due to junction reaction, and 

they depend on the corresponding rate parameters and the product of dislocation densities that 

contribute to the junction. Same as in cross-slip case, these derivatives can be approximated in 

numerical simulation by utilizing the coarse grain time T. The above formulation shows that  

fixing the source terms requires the coarse graining time scale and the rate parameters. The 

former can be obtained by treating cross slip and junction reaction as the discrete events in 

stochastic point process [6] or time series [7] analysis, see detailed modeling in [5]. Here we 

will briefly show the formulation in time series analysis. 

 

Consider a time series  
t

X  that represents the density of cross-slip or junction reaction at 

each discrete time. If  
t

X  is stationary, (i.e., its distribution is independent of time 

translation), its mean value   is a constant and its covariance   and correlation c is 

dependent only on the time difference between two events: 

 

             0,,     cXXEXE
ttt

 

 

where E(.) represents expectation value. From above correlation we may express the 

correlation time as the integral  

 

    


M

dcdcT
c




00
 

 

where 
M

  is a suitable upper integration limit. Since the correlation time is the time interval 

over which the statistical connection between events in a time series is maintained, it can be 

used to approximate the coarse grain time scale T. It is noted that Eqn. (4) and (5) are valid 

for stationary time series only, but the cross slip and junction density will increase as 

dislocation density increases, i.e., the original time series of cross slip and junction is not 

stationary. Thus, an appropriate stationarization method should be applied before using Eqn. 

(4) and (5) [5]. After that, the coarse graining time scale can be fixed by Eqn. (5) and then the 

rate parameters for cross-slip and junction reaction can be obtained from Eqn. (2) and (3). 

 

(3) 

(4) 

(5) 
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The microMega dislocation dynamics code [4] has been used to generate the dislocation 

configurations required for temporal statistical analysis in copper crystal loaded in [100] 

direction at room temperature. The slip systems of copper are of <110>{111} type, and eight 

of them are activated for the loading direction specified here. Three simulation conditions are 

implemented: (1) strain rate 125  s  and box size mL 5 , (2) 110  s  and mL 5 , and 

(3) 125  s  and mL 5.7 . The initial dislocation density is 212106.1 m  and 211107 m , 

for the 5 and 7.5 micron boxes, respectively.  

 

The output of simulation gives the densities of cross-slip and junction reaction at each slip 

system at each discrete time, which consists of multiple non-stationary time series. They are 

stationarized by subtracting the trend from them, and the resulting stationary time series are 

used to calculate the coarse graining time scale. It is found that the correlation time in cross-

slip is larger than its counterpart for junction reaction, and they are in the range of 0.02-

0.04 s , with nearly no dependence on simulation conditions [5]. Because of that, the coarse 

grain time scale is set to be 0.04 s  for later calculation of the rate parameters. Note that this 

time scale is much longer than the characteristic time for individual dislocation events, while 

much shorter than the macroscopic evolution time of dislocation system.  

 

Figure 1(a) shows the evolution of cross-slip rates in all the eight activated slip systems under 

the simulation condition (1). It is found that initially the cross-slip rates increase in an 

oscillatory fashion as time (or strain) increases. This indicates that although the thermal 

mechanism of cross-slip is independent of dislocation density, their collective behavior shows 

density dependence at the beginning. That is, as dislocation density increases, the internal 

stresses are developed to favor more cross-slip, making cross-slip occur more frequently. The 

oscillation of rate reflects the inhomogeneity of dislocation density and internal stress fields. 

Figure 1(a) also shows that at high strain level, cross-slip rates tends to approach an 

asymptotic window, which indicates the growth of cross-slip rate will be balanced by the 

constraining of cross-slip due to the increase of line tension of dislocations. The cross-slip 

rates under other simulation conditions show similar features. Figure 1b gives a typical rate 

evolution of a glissile junction reaction, which shows that strong fluctuation appears as 

junction rates develop. It seems that the junction rate can be decomposed into two parts: a 

slowly growing background component plus a strong fluctuation. The former can be 

associated to the work hardening rate of crystals and the latter is an apparent indication of the 

intermittent nature of plastic flow. It is interesting to compare the junction rate evolution with 

the previous investigation on dislocation avalanches [8, 9]. The former corresponds to the 

locking of moving dislocations, while the latter is associated to the dislocation unlocking, so 

they are coupled dislocation processes with opposite features. As the probability distribution 

of avalanches magnitude is given in [8, 9], here we plot the probability distribution of 

junction rates, see Figure 1c. It is found that, same as dislocation avalanches, junction rates 

also exhibit power law scaling in the form k
RRp

~)( , with the power coefficient k in the 

range 1.5-2.5. The fluctuation and power law scaling of junction rate is nearly independent of 

simulation conditions [5].   

 

 

3. Concluding Remarks 

 

A temporal statistics method has been applied to model the source terms arising from the 

cross-slip and short-range reactions of dislocations within the kinetic theory framework. The 

coarse graining time scale is approximated from the time series analysis, and the rate 

parameters of cross-slip and junction formation are determined by temporal coarse graining of 

these discrete events. The numerical results show that both cross-slip and junction rates 
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exhibit fluctuation during their evolution. Cross-slip rates tend to increase initially and 

approach a plateau at high strain level, and junction rates have power law scaling in their 

probability distribution. These features reflect important physics of collective dislocation 

motion and help to model the corresponding source terms. Work is underway to investigate 

the effects of temperature and loading conditions on the temporal statistics and incorporate it 

into the kinetic theory of 3D dislocation systems. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 1. (a) Evolution of cross-slip rates for active slip systems. (b) Rates for junction 

reaction       111]011[111]101[111101   and (c) their probability distribution. 
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The porous media characterization is indeed a very interesting problem for 
scientific and technological purposes, as its macroscopic properties determination 
have many applications in different areas, as soils, oil exploiting, buildings and 
mechanics. 
Among the porous media been subjected to several studies, there are the 
reservoir rocks. Its porous microstructures geometries can present a high 
complexity organization and, consequently, several geometric and physical 
properties can be use to characterize these materials. We can mention the 
porosity, the pore size distribution and the permeability, usually obtained in 
laboratory experiments. For reservoir rocks these experiments are accomplished 
in testimonies extracted from the soil. They are often expensive, time consuming 
and sample destructive. 
On the other hand, advanced techniques such as microtomography and serial 
sectioning provide a 3D description of the pore structures of rocks. Image analysis 
methods used over pictures of highly polished surfaces of porous materials taken 
with an electron scanning microscope or optical microscope have been used to 
describe porous structure. One of the most useful results of image analysis in the 
study of porous structure is the three-dimensional (3D) reconstruction of porous 
structure. The general objective of a three dimensional reconstruction is to mimic 
the geometry of real media, enabling the creation of numerical realizations of the 
sample with the desired geometric properties. This method has been applied to 
the prediction of important petrophysical and reservoir engineering properties such 
as permeability and formation factor with reasonable success.  
The classical reconstruction method is the onset of the ones based in Gaussian 
Fields (TG) and its variations. It preserves a previously obtained autocorrelation 
function of the microstructure and generates a 3D image. The TG method 
presents problems in preserving connectivity. This happens because the two-order 
statistics reproduction is not sufficient to reproduce long-range geometry or 
patterns with characteristic shapes (e.g., pore spaces) for some cases, such as 
media with low porosity. 
Another reconstruction methods preserving a different parameter, the pore size 
distribution, is the superposed spheres (SS). The method calculates the number of 
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spheres in order to reconstruct a given porous media, saving it’s the porosity. 
Each sphere will superpose neighboring spheres according to a user-defined 
parameter. This method presents good results for connectivity, although it does 
not preserves the autocorrelation function. 
The Simulated Annealing technique has been previously used to reconstruct 
porous media with relative success by several authors. These authors were able 
to reproduce sandstone rocks geometrical parameters and some connectivity for 
two-dimensional (2D) and 3D media, although, some authors remark that this last 
parameter wasn’t well preserved in comparison with images obtained by X-ray 
microtomographic. 
The Figure 1 shows an original reservoir rock microstructure image and its 
correspondent pore space binarized image. 

     
(a)       (b) 

Figure1: Original reservoir rock microstructure image and its correspondent pore 
space binarized image. 

 
The Figure 2 shows a pore space reconstruction using the Simulated Annealing 
technique presented at this research. This reconstruction reproduced the spatial 
correlation measured at the Figure 1(a). 

 
Figure 2: Sandstone microstructure image reconstructed using the Simulated 

Annealing technique proposed at this research. 
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The objective of this research is to present a technique for the porous media 
reconstruction in 3D using object-based and pixel-based simulated annealing 
methods. The main focus in the method is to preserve the connectivity and yet 
uphold desired geometrical parameters.  
The results will be compared with the truncated Gaussian method, which is the 
most used for this purpose and with some samples’ X-ray microtomographies 
obtained using a SKYSCAN 1172 X-Ray microtomograph equipment. The 
comparison method will be measuring the quadratic error to the autocorrelation 
function, pore-size distribution and fraction of percolating cells measured in 
previously acquired 3D microtomographic images. 
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The paper deals with the concept of optimizing of mechanical properties of 
nanometals, which are controlled by the properties of the grain boundaries (GBs). 
The model developed in this study takes into account stochastic nature of the 
population of the grain boundaries in metals and variability of their properties. The 
properties of grain boundaries, in particular Young modulus, were calculated 
by ab initio methods. 
 
The results of atomic modeling were implemented into meso-scale Finite Element 
Method (FEM) model, in order to calculate the response of the polycrystalline 
aggregate to the applied load. Non-zero grain boundary thickness was assumed to 
account for nano-metric size of the grain interiors. Various aggregates were 
studied which differed, among others, in the grain size homogeneity described 
by the coefficient of variation of the grain equivalent diameter.  
 
The results show that grain boundary properties and grain size homogeneity play 
an important role in shaping the properties of nanometals. These results are 
further used to indicate the rules for optimizing the structure/properties 
of nanometals. 
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The influence of reduced size on various physical and mechanical properties of 
materials is a much debated subject. We are particularly interested in the elastic 
behaviour of metallic thin films. For a few years, we have been performing 
atomistic simulations using Finnis-Sinclair-type potentials and relaxation by means 
of molecular dynamics and molecular statics techniques in order to calculate 
elastic coefficients in nanosized systems. The first calculations concerning single-
crystal tungsten wires and slabs have evidenced a strong surface effect on the 
equilibrium lattice parameter with appearance of anisotropy, and a significant 
softening of the Young’s modulus when the crystal size is reduced [1].  
 
The studies presented here deal with nanocrystalline tungsten. Bulk polycrystalline 
samples with grain sizes ranging from 3 to 8 nm and various microstructures were 
built by means of a Voronoi method and relaxed with molecular dynamics methods 
(XMD and LAMMPS codes). The bulk modulus, shear modulus, Young’s modulus 
and Poisson’s ratio were then determined thanks to suitable deformation tests. A 
moderate but significant decrease of the bulk modulus is observed as the grain 
size decreases (up to -25% compared to bulk single crystal for a 3 nm average 
grain size) while a very strong reduction of the shear and Young’s moduli (up to 
60%) is observed. This stiffness variation can be explained by the high grain 
boundary volume fraction in nanocrystallised samples, grain boundary regions 
having a lower stiffness than in-grain parts of the crystal. 
 
 
[1] P. Villain., P. Beauchamp, F. Badawi, P. Goudeau, P.-O. Renault P., Scripta 
Mater. 50 (2004) 1247  
 
 

398



Calculation of the Peierls stress from atomistic simulations for bcc tungsten:

screw vs. edge dislocations

Authors: B. Eberhard, J. Almanstötter

OSRAM GmbH, I OSR R&D TM DM-E, Mittelstetter Weg 2, 86830 Schwabmünchen,

Germany, b.eberhard@osram.de, j.almanstoetter@osram.de

ABSTRACT

For bcc metals, it is commonly assumed, that the mobility of screw dislocations is significantly

lower than that of edge dislocations and, therefore, should control the low temperature plastic

deformation behaviour. The mobility of dislocations depends on their Peierls energy barrier,

defined as the activation energy required to move a dislocation in an otherwise perfect crystal.

This connection between atomistic features and the overall mechanical behaviour makes a more

detailed investigation of the atomistic system necessary. Also, the violation of Schmid’s Law,

stating that the critical resolved shear stress is constant and independent of the slip system and

the external stress, is an important ingredient for the construction of macroscopic flow rules

of the material, suitable e.g. for finite element calculations. In present work, these effects are

studied for 1/2a 〈111〉 screw and edge dislocations in tungsten. To this end, we constructed dis-

locations using elasticity theory in partially periodic simulation cells. After relaxation within

a NPT-MD simulation, we applied an external shear stress to the system in order to force the

dislocations to move at low simulation temperatures. The Peierls energy barriers and the corre-

sponding Peierls stresses are derived.

1. Introduction

For artificial lighting, most often temperature radiation according to Planck’s law
1 is used.

The spectral emissivity of tungsten shows its maximum in the visible region, i.e. wavelengths

between about 400nm and 800nm. This makes tungsten a candidate of choice for its use as

electrodes in lighting industry as this means, that the theoretical efficacy of tungsten is even

superior to a black body radiator. Of course, mechanical stability at these high temperatures

where the radiated “light output” is not negligible has to be guaranteed, also. That’s why for

incandescent lamps the melting point of any material used must not be exceeded or only be

reached in “real” lamps for daily use. Tungsten is the metal with the highest melting point and

lowest evaporation rate and vapor pressure at a given temperature in the periodic table. In this

work, we address the plastic properties of pure and Th-doped tungsten. For this, we employ ab

initio derived embedded atom potentials (EAM) within a NPT-MD approach to edge and screw

dislocations with and without Th in the core and derive the Peierls stress by suitably chosen

driving forces.

2. Methodology and Simulation Cell

For the following, we performed Molecular Dynamics simulations, where atom trajectories are

calculated by integrating Newton’s equation of motion
3). The force field was constructed using

embedded atom (EAM) potentials which are derived from ab initio data of pure and artificial

tungsten - thorium compounds2. These data are used for fitting the following interaction scheme
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(EAM):

Etot :=
1

2

∑

i,j
i6=j

φtitj (rij) +
∑

j

Ftj (ρ̄i) and ρ̄i :=
∑

j
i6=j

ρti(rij) (1)

where Ftj (ρ̄i) denotes the embedding energy of atom type ti, ρ̄i the “electron density” from

the environment at atom site i , φtitj (rij) the pair potential contribution and, finally, ρti(rij) the

individual “electron density” contribution of atom type ti.

3. Simulation for single Edge/Screw Dislocations

A single edge or screw dislocation (b ∝ 〈111〉) in a simulation cell of approximately 50000

atoms was constructed. The cell orientation was:

• edge dislocation (s.4): x: [111], y: [110], z: [112]

• screw dislocation: x: [110], y: [112], z: [111]

The initial atomic configuration was calculated using linear elasticity and with following bound-

ary conditions:

• edge dislocation:

periodic in [112], free in [111], constrained to the plane (11̄0)

• screw dislocation:

periodic in [111], fixed for a cylindrical shell around the dislocation axis

Properly chosen atoms at the edge of the simulation cell were kept fixed, i.e. no equation of

motion was solved for those atoms in order to ensure appropriate stress fields. The simulation

cell was relaxed for about 5ps at intermediate temperatures (100K) and quenched afterwards,

i.e. the kinetic energy of the assembly was removed. For relaxing the structures, a combined

stochastic temperature and pressure algorithm was used. The resulting structures served as

starting point for further simulations.

4. Peierls vs. pseudo-Peierls mechanism

For the motion of screw dislocations influenced by mechanical stress in bcc metals, two con-

cepts are controversially discussed: the pseudo-Peierls and the Peierls mechanism. Their key

attributes are:

• pseudo-Peierls mechanism:

– Dissociation of screw dislocation forms stacking faults (Burgers vector 1/6 〈111〉)
on threefold-symmetric {112} planes

– Constriction energy of partials necessary for dislocation glide

– Violation of Schmid’s law by symmetry considerations

• Peierls mechanism:
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– Atoms in neighboring triangular 〈111〉 columns form spiral configurations with al-

ternating winding direction

– Superposition of the strain field of a screw dislocation results in likewise strained

atomic positions

– two competing positions for the screw dislocation are known. They differ about 6%

in the interatomic distances, resulting in a high and low energy core

Therefore, the bcc lattice shows successive minimum energy positions for the screw dislocation

and Peierls barriers between them. This should result in a conventional Peierls mechanism.

5. Stacking Fault Energy (SFE): The γ surface

A hint towards which mechanism (pseudo-Peierls or Peierls) is favored in tungsten, is given

by the stacking fault energy. Here, the (relaxed) γ surface was calculated for the (112) plane

according to the following procedure:

• The simulation cell was oriented as for the screw dislocation, periodic boundary condi-

tions in x and z direction and a Langevin pressure algorithm in y direction were applied

• After relaxing the undisturbed cell, the cell was divided into two parts in y direction

(normal to (112) plane), the two parts were shifted relative to each other

• The atoms were allowed to relax in y direction only

The results show very high energy densities (up to 0.30eV/Å
2
), with a corresponding SFE of

about 0.23eV/Å
2
, so that a formation of a stacking fault on (112) is very unlikely. Therewith,

no splitting of a screw into partials should be possible, i.e. there is no working Sleeswyk reaction

in tungsten. (eV/�A2)
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[1�10] (�A)
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Figure 1: calculated gamma surface for the (112) plane

6. Peierls stress of the first kind: edge

To determine the Peierls stress of the first kind for the edge dislocation, we used the relaxed

structure as described above and fixed the outer layers in [110] direction. In a subsequent step,
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we applied the following pure shear strain:

ǫij ∝ (δ1iδ2j + δ2iδ1j) (2)

According to linear theory of elasticity, the elastic constant in the chosen coordinate system is

given by c1212 = e
2 ǫ2

with energy density e. For the thoriated tungsten, we substituted a W-

atom with a Th-atom in-midst the dislocation core. Successively straining the lattice results in

a energy vs. strain curve which, when fitted, gives c1212 = 119GPa for the thoriated situation

and a corresponding Peierls stress of σt
P = 1.2GPa. Assuming that the elastic constants remain

unaffected for pure tungsten we use c1212 also for the calculation of the Peierls stress (σP =

69MPa). The huge difference in the critical shear stress between thoriated and pure tungsten

shows once again the strong tendency of thorium to enhance the recrystallization temperature.

7. Peierls stress of the first kind: screw

To determine the Peierls stress of the first kind for the screw dislocation, we applied a proce-

dure analog to the one used for the edge dislocation, i.e. fixing the outer layers and straining as

already described. This time, the elastic constant used in the chosen coordinate system is c2323.

Fitting of the energy density vs. strain curve gives c2323 = 153GPa. The corresponding Peierls

stress for pure and thoriated tungsten is calculated to σp
P = 2.2GPa and σt

P = 2.5GPa, respec-

tively, for deformation in positive [11̄0] direction. The influence of Th atoms on the dislocation

line is by far smaller for screw compared to edge dislocations. The deformation in negative

[11̄0] direction shows a slight asymmetry (s. Fig. 2) which is a consequence of the threefold

symmetry of the stress field of a screw dislocation, and, therefore, shows a clear violation of

Schmid’s law. Furthermore, it could be shown, that the threefold symmetry of the the strain

field is clearly destroyed before the dislocation relaxes in a new (stable) position.

0 0.001 0.002 0.003 0.004 0.005
deformation ε

0.0

1.0

2.0

3.0

4.0

en
er

g
y
 d

en
si

ty
 /

 (
1
0

-5
eV

/Å
3
)

-0.004 -0.002 0.000 0.002 0.004
deformation ε

0.0

1.0

2.0

3.0

4.0

en
er

g
y
 d

en
si

ty
 /

 (
1
0

-5
eV

/Å
3
)

Figure 2: energy density vs.deformation for a screw dislocation in thoriated (left) and pure

tungsten (right)
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Miniature bend samples of commercially pure alpha-Ti (hexagonal) were deformed 
to surface tensile strains between 0.02 and 0.15.  Selected patches of the 
microstructure were followed through deformation.  Surface and out-of-surface 
displacements, crystal orientation, and slip and twin system activity were 
determined by a combination of atomic force microscopy, electron backscatter 
diffraction, electron channeling contrast imaging and digital image correlation.  
Deformation of representations of the oligocrystalline patches, with an assumed 
columnar grain structure, was simulated under macroscopic boundary conditions 
using the crystal plasticity finite element method.  Two types of constitutive laws, 
based on slip resistance and dislocation density, are validated against the 
experimental reference. 
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We present results of molecular dynamics simulations studying the 
temperature dependence of the structure and mechanical response to an applied 
shear stress for an asymmetric !11-tilt grain boundary in copper.  At higher 

temperatures a disordered liquid-like layer forms at the grain boundary and 
becomes wider in width as the melting temperature is approached from below.  
Upon application of shear stress the boundary undergoes incremental normal 
displacement also known as coupled motion at low temperatures.  This behavior 
is analyzed to determine the atomic mechanisms involved in the of the grain 
boundary.  With increasing temperature, and associated disordering of the 
interface structure, the mechanical response switches to that of grain-boundary 
sliding at the highest temperatures, with more complex behavior being displayed 
at intermediate temperatures. The information about atomistic mechanisms and 
migration rates involved in grain boundary migration are important components 
for any multi scale model of microstructure evolution.  
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The simulation of cold forming processes of metal sheets becomes fairly complex 
if the anisotropy of plastic properties is taken into account. The crystallographic 
texture of a sheet determines to a large extent the anisotropic behavior. At the 
same time, textures evolve due to plastic deformations. Since the history of 
straining in the neighboring regions of the deformed sheet is possibly diverse, one 
can also expect variations in the evolution of the texture. This entails 
heterogeneous distribution of the texture in the material, as well as inhomogeneity 
of the plastic anisotropy. To account for this evolution, the model has to span 
several length scales, from the rotations of individual grains in the polycrystalline 
material, up to the macroscopic deformation of the sheet. 
In this work we present a multiscale model which takes into account 
aforementioned aspects of texture development during a cup drawing process. 
The macroscale part uses an elastic-plastic Finite Element model with an 
analytical constitutive law describing the yield locus. The local crystallographic 
texture is considered as a state variable in the FE integration points. A discrete 
form of the Orientation Distribution Function is used. The analytical approximation 
of the yield locus is constructed using multiple evaluations of a virtual experiment, 
conducted by means of the micromechanical polycrystalline plasticity ALAMEL 
model [1]. The same microscale model is utilized to predict the texture evolution in 
the FE integration points. The paper discusses various strategies that are applied 
to rebuild the approximation of the yield locus when the state variable describing 
the crystallographic texture has sufficiently changed. Variation of the plastic 
anisotropy due to different deformation path is analyzed. The influence of the 
deformation textures on the predictions of the planar anisotropy is evaluated. 
 
References 
[1] P. Van Houtte, S. Li, M. Seefeldt, L. Delannay, Int. J. Plast., 21, 2005, 589-624 

405



Strain gradient crystal plasticity for miniaturization and 
microstructures with interfaces 

M.G.D. Geers1, I. Ertürk2, P.R.M. van Beers1, G.J. McShane2,  
J.A.W. van Dommelen1, V.G. Kouznetsova1, V.S. Deshpande2 

 
1Department of Mechanical Engineering, Eindhoven University of Technology,  

P.O. Box 513, 5600 MB Eindhoven, The Netherlands 
2University of Cambridge, Engineering Department, UK 

e-mail: m.g.d.geers@tue.nl 

 

 

The functionality of metal-based micro- and nanosystems strongly depends on the 
interplay between device dimensions and microstructural length scales. This 
critical interplay between dimensional and microstructural length scales triggers 
several distinct size effects, which tend to have a dominating contribution at 
particular component sizes. Using a simple classification of different size effects, 
related to different underlying physical mechanisms in the crystalline 
microstructure, this paper concentrates on the critical role of strain gradient 
enrichments in crystal plasticity.   
 
This paper will focus on a number of important aspects of strain gradient crystal 
plasticity models, for which two apparently different models presented in the 
literature are taken as a reference: 
 Thermo-dynamical aspects: Gurtin proposed a thermodynamically consistent 

theory of strain gradient crystal plasticity, which is well known in the literature.  
Interestingly, this framework is shown to be intrinsically dual to the physically 
based theory of Evers et al. This duality is briefly addressed, with a particular 
emphasis on the improved understanding gained on the role and structure of 
the free energy and the boundary conditions to be used. 

 Physical aspects: discrete short-range interactions between dislocations have to 
be accounted for in the free energy. The convex and non-convex nature of the 
free energy is discussed for multi-slip dislocation interactions. Particular 
attention is given to the discrete-continuum transition, whereby the underlying 
discreteness of the dislocations is to be preserved properly in the continuum 
equivalent. 

 Modelling aspects and required extensions to handle grain and phase 
boundaries: Standard boundary conditions and interface elements are not 
appropriate to handle grain boundaries. To remedy this, key aspects of an 
interface model are presented, which are intrinsically coupled to the underlying 
strain gradient plasticity framework. 
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The effect of the stress field of dislocations on carbon diffusion in 
BCC iron has been investigated by means of a model that brings 
together continuum and atomistic scale approaches. Anisotropic 
elasticity theory, where the material is described as a continuum 
medium, has been used to introduce either an edge or a screw 
dislocation inside an otherwise perfect simulation box, and also to 
calculate interaction energies between the point defect (carbon) and 
the line defect far from the dislocation core. Going down to the atomic 
scale, in the vicinity of the dislocation core, local energy minima and 
saddle point energies have been obtained by molecular statics employing 
a recently developed embedded atom method (EAM) potential. Using 
information gathered from anisotropic elasticity theory and molecular 
statics, on-lattice AKMC simulations have been then performed for 
temperatures in the 300--600 K range, so as to study the behaviour of a 
diffusing carbon atom as it interacts with the dislocation stress 
field. The present model offers an atomistic view of the early stage of 
carbon segregation to dislocations during the static ageing process, 
opening a route for further investigation on the formation of carbon 
Cottrell atmospheres in iron. 
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ABSTRACT 

 

This work presents a finite element (FE) analysis of the indentation size effect (ISE) 

experimentally observed in tests performed at submicron scale. A 3D model of a conical rigid 

surface indenting on a Nb single crystal at different depths has been developed. The bcc Nb 

material has been characterized within a finite-strain framework through a crystal plasticity 

model incorporating strain-gradient hardening. The hardness evolution for different material 

orientations and different initial dislocation densities has been studied. The numerical results 

are compared with predictions of existing analytical models and with experimental results. 

 

 

1. Introduction 

 

From an experimental point of view, the indentation size effect (ISE) is a well-known 

phenomenon that becomes apparent at submicron scale with a decrease in the hardness 

measure as the indentation depth increases. Numerous works have reported the ISE 

experimentally, with different type of materials and arrangements [1-4]. The objective of this 

work is to study the ISE from a numerical point of view with the aid of a finite element (FE) 

model of an indentation experiment. A 3D model has been constructed, with a conical rigid 

surface with a round tip indenting on a single crystal of Nb. The bcc material has been 

simulated by means of a crystal plasticity model, implemented within a finite-strain 

framework. Of capital importance, the size effect phenomenon present in the experiments has 

been captured in the simulation work incorporating a strain-gradient formulation in the 

constitutive equations of the material model. The constitutive equations descend to the 

crystallographic slip nature of the plasticity event, and, under this crystallographic framework, 

a local density of geometrically necessary dislocations (GND) is obtained. The GND concept 

appears in this model closely linked with the strain gradient measure, as the works of Nye and 

Fleck et al. show [5,6]. The commercial FE program ABAQUS has been used in this analysis, 

complemented via FORTRAN user subroutines. 

 

 

2. Model 

 

The indentation process has been simulated by means of an FE model, with a rigid conical 

surface –with an angle of 19.7º– indenting on a semispherical volume of elasto-plastic 

material (see Fig. 1). The radius of the indenter tip is 0.01 μm and its contact with the Nb 

material has been defined as frictionless. Three different crystallographic orientations have 

been studied for the Nb material, using forward the <001> as the reference one. For this case, 

a portion of 45º of the semispherical material volume has been modelled (as shown in Fig. 1). 

In order to study the hardness evolution with the indentation depth, eight different depth 

values have been considered, ranging from 0.01 μm to 66 μm. Given the extent in the range 
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of study for the indentation depth magnitude, the same element size cannot be used for all 

these eight cases. For that reason, a unique mesh has been built, scaling its dimensions with 

the corresponding indentation depth of each case. The boundary conditions are illustrated in 

Fig. 1, with symmetry conditions in both lateral planes of the volume, and the nodes of the 

spherical bound with null displacements imposed. The mesh is constituted by 20000 first-

order eight-noded isoparametric elements. The driven force of the simulations is the 

displacement of the indenter, imposed as a boundary condition. An exponential time 

dependence of this displacement, h, has been defined, so as to obtain an almost constant strain 

rate – 1
0 s12.0 −=ε≅ && hh – for all the simulations of the analysis. 

 

symmetry BC

symmetry BC

free surface

fixed
BC

INDENTER

conical, round tip (R=0.1 μm)

φ=19.7º

4050 μm (simulation 8)

symmetry BC

symmetry BC

free surface

fixed
BC

INDENTER

conical, round tip (R=0.1 μm)

φ=19.7º

4050 μm (simulation 8)

 
Figure 1. Boundary conditions of the indentation model. 

 

The material constitutive model has been implemented at integration point level through a 

user subroutine (UEL in ABAQUS nomenclature), complemented with other home-made 

subroutines. A finite-strain analysis has been developed based on the Green-Lagrange strain 

tensor and the second Piola-Kirchhoff stress tensor. The plastic slip rates occurring in the 24 

crystallographic systems considered in the modelled bcc material are assumed to depend on 

the resolved shear stress of each system, τα, by a power law [7], with a rate sensitivity of slip 

equal to 0.02. The reference critical resolved shear stress (CRSS), τ0, has been made to 

depend on the total dislocation density, ρ, through the uniform hardening law described in 

[4,8]. The resolution of the constitutive equations has been done through an implicit 

algorithm, resulting in a set of 6 non-linear equations, which is solved for the Piola-Kirchhoff 

tensor by means of a Newton-Raphson method [7]. The evolution of the SSD density (strain 

gradient independent) is based on a modified Kocks-Mecking kinetics, whereas the density of 

GND (gradient dependent) has been calculated from the gradients of slip as, 

 

∑∑
α

αα

α

α γ∇×=ρ=ρ n
b

1
gg  (1)

 

where γα is the net amount of slip that has taken place in the α slip system, n
α
 is the unit 

vector normal to the slip plane of this system and b is the modulus of the Burgers vector [9]. 

The parameters used in the constitutive equations of this material model approximately 

represent the room temperature behaviour of commercial purity Nb (99.8%). Elastic 

anisotropy has been considered in the simulations and an initial SSD dislocation density has 

been assumed with a value of 10
12

 m
−2

. 

 

 

3. Results 

 

Fig. 2 collects the hardness results provided by the model for three different orientations of 

the indented monocrystal, namely, <001>, <011> and <111>. Two consecutive 

magnifications of the curves are also shown for large indentation depths –with each of the 
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zooms, the scale relation between axes is modified–. In all the three orientations, the same 

trend can be observed; the square of the hardness increases with the inverse of the depth, 

starting from a limiting value, obtained with large indentation depth values, when the 

conventional hardness measure is reached. This hardness growth attenuates, describing a 

descending trend for high values of the abscissa. In the case of the <001> orientation, higher 

hardness measures are obtained, though <011> orientation initially shows the same 

conventional hardness measure. Both <011> and <111> orientations present similar values. 

 

H2 (GPa2)

1/h (μm-1)

<001>

<011>
<111>

H2 (GPa2)

1/h (μm-1)

<001>

<011>
<111>

<001>

<011>
<111>

 
Figure 2. Square hardness vs. inverse of indentation depth for three different orientations.  

 

Fig. 3 presents the previously shown hardness results for the <001> orientation, with an initial 

SSD density of 10
12

 m
−2

, and those obtained with a higher initial dislocation density, equal to 

5×10
14

 m
−2

. Obviously, hardness measure is higher in this last case for any indentation depth 

value. A zoom performed on this same figure shows the numerical results obtained for the 

reference case but without taking into account the strain-gradient effect –applied by means of 

Eqn. (1)– in the constitutive equations of the material model. As expected, the same hardness 

measure is provided by this modified model for any penetration value, which means that ISE 

has disappeared in this last case. 

 

H2 (GPa2)

1/h (μm-1)

<001>

<001>, higher initial SSD density

<001>, no strain-gradient

H2 (GPa2)

1/h (μm-1)

<001>

<001>, higher initial SSD density

<001>, no strain-gradient

 
Figure 3. Square hardness vs. inverse of indentation depth for two different initial SSD 

densities; 10
12

 m
−2

 and 5×10
14

 m
−2

. The zoom also shows the results for a modification of the 

material constitutive model without incorporating the strain-gradient effect. 

 

In the left part of Fig. 4 the numerical reference case is confronted with the analytical 

hardness equations defined by Nix and Gao [3] and Alkorta et al. [4]. The analytical model of 
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Alkorta et al. and the numerical results deviates from the classical Nix and Gao linear 

behaviour for shallow indentations –below 200 nm of penetration– due to the tip roundness of 

real indenters and the departure from the proportionality between the CRSS and the square 

root of the dislocation density, as explained in [8]. Alkorta et al.’s model describes the same 

curve trend that the numerical results, though a good fitting doesn’t exists between them –the 

analytical model is below the numerical points–. As explained by the authors in [4], their 

analytical model proposes an estimation of the GND density underneath the indenter tip that 

has to be considered as a lower bound of the real existing density, with an actual population of 

GND much higher than that proposed by the idealized patterned on which the analytical 

model is based.  
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Figure 4. The numerical results are compared with two different analytical models, on the left, 

and with 100 experimental indentations obtained for polycrystalline Nb, on the right. 

 

The right part of Fig. 4 compares the reference numerical results with those obtained 

experimentally and reported in [4] for a commercially pure polycrystalline Nb. As can be 

observed, the numerical curve is lying within the cloud of experimental points, where many 

different orientations are indented. 

 

 

4. Conclusions 

 

A finite element analysis of the ISE has been performed by means of a crystal plasticity 

model that incorporates strain-gradient dependent constitutive equations. The model simulates 

the indentation at different depths of a Nb monocrystal with a conical rounded tip. The 

hardness evolution for different material orientations and for different initial dislocation 

densities has been studied, comparing the numerical results with those predicted by the 

existing analytical models and with experiment measurements. 
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Yttria tetragonal zirconia polycrystals (YTZP) are among the most 
prominent and potentially applicable ceramic materials. Their interest is related to 
the remarkable superplastic response at moderate temperatures. This superplastic 
response is a challenging phenomenon which still lacks from a widely-accepted 
explanation.  
 

Matter diffusion along grain boundaries is a key ingredient of all models 
developed to account for this phenomenon. Despite its extreme importance, the 
mechanism for cation diffusion along grain boundaries as well the temperature and 
grain size dependences is far from being well-explained.  
 

In this work, the analysis of the mechanism for cation diffusion along the 
grain boundaries of YTZP (including its dependence on temperature and grain 
size) has been studied by Molecular Dynamics (MD) simulations. It has been 
found that grain boundary diffusivity (especially the characteristic activation 
energy) depends greatly on the amount of aliovalent impurities. The implications 
for high-temperature plasticity are discussed in the context of recent models 
reported in literature [1].  
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ABSTRACT

We undertake a quantitative study on the equivalence between phase-field modeling and molec-

ular dynamics simulations with regard to describing the physics of crystallization kinetics in

NiZr alloy melts out of chemical equilibrium. Such an equivalence test is important as it per-

mits to verify whether it is legitimate to exchange physical parameters between these two fun-

damentally different modeling approaches when trying to bridge the gap between atomic and

macroscopic scales.

Understanding the physics of solidification over lengths and times spanning from atomic scale

-Å and ns- to microstructure scale -µm and seconds- represents one of the challenges of present

materials sciences1 . One expects from credible multiscale models that descriptions at all scale

levels be consistent with each other. The need for consistency requires a coupling between the

microscopic and the macroscopic descriptions that can be achieved through transfering micro-

scopic (atomic) key parameters into the macroscopic continuum models2. Over the last decade,

the phase-field (PF) method has emerged as a powerful phenomenological computational ap-

proach to model solidification processes and microstructure formation (i.e. dentritic evolution

and cellular growth) on meso- and macroscopic scales3. The parameters which appear in the

evolution equations cannot be derived within the framework of the PF model, therefore, they

have to be imported from other considerations of those processes. Molecular dynamics (MD)

simulations have advanced to an important alternative tool in providing necessary informations

about these quantities. By transfering parameters from one phenomenogical method (MD) to

the other (PF), one assumes implicitly that both treatments are equivalent with regard to describ-

ing the same aspects of physics, regardless of their different assumptions and approximations

and their different conventional length scales of optimal applicability. An explicit quantitative

test of this equivalence, by comparing the predictions of both approaches for appropriate sit-

uations, has not been undertaken in the literature. In the present work, we carry out such a

quantitative test by confronting results from MD simulations with predictions of PF modeling,

in the case of solidification and melting of a two-phase NiZr system out of chemical equilibrium.

With this equivalence test, we adress at the same time two fundamental questions regarding the

applicability of PF and MD approaches. The first question is whether a thermodynamic con-

sistent PF model can be applied down to the range of atomic structure, without thermodynamic

concepts loosing their relevance at the atomic level. The second question is whether MD mod-

eling is capable to treat properly relaxation dynamics driven by thermodynamics forces in a

non-equilibrium state.

We perform MD simulations using an isothermal-isobaric (N, T, p) ensemble of N (up to

103693) particles. The atoms fill an orthorhombic basis cell with cyclic boundary conditions.

We use pair potentials adapted to Hausleitner-Hafner potentials4 . Further details about the

method and the pair-potentials parameters are given elsewhere5. Preparation of the two-phase

sample, NixZr1−x melt in contact with bcc Zr crystal (Fig. 1), is described in detail in our recent

study6. Isothermal growth and melting dynamics are studied by considering a crystal-liquid
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layered sample equilibrated at temperature T and brought into a non-equilibrium state by sub-

jecting it to an abrupt temperature change ∆T below or above the liquidus line. This creates

then an under- or supersaturated solution, respectively.

For the PF simulations, we use the thermodynamically consistent multi-phase field model given

in7, for which many analytical and numerical methods have been developed in the past. Starting

from an entropy functional, evolution equations are derived for the solute (Ni) concentration c:

∂tc = 1
T
∇

(

L11(c, φ)∇
(

µNi(c, φ) − µZr(c, φ)
)

)

,

and for the phase field φ: ǫτ∂tφ = 1
T
σǫ∇2φ − 1

ǫ

∂w(φ)
∂φ

− 1
2T

∂f(c,φ)
∂φ

.

The Onsager coefficient L11 is a function of the diffusion coefficients of Ni and Zr in both

phases. µi is the chemical potential of component i, f(c, φ) is the free energy (FE) density, ǫ is

related to the interface width, σ is the interface tension, w(φ) = 9
T
σ φ2(1 − φ)2 is an interface

potential in the form of a multi-well and τ a coefficient that has to be determined for a reference

system. All the PF simulations use the initial conditions as given by MD simulations. In the

following we succintly describe the PF key parameters calculated within our MD model.

Figure 1: Top: Crystal-melt system equi-

librated at T = 1900 K. Bottom: After

cooling it down to T = 1700 K. Clearly

visible is an expansion of the crystal,

which implies an increase of the melt

Ni-concentration after cooling.
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Figure 2: Interface position as a function

of time during a solidification process at

T = 1700 K, starting from a two-phase sys-

tem equilibrated at T = 1900 K. Compared

are results from MD, PF and sharp interface

models.

Understanding of the crystallization process of alloy melts requires the knowledgement of the

chemical potentials of the involved phases, as they are the driving forces for a phase transition.

This means that we need to determine the temperature and concentration dependent FE of the

different phases. The crosses in Fig. 2 are FE values of NixZr1−x melts at T = 1700 K, as

evaluated within the thermodynamic MD-based approach developed recently by Teichler and

Küchemann8. The figure includes the FE of the bcc Zr crystal at very low Ni concentrations

(squares).

The interface width 2ǫ is estimated by using the local order parameter Q6 because of its high

sensitivity in discriminating crystalline and liquid atomic environment. This analysis yields the

interface thickness 2ǫ ≃ 12 Å. Further details can be found in our earlier work6. For calculating

the coefficient τ = Lm

µT 2
m

, we use the melting temperature Tm, the latent heat Lm and the kinetic

coefficient µ of the intermetallic compound NiZr2. This is the binary crystalline structure with

the nearest composition to the concentration range we are considering in this work and for

which a steady-state kinetic coefficient can be defined . By using the free solidification and

melting technique8, we get: µ = 0.082 m/sK, Tm = 1610 K and Lm = 0.201 eV.

We determine the one-dimensional diffusion coefficients in liquid and solid by monitoring the
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asymptotic limit of the mean-square displacement in x direction, as described in Ref.6. This

calculations yield: DNi,liq = 1.74, DZr,liq = 0.893, DNi,sol = 15.30, DZr,sol = 10−3 (units in

10−9 m2/s). Due to the fact that in the present case the growth kinetics is diffusion controlled,

there is no need to accuratly determine σ for Zrcrystal-[NixZr1−x]liquid interfaces by using one

of the available MD-based method. A value typical of a Zr-rich NiZr alloy would be largely

sufficient. The only one known in the literature is that of pure Zr with σ = 0.16 J/m2 9, that we

use in our PF simulations. .

Fig. 3 displays the evolution in time of the front position at T=1700 K after undercooling the

sample from T = 1900 K, for both modeling methods. Fig. 4 compares the corresponding Ni-

concentration profiles after 20 ns of the solidification process. The agreement between MD and

PF modeling (thick and thin solid line, respectively) is very satisfactory. A good matching con-

cerns also the solute concentrations in liquid at the interfaces, cMD
l,I = 0.250 and cPF

l,I = 0.246,

both correspond to the equilibrium concentration values of the respective modeling method at

1700 K. The slightly slower solidification rate in PF simulation may be partly explained by the

small discrepancy between the equilibrium liquid concentration realized in MD simulations,

cMD
l (1700 K) = 0.250, and that following from the calculated FE, cl(1700 K) = 0.246, by

means of the double tangent construction. As a consequence, the concentration peak height at

the interface (liquid side) during solidification -Fig. 4- is about 13% smaller in PF simulations

than in MD ones. This means a smaller gradient of the chemical potential at the solidification

front, and thus a slower solidification kinetics. The PF approach gives the possibilty to verify

this assumption, since we can ’by hand’ shift the liquid FE curve vertically upwards so that the

calculated equilibrium liquid concentration cl matches with the MD one cMD
l . Using the shifted

liquid FE function in the PF simulation leads indeed to a better matching between PF and MD

modeling, as illustrated by the dotted line in Fig. 3.

Dashed line on Fig. 3 represents the PF result of propagation dynamics of the front position for

another formulation of the FE density, based on the standard ideal solution model which is often

used in estimating the FE density of the liquid phase in PF modeling. This comparison is aimed

at illustrating the advantage one has in using the MD-calculated FE over using FE formulations

based on approximation models6.

We conclude that MD simulations and PF modeling give the same quantitative physical de-

scription of the solidification kinetics in a crystal-liquid structure of NiZr alloy out of chemical

equilibrium. Such a comparison is rendered possible after the PF model key parameters, on

which the growth kinetics depends sensitively, are calculated within the MD approach. This

equivalence test is important as it provides a legitimacy to the exchange of physical parameters

between both modeling approaches when trying to bridge the gap between atomistic, meso-

scopic and macroscopic scales. Further studies show that this conclusion concerns the melting

kinetics as well6. Our study provides evidence that the applicability range of the continuum

PF model extends down to the atomic level, without thermodynamic concepts loosing their rel-

evance at this level. Moreover, thermodynamic and kinetic quantities -like the FE, the phase

diagram, and the diffusivity- calculated for equilibrium conditions, seem to be a sufficient ap-

proximation for describing non-equilibrium situations.
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ABSTRACT 

 

For the modeling of hot working operations in order to predict the resulted microstructure and 

mechanical properties, it is necessary to express the relationship between flow stress, 

temperature, strain and strain rate and microstructure evolution. In the present investigation a 

combined procedure has been applied for expressing hot deformation behavior. For this study 

AISI 304L austenitic stainless steel has been selected in which dynamic recrystallization 

occurs at critical deformation conditions. 

 

 

1. Introduction 

 

Many researches have been carried out to model the hot deformation of steel. Some of them 

are experimental [1-5] and some other are mathematical modeling [6-9]. Many different 

methods and theorems such as principle of  irreversible thermodynamics [10], entropy 

principle [11],etc have been used. 

Theory of invariants plays an important role in continuum mechanics. Rivlin and Ericksen 

(1955) [12]  proposed that the stress tensor components can be expressed as polynomials in 

terms of components of certain kinematic tensors with invariance properties. Material 

symmetries impose limitations such as invariance on the constitutive relation. Complete 

information and details of this method can be found in references. 

The aim of present research is to combine the experimental and mathematical methods to 

express an invariant constitutive relation between the deformation variables.  Since 304L 

stainless steel remains single phase at high temperature ranges and there is no need to 

consider the second phase effect, it has been selected for the present research. Furthermore, 

it's stacking fault energy is low, and therefore dynamic recrystallization can occur at critical 

conditions. 

 

 

2. Procedure 

 

In order to model hot deformation of steels, a constitutive equation based on invariant theory 

is proposed. This equation should include some of the most important variables affecting hot 

deformation of steel, such as stress, strain, strain rate, temperature and initial grain size. 

Considering an invariant structural form for flow equation, it has been tried to connect the 

flow stress to the other mentioned variables. The stress, strain and strain rate are supposed to 

be second order symmetric tensors, namely symmetric Cauchy stress tensor � (nonpolar case), 

symmetric left stretch tensor V, and deformation rate tensor D (symmetric part of velocity 

gradient L). Initial grain size is introduced with as a vector which its three components �i-
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(i=1,2,3) are the grain sizes in three perpendicular directions and it is associated with a skew 

symmetric matrix X by: 

 

Xij=eijk��k       (1) 

 

According to principle of material objectivity or frame indifference, variables entered to the 

constitutive equations must be invariant under changes of reference frame. Cauchy stress �, 

left stretch tensor V and deformation rate D are all objective quantities [13]. 
 

 

We consider form invariance under the proper orthogonal group which describes an isotropic 

material with no center of symmetry. Since skew symmetric tensors are associated only with 

axial vectors, no absolute vectors are involved and therefore there is no distinction between 

the proper and full orthogonal groups [12]. 

Flow stress is considered to be the form invariant symmetric tensor polynomial function of 

symmetric (left stretch tensor and rate of deformation tensor) and skew symmetric (initial 

grain size) tensors with flowing form: 

 

P=�� I� (��+ ��
T
)                          (2) 

 

where I�s are polynomials in invariants belonging to an integrity basis for the tensors and 

vectors [12]. The invariants formed from matrices are the traces of the matrix products listed 

in Tab1. ��s are the matrix products listed in Tab2 and ��
T
 is the transpose of ��. 

 

 
Table 1 Matrix Products Whose Traces Form the Integrity Basis for the Proper Orthogonal Group 

[12] 

Matrices Matrix Products 

a a; a
2
; a

3
 

a, b ab; ab
2
; ba

2
; a

2
b

2
 

u u
2 

u, a u
2
a; u

2
a

2
; u

2
aua

2
 

u, a, b uab; ua
2
b; ub

2
a; ua

2
b

2
; ua

2
ba; ub

2
ab; ua

2
b

2
a; ub

2
a

2
b; u

2
ab; u

2
a

2
b; 

u
2
b

2
a; u

2
aub; u

2
aub

2
; u

2
bua

2
 

 

 
Table 2 Form Invariant Symmetric Tensor Polynomial Functions of Symmetric and Skew-

Symmetric Tensors [12] 

Matrices �� 

 I 

a a; a
2
 

a, b ab; a
2
b; b

2
a; a

2
b

2
 

x x
2
 

x, a xa; xa
2
; axa

2
; x

2
a; x

2
a

2
; x

2
ax; x

2
a

2
x 

x, a, b xab; bxa; xba; xa
2
b; xb

2
a; bxa

2
; axb

2
; xba

2
; xab

2
; axa

2
b; bxb

2
a; 

xa
2
b

2
; xb

2
a

2
; x

2
ab; ax

2
b; x

2
a

2
b; x

2
b

2
a; x

2
axb u

2
bua

2
 

 

 
Where a, b are symmetric matrices and u, x are skew symmetric matrices. 
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For simplification, the matrix products of degree four and more have been disregard. So, the 

relevant invariant polynomial is in the form of: 

 
� =I1I+ I2V+ I3V

2
+ I4D+ I5D

2
+ I6 (VD+DV) + I7 (V

2
D+DV

2
) + I8 (D

2
V+VD

2
) + I9X

2
+ I10 (XV-VX) + 

I11 (XV
2
-V

2
X) + I12 (X

2
V+VX

2
) + I13 (XD-DX) + I14 (XD

2
-D

2
X) + I15 (X

2
D+DX

2
) + I16 (XVD-DVX) 

+ I17 (DXV-VXD) +I18 (XDV-VDX)                                                 (3) 

 
Considering applied stress in one dimension and spherical shape for grains (grain size is 

identical in every three perpendicular directions��1=��2=��3=��), equation (3) transformed into 

equation (4): 
 

� = I2�+ I3�
2
+ I4�˙+ I5�˙

2
+2I6��˙+2I7�

2
�˙+2I8�˙

2
�-4I12�

2
 �-4I15�

2
 �˙- I18��˙              (4) 

 
where � is the stress, � is the strain, �˙ is the strain rate and � is the grain size. 

 

3. Numerical Methods 

 

In the first step, with the aid of reported stress-strain curves of 304L stainless steels [1-3] 

under different hot deformation conditions and using curve fitting methods up to peak stress, 

coefficients I2…I18 have been approximated as shown in Tab3: 

 

 
Table 3 Predicted Coefficients of Equation 

I2 I3 I4 I5 I6 I7 I8 I12 I15 
10^18/ 

(Td�˙�) 
10^19* 

d�˙/(T�) 
10^23* 

�d�˙/T 
10^21/ 

(Td�˙�) 
10^15* 

Td�˙/� 
10^21* 

d�˙/(T�) 
10^27* 

�˙�/(Td) 
10^20* 

�˙�/(Td) 
10^11* 

Td�˙/� 

 

 

3. Results 

 

In Fig 1 and Fig 2 the stress-strain curves derived using proposed equation have been 

compared with the experimental data for different deformation conditions.  

 

 
Figure 1. Stress-strain curves at 900°C and different strain rates (initial grain size=35�m). 
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Figure 2. Stress-strain curves at �˙=0.01s

-1
 and different temperatures (initial grain size=90�m). 

 

 

It can be concluded that there is reasonable agreement and logical relation between hot 

deformation variables and flow stress considering grain size effect using invariant theory. 

In the next step we're going to use the results for the flow stress prediction and predict the 

final grain size after hot deformation. 
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ABSTRACT 

 

The objective of this work is to study the evolution of the interfacial excess energy as a function 

of tensile or/and shear stresses applied to planar interfaces in the aim of identify the interface 

elastic response that could be implemented into continuum interfacial fracture models. By using 

the semi-analytical approach, interface elastic properties, such as the intrinsic interfacial excess 

energy, intrinsic interfacial stress and interface elastic stiffness are given analytically in terms of 

the interatomic potentials of the material. These elastic tensors characterize the elastic response 

of a coherent interface under transverse and in-plane deformations and can be also computed by 

direct Molecular Dynamics (MD) simulations. To validate this methodology, an example of a 

coherent and homogeneous interface under normal deformation mode is considered. By using 

direct molecular statics simulations, the interfacial transverse strain and interfacial intrinsic free 

energy are computed for 2 Cu grain boundaries configurations. Then, preliminary results for a 

heterogeneous interface Cu/Cu2O are also presented by mean of atomistic and ab-initio 

calculations. The computational results obtained from our simulations are in good agreement in 

comparison to the well-established theoretical framework in the literature. 

 

 

1. Introduction 

 

Solid interfaces play a major role in the study of physical and mechanical properties of nano-

electronic devices. The mechanics of deformation at the nanoscale of such components differs 

substantially from the processes observed on meso-scopic level. At the atomic scale, the elastic 

response of an interface subjected to external mechanical loadings relies on the atomic behavior 

in terms of atomic structure and relaxations near the interface plane. Thus, the interfacial elastic 

properties such as interfacial stress, interfacial strain can be defined from the atomic 

displacements and the nature of interatomic forces acting between atoms. 

In their recent work, Dingreville et al [1-3] have developed a semi-analytical method to compute 

the interfacial elastic properties of crystalline materials. The theoretical framework of this 

method consists on the derivation of the Shuttleworth equation [4] by introducing the concept of 

the transverse interfacial excess strain on the global formulation of the interfacial excess energy. 

This semi-analytical method is based on the idea of expanding the atomic energy and atomic 

stresses into power series as a function of the atomic displacements. A sequential coupling 

approach between atomistic and continuum mechanics is proposed for which the elastic 

properties of coherent planar interfaces are characterized by the Gibbs interfacial excess energy 

per unit undeformed interface area [1-3]: 
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( ) ( ) ( ) t

j

t

iij

sss
σσεεε

κλαβαβκλαβαβ

221

0
2

1

2

1
Λ+Γ+Γ+Γ=Γ  (1) 

 

where 0Γ  represents the interfacial intrinsic free energy, ( )1

αβ
Γ  represents the intrinsic interfacial 

stress, ( )2

αβκλ
Γ  and ( )2

ij
Λ  characterize respectively the interfacial in-plane and transverse elastic 

behaviors. s

αβ
ε and t

i
σ  are respectively the in-plane strain and the transverse stress. 

 

In this paper, Molecular Dynamics (MD) calculations with tensile loadings are performed in 

order to evaluate 0Γ  and the transverse tensor ( )2

ij
Λ  in the case of Cu/Cu and Cu/Cu-oxide 

interfaces. Once the concept is validated by comparing the predefined analytical results to the 

calculated values of these tensors, we will extend this method to heterogeneous systems such as 

Cu/Cu-oxide. This work is completed by preliminary ab-initio calculations in order to 

characterize the elastic response of such interfaces. 

 

 

2. Description of the Cu/Cu grain boundaries and Cu(111)/Cu2O(111) interface 
 

MD simulations are designed explicitly to study the discrete atomic motions that occur within the 

interfaces region treated in this work. For Cu/Cu interfaces, two symmetric tilt interfaces with 

low-order coincident site lattice descriptions are considered: �5 (310) and �13 (510). The 

incoherent interface considered in this work is the most probable between Cu and its oxide Cu2O 

[5]. These Cu grain boundaries and Cu/Cu2O interface are represented in the fig. 1. 

 

a)  b)  c)  
 

Figure 1: a) view of �5 with its structural units; b) view of �13 with its structural units; c) view of 

the Cu(111)/Cu2O(111) interface. 

 

Cell simulations are considered in 3 D and the periodic boundary conditions (PBC) are used in 

all directions (X, Y, Z). Therefore, all the cell simulations contain two similar interfaces. The 

calculation of the energy is based on energy minimization method. The interface configurations 

are constructed from relaxed bulk cell parameters. MD simulations for Cu systems are conducted 

by using the Cleri-Rosato EAM potential [6]. The interfacial excess energy is computed as a 

difference between the final simulated system )( 21 CuCu

Fin
E

+  and the initial bulk configurations 
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)( 21 Cu

bulk

Cu

bulk
EE +  divided by two to account for the mirror image interface at the periodic boundary 

of the cell simulation. It is defined by the relation: 

 

[ ] ( )( ) AEEEE
Cu

bulk

Cu

bulk

CuCu

Finm

J 22121
2int +−=

+

 (2) 

 

 

3. Atomistic simulations results for Cu/Cu and Cu/Cu2O interfaces 

 

3.1 Direct Molecular Statics simulations with applied strains  
 

In this section, MD simulations are performed to study atomistic behavior of the Cu interfaces 

under external loadings. The tensile stress is applied by subjecting the bi-material to uniaxial 

tensile deformation normal to the boundary plane. The magnitudes of the deformation to be 

applied on the system are defined so that each of the corresponding elastic stresses is less than 

the critical tensile stress required for dislocation nucleation of the <100> tilt interfaces 

considered in this work. In other terms, the deformation process occurs in the elastic regime. The 

system is held in thermodynamic equilibrium at the desired uniaxial stress.  

By considering only the normal loading mode of deformation, the in-plane deformation 0=
s

αβ
ε  

and the transverse stress can be expressed as 
j

t

j 30δσσ = . Thus, the interfacial excess energy 

from the equation (1) reduces to: 

 

( ) 2

0

2

0
2

1
σ

ij
Λ+Γ=Γ  (3) 

 

Molecular Statics (MS) calculations are then used to determine the minimum energy interface 

configurations as a function of the applied stress 0σ  for each deformation step. 

 

 

3.2 Results 

 

The calculated values of interfacial excess energy for each deformation step are plotted in the fig. 

2-a. Since the deformation occurs in the elastic regime, the applied deformation 
i

ε in the X axis 

is expressed by its corresponding stress 
i

σ . 

Because that we found a same behavior for both Cu grain boundaries (�5 (310) and �13 (510)), 

we reported only the results corresponding to the �5 configuration. From the fig. 2-a, we observe 

that the interfacial excess energy exhibits a quadratic dependency with respect to the applied 

tensile stress. This is in good agreement with the equation (3) and the targeted tensors can be 

defined by fitting the different simulated points to the theoretical quadratic curve relating the 

interfacial excess energy to normal stresses. For the grain boundary �5 (310), we obtained the 

interfacial transverse strain ( )
GPanm016.02

33 =Λ  and interfacial intrinsic free energy  

2

0 9177.0 mj=Γ and for the �13 configuration we obtained the values ( )
GPanm030.0

2

33 =Λ and 

2

0 023.1 mj=Γ . Note that there is a discrepancy between the simulated values and those 

calculated analytically [2,3]. Actually this depends on the nature of the interatomic potential and 

its cut-off. The analytical values of these elastic tensors were determined by using the Mishin 
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EAM potential [7]. Also, the computation of the interfacial excess energy in this work includes 

the contribution of the bulk deformation energy [8]. As a result, the absolute interfacial excess 

energy must be computed only for atoms near the interface plane without considering the 

deformed bulk region. Spearot et al [8] showed that this correlation between the interface zone 

and the bulk region may cause a structural transition phenomenon in such grain boundaries 

systems. This concept can be explained by the presence of the constrained rigid bulk region and 

the releasing process related to the dissipation energy storage initially stocked at the interface 

region. 
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Figure 2: a) The interfacial excess energy vs. applied normal stress to the interface plane of Cu �5 

and �13 grain boundaries; b) Charge profile on the heterogeneous Cu(111)/Cu2O(111) interface. 

 

The same methodology is used to study the Cu(111)/Cu2O(111) interface by ab-initio 

calculations. Because that ab-initio calculations are time and CPU consuming, we present here 

only the preliminary results of heterogeneous Cu/Cu2O interface. The fig. 2-b displays the charge 

distribution near the relaxed interface region showing that the Cu charge converge rapidly to its 

bulk value in the Cu2O oxide environment 546.0+=
Cu

Bulk
Q . 

 

 

4. Conclusion 

 

Note that these results are obtained recently. This work needs more investigations in the side of 

atomic relaxations and the role that can play the geometry of the grain boundary structural units 

in coherent or incoherent interfaces.  
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ABSTRACT 

 
The dislocation content of each active slip system in a crystal is defined by its Dislocation 

Density Vector (DDV). Each DDV possesses signed screw and edge components having 

lengths equal to the length per unit volume of all dislocations of like sign lying in the slip 

plane, projected parallel and perpendicular, respectively, to the slip direction. The length of 

the DDV is proportional to the length/unit volume of dislocations of like sign and its 

orientation is a measure of the edge-screw character of the population. To demonstrate this 

representation, we analyze a simulation of a micropillar of single crystal Ni deformed in 

compression. Finally, we discuss possible extensions of the analysis to determine parameters 

characterizing the motion of the distribution. 

 

 

1. Introduction 

 

To provide input from DD simulations into crystal plasticity (CP) codes the discrete 

dislocation distributions produced by the former must be characterized by variables that 

capture the resultant length and character of the distributions on each operative slip system. 

Constitutive equations can then be constructed for CP codes that employ these variables in the 

description of deformation at larger length scales. In order to calculate the dislocation 

distortion and its rate associated with a DD simulation, an appropriate representation of the 

density of mobile dislocations on active slip systems is required. Quantities based on the 

edge-screw character of the population on a slip system [1] and on the rose of the direction of 

the dislocation structure [2] have been proposed. The dislocation density vector (DDV) 

description proposed by Hartley is directly related to the Nye tensor component [3] associated 

with dislocations on the relevant slip system. In addition, the DDV definition incorporates the 

concept of signed quantities [4] that represent the sense of the dislocation segments that 

contribute to the DDV representation. This work applies the DDV definition to the description 

of dislocation ensembles created by simulation of the deformation of a Ni single-crystal 

micro-pillar using the ParaDis DD code [5]. 

 

 

2. Dislocation Density Vector 

 

The dislocation content of a volume element containing dislocations is described by the Nye 

tensor, Į, giving the net Burgers vector flux, B, of dislocations intersecting a section plane 

with n as its unit outward normal: B = Į · n . It is convenient to define signed quantities for 

each slip system employing a dislocation coordinate system based on Ș, a unit vector parallel 

to the Burgers vector, b; the normal to the slip plane, Ȟ; and the Taylor axis, ȟ. Define the 

senses of the vectors such that Ȟ = (ȟ × Ș) points towards the extra half plane of a positive 

edge dislocation with unit tangent vector, t || ȟ. The sign associated with a pure screw 

dislocation is + or – according to whether t is parallel or anti-parallel to Ș. The unit tangent 
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vector of the i
th

 mixed dislocation is t
(i)

 = Școsȥ(i)
 + ȟsinȥ(i)

, where ȥ(i)
 is the acute angle 

between t
(i)

 and Ș. The contribution of this mixed dislocation to B is  

 
( ) ( )( ) ( ) ( ) ( ) ( )i i i i

cos sin⎡ ⎤= ⊗ ⋅ = ⋅ ψ + ⋅ ψ⎣ ⎦B b t n b Ș n ȟ n , (1) 

illustrating the influences of the orientation of slip system relative to the section plane and the 

character of the intersecting dislocation. The value of B due to N dislocations crossing unit 

area normal to n follows from summing the contribution of each:  

 
( ) ( ) ( )

N N N
i i i

i 1 i 1 i 1

t cos sin
= = =

⎡ ⎤ ⎛ ⎞
= ⊗ ⋅ = ψ + ψ ⋅⎜ ⎟⎢ ⎥⎣ ⎦ ⎝ ⎠

∑ ∑ ∑B b n b Ș ȟ n  (2) 

whence it is evident that the individual terms in the sums will have signs determined by the 

sense of the screw or edge components. Signed values of these sums are defined by summing 

separately those containing like signs. Writing NS± and NE± for the number of unit tangent 

vectors with positive and negative screw (S) and edge (E) segments and replacing each sum 

of terms with like signs by its average value gives the definition of the signed components of 

the dislocation density vector:  

 ( ) ( )S S E E

S EN cos and N sin± ± ± ±
± ±= ψ = ψȡ Ș ȡ ȟ . (3) 

The dislocation density vector components due to segments of like sign are the vector sums of 

the edge and screw components with like sign and their orientation is determined by the 

relative magnitudes:  

 ( ) ( ) ( )2 2
E S 1 E Sand tan /± ± ± ± − ± ±= + Ψ =ȡ ȡ ȡ ȡ ȡ  (4) 

Clearly for a dislocation population with no net Burgers vector the magnitudes of the positive 

and negative components of the DD vector will be equal and their orientations will be anti-

parallel. 

 

To analyze the results of DD simulations to obtain the dislocation density vector associated 

with each active slip system, it is necessary first to identify all dislocations present with 

respect to their slip system and sense. The DDV in each slip system is then determined by 

performing counts for each slip system separately as follows. First two sets of equally spaced 

section planes are generated normal to Ș and ȟ. Since all dislocations in the slip system will 

lie in planes normal to Ȟ, they will not intersect section planes in this orientation. The 

intercept densities of positive and negative dislocations with each section plane is then 

determined. The average positive and negative dislocation intercept density for planes 

normal  Ș and ȟ, are NS± and NE±, respectively. Finally, the length and orientation of the 

dislocation density vector for each signed set on the slip system is calculated from from 

equation (4). 

 

 

3. Simulation Results 

 

We now apply the DDV definition to the description of dislocation ensembles developed from 

the DD simulation of a Ni single-crystal tetragonal micro-pillar having dimensions 

2.8x2.8x11.3 μm and an initial dislocation density of 10
13

 m
-2

. The initial dislocation structure 

was composed of Frank-Read sources having random sizes, randomly distributed on the 12 

slip systems in the simulation cell. The average dislocation segment length used in 

discretizing dislocation lines was 170b. The micropillar simulations were performed under a 

compressive load with a constant uniaxial strain rate of 50 s
-1

 along 岷ねなぬ博峅. Complete 

description of the DD computations may be found in [6]. 

 

Calculations were performed on a snapshot of the dislocation microstructure after 16000 

simulation time steps. Fig. 1 shows convergence of the computation for positive DDV 
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components as a function of Burgers vector magnitude, |b|, normalized by the spacing 

between the sectioning planes, h. Components of the negative DDV show similar behavior. It 

is clear that the positive DDV magnitudes and orientation converge quite fast as the number 

of sectioning planes increase. The maximum error is only about 5% when the spacing of 

section planes h = 600b, which is more than 3 times the average dislocation segment length 

used in the DD simulations.  

 
 

Figure 1. Convergence of the positive dislocation density vector components as a function of 

the  Burgers vector magnitude normalized by the spacing between the section planes. 

Fig. 2 shows the evolution of the magnitude and orientation of the positive and negative 

dislocation density vectors as a function of simulation time step. These calculations employ a 

sectioning plane spacing of h = 400b. and were made on dislocation structure snapshots after 

1, 100, 1000, 10000, 15000 and 16000 time steps, respectively. 

 

 
Figure 2. The evolution of the magnitude and orientation of positive and negative dislocation 

density vectors as a function of simulation time step. 
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4. Discussion and Conclusions 

 

It should be noted that continuous fluctuations in the dislocation density are not captured in 

Fig. 2 since the current computations have been only computed at specific time steps. The 

fluctuations can be calculated if the current analysis were performed at each simulation time 

step. In addition, since the crystal is oriented for single slip most dislocation activities are 

observed on the slip plane with the highest Schmid factor, the 岫ななな岻【岷ななど峅 slip system. This 

can be observed in Figure 2 from the continuous increase in the magnitude of the positive and 

negative dislocation densities. In addition, we can observe that the orientations of the DDVs 

do not change significantly with the extent of deformation in these calculations. 

 

The DDVs calculated in this work apply to the entire dislocation content of the micro-pillar. 

The origin of the DDVs should be placed at the centroid of the sample. Subdividing the 

simulation volume into sub-regions affords the possibility of determining the variation in 

dislocation content throughout the specimen. In that case the DDVs calculated should be 

placed at the centroid of the volume from which they were obtained. Further resolution of the 

characteristics of the distribution can be obtained by calculating the centroid of the 

intersections of positive and negative dislocations with section planes and locating the 

associated DDVs for the volume sampled at the appropriate centroid. 

 

The DDV provides a convenient and compact means of describing the evolution of 

dislocation structure in dislocation dynamics simulations. It provides information on the 

relative content of positive and negative segments and on the edge-screw character of the 

dislocation population. Experiments that follow the evolution of the DDV for various 

simulation conditions should be useful to provide quantitative information that can be used in 

constructing constitutive relations for crystal plasticity calculations based on these 

simulations. Experiments based on this premise are currently under way. 
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For a clear understanding of changes in metallurgical properties of ferritic 

steels due to irradiation and/or thermal annealing it is essential to know how 
radiation induced defects and impurities interact with grain boundaries (GBs). GBs 
are know to act as a sink and source of point defects, as a fast diffusion channel 
for interstitial impurities, as preferential sites for nucleation of secondary phase 
particles and as a trap for light gas atoms. Rearrangement of impurities and 
segregation of alloying elements, particularly P and He, is known to weaken the 
GB strength, thus inducing embrittlement. Radiation-induced Chromium 
segregation near grain boundaries is long known to cause a significant 
degradation in the physical, chemical and mechanical properties of austenitic 
stainless steels. In the case of ferritic/martensitic steels, the GB segregation of Cr 
is unclear and obviously depends on Cr content in the alloy, as was shown in a 
number of experimental studies. 

In the present work, the interaction of point defects with <110> tilt GBs with 
different misorientation angles varied from 26 to 140° (∑19(331), ∑9(221), ∑3(111), 

∑3(112), ∑11(113), ∑9(114)) in α-Fe have been studied using molecular static 
simulations. The GBs were constructed using the coincidence-site-lattice principle. 
The ground state structure of each GB was determined by minimizing the total 
energy of the simulation cell using the け surface method, according to a set of 
interatomic potentials employed. The segregation energy for substitutional and 
interstitial Cr and He atoms at grain boundaries have been calculated in the 
present work. The segregation energy was found to have an oscillatory behavior 
away from the GB plane. Preferential sites for substitutional Cr atoms are located 
within a few layers of the GB region i.e. at distance of about 1.2nm away from the 
GB core. The most preferable site for a Cr atom at the GB is an interstitial position 
inside the core. Among studied GBs, interstitial Fe, Cr and He atoms are found to 
segregate to GBs, whose atomic structure exhibits open volumes, where the latter 
reside. The absolute value of the segregation energy was found to vary in the 
range 0.7-4 eV, 1.5-3.5 eV and 0.15-1.3 eV for Fe, Cr and He interstitial atoms, 
respectively, depending on the type of grain boundary considered. Therefore, a 
competition between these three elements during the segregation process can be 
expected. 
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using Multi-Phase-Field Model

Tomoyuki Hirouchi1, Tomohito Tsuru2 and Yoji Shibutani3,

1JSPS Research Fellow, Graduate School of Mechanical Engineering, Osaka University,

2-1, Yamadaoka, Suita, Osaka 565-0871, Japan, hirouchi@comec.mech.eng.osaka-u.ac.jp;
2Nuclear Science and Engineering Directorate, Japan Atomic Energy Agency;

3Department of Mechanical Engineering, Osaka University.

ABSTRACT

The present paper is focused on the multi-phase-field model incorporating <110> tilt grain

boundary (GB) properties dependeing on both energy by misorientation and asymmetry by in-

clination, which are key issues for the more practical grain growth behavior. The microstructure

evolutions accompanying the grain growth in pure Al are simulated using the proposed method.

The numerical results suggest that the inclination dependence lowers the effect of cuspate GB

energy and accelerates grain coarsening.

1. Introduction

Grain growth due to recrystallization deterministically leads the characterization of the mi-

crostructure of materials. This can be achieved by the elimination of grain boundary (GB)

region and therefore it is strongly affected by GB properties [1]. To design the microstructure as

required with high accuracy, the modeling based on the microstructure evolution driven by GB

properties such as GB energy, mobility and asymmetry needs to be improved.

Currently, various numerical models have been developed to describe the microstructure evo-

lution in which GB energy and mobility depend on the misorientation between neighboring

grains and the inclination[2−5], and the grain growth processes with <111> and <100> tilt

GB properties obtained from molecular dynamics (MD) simulations have been performed [4, 5].

However, for our knowledge, the microstructure evolutions accompanying the misorientation

and inclination dependence of <110> tilt GB property which has the unique cusp in the energy

map is not yet fully understood.

In this study, the multi-phase-field (MPF) model proposed by Steinbach et al. [6] is employed

to represent the polycrystalline material, being combined with cusped GB energy map as a

function of <110> tilt misorientation, which was obtained by MD simulations, and also incli-

nation dependence [7] for Al. Effect of inclination dependence to the grain growth behaviors is

especially discussed.

2. Multi-phase-field modeling

Let us consider a polycrystalline system including N grains. The α-th grain is indicated by

phase field φα, where φα takes a value of 1 (in the α-th grain), 0 (in the other grains) and

0 < φα < 1 at GB region. The φα are not independent and must satisfy
∑N

α=1 φα = 1. Here,

general form of the free energy functional is described as follows:

F =

∫

V





N
∑

α,β(α6=β)

(

−
a2

αβ

2

∇φα · ∇φβ + Wαβφαφβ

)

+

N
∑

α,β,χ(α6=β 6=χ)

Wαβχφαφβφχ +

N
∑

α,β,χ,ǫ(α6=β 6=χ6=ǫ)

Wαβχǫφαφβφχφǫ + · · ·



 .

(1)
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The second term is regarded as the energy part of GB between grains α and β. The third term

might be assumed as the triple junction (TJ) energies and so on [8]. In the present research,

we assume that energies with more than fourth order are omitted although the third term is

normally neglected. aαβ is the gradient coefficient and Wαβ , Wαβχ are the heights of the energy

barriers based on GB and TJ properties, respectively. The number of grains, N , in Eqn (1) can

be replaced with n =
∑N

α=1 σα, where σα is a variable counting the local number of grains n
with σα = 1 for 0 < φα ≤ 1 and 0 for otherwise. The evolution equation of the phase field φi

is derived as [6]

∂φi

∂t
= −

n
∑

j=1

M
φ
ij

n

[

n
∑

k=1

{

1

2

(

a2
ik − a2

jk

)

∇2φk + (Wik − Wjk) φk +

n
∑

l=1

(Wikl − Wjkl) φkφl

}]

. (2)

Since the coefficients in Eqn (2) of aij , Wij and Mφ
ij are related to the GB thickness δ, GB

energy γij and GB mobility Mij , these can be written as follows, respectively.

aij =
2

π

√

2δγij, Wij =
4γij

δ
, Mφ

ij =
π2

8δ
Mij, (3)

where the diagonal components (i=j) are 0. Assuming that the TJ property is determined by

the connected GBs as shown in Fig 1 , the coefficient of the third term Wijk is related to GB

energies γij by

Wijk = Wik × w0 (at i 6= j 6= k), w0 =

∣

∣

∣

∣

∣

tanh

(

γik − γ

γ

)

∣

∣

∣

∣

∣

, γ =

2

n(n − 1)

n
∑

i,j=1(i6=j)

γij , (4)

where w0 is a weighting function proportional to the deviation from the averaged GB energy γ.

It must be set as 0 when γij + γjk < γki at n = 3 because this inequality breaks the Young’s

relation of γij/ sinΘ i = γjk/ sinΘj = γki/ sinΘk.

The misorientation dependences of <110> tilt GB energy γij and mobility Mij are shown in

Fig 2(a). The energy is given by using GB energy map for Al obtained from MD simulations,

and by fitting to normalized Read-Shockley (RS) relation of the first equation of Eqn (5) for

low-angle range (0◦ < ∆θ < 15◦, 165◦ < ∆θ < 180◦). The mobility is approximated as the

second equation of Eqn (5) [9].

γij(∆θij) = γm

∆θlow

∆θm

(

1 − ln

∆θlow

∆θm

)

, Mij(∆θij) = Mm

[

1 − exp

{

−5

(

∆θlow

∆θm

)4
}]

, (5)

where ∆θlow = ∆θij (0◦ < ∆θ < 15◦), 180 − ∆θij (165◦ < ∆θ < 180◦), γm is the GB energy

at ∆θ = 15◦, 165◦, and Mm is the GB mobility at high-angle GB with misorientation greater

(smaller) than ∆θm = 15◦(165◦). For computational convenience, γmin = 0.02 J/m2 and

Mmin = 0.05Mm are set. Additionally, assuming that the GB mobility is low at Σ3A({111})

GB (∆θΣ3A = 70.53◦ i.e. coherent twin boundary) [1], the GB mobility is modeled by

Mij(∆θij) = Mmin + (Mm − Mmin)
∆θw

10

(

1 − ln
∆θw

10

)

, (6)

where ∆θw = ∆θΣ3A − ∆θij(∆θΣ3A − 10 < ∆θ < ∆θΣ3A), ∆θij − ∆θΣ3A(∆θΣ3A < ∆θ <
∆θΣ3A + 10). The above GB properties are limited in the case of symmetric tilt GBs. Thus,

to extend the more general views on asymmetric tilt GBs into the MPF model, the inclination

angle Φ is introduced using the local gradient of φi, φj and symmetric GB inclination angle

Φsym as follows;

Φ =
∣

∣Ψij − Φsym

∣

∣, Ψij =

∣

∣

∣

∣

∣

tan
−1

(

∂φi/∂y − ∂φj/∂y

∂φi/∂x − ∂φj/∂x

)

∣

∣

∣

∣

∣

, Φsym =
θi + θj

2
, (7)
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Figure 1. Relation between

γij and Θi at TJ.
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Figure 2. <110> tilt GB energy and mobility depending on (a)

misorientation and (b) inclination in the case of Σ3 GB.

where θi and θj are the crystal orientation of grains i and j, respectively. The inclination depen-

dences of GB energy and mobility are shown in Fig 2(b). This dependence of the energy can be

written as the following Eqn (8).

γij(Φ) = γSTGBI cos(Φ) + γSTGBII sin(Φ), (8)

where γSTGBI and γSTGBII are GB energies of Σ3A and Σ3B ({112}) (∆θΣ3B = 109.47◦, i.e.

incoherent twin boundary), respectively. It is good correspondence to those of Σ3 and Σ11

GB energies from the MD simulation [7]. We apply this inclination dependence in the range

of ∆θΣ3A,B,Σ11A,B − 10 < ∆θ < ∆θΣ3A,B,Σ11A,B + 10 (Σ11A({332}) (∆θΣ11A = 50.47◦),

Σ11B({113}) (∆θΣ11B = 129.53◦)) and low-angle GB region, because low-angle GB energy

is affected strongly by the inclination dependence [4]. The mobility is modeled in the range of

∆θΣ3A,B − 10 < ∆θ < ∆θΣ3A,B + 10 by

Mij(Φ) = Mij(∆θij) + (Mm − Mij(∆θij))
Φw

10

(

1 − ln
Φw

10

)

, (9)

where Φw = Φ (∆θΣ3A−10 < ∆θ < ∆θΣ3A+10), 90−Φ (∆θΣ3B−10 < ∆θ < ∆θΣ3B+10).

The numerical scheme employed here is based on the algorithm proposed by Kim et al. [10] and

further modified by Takaki et al. [11].

3. Numerical simulations

The grain growth simulations are performed using the randomly oriented initial microstructure

in pure Al and the domain size is set as 1000∆x × 1000∆y. The computational and material

parameters employed are finite difference grid size of ∆x = 0.1µm, GB thickness of δ = 7∆x,

the maximum of GB mobility of Mm = M0 exp(−Qb/RT ) m4/Js, pre-exponential factor of

M0 = 6.2 × 10−6 m4/Js, activation energy of Qb = 84 kJ/mol, temperature of T = 573K, R
is the gas constant, and time increment adopted is ∆t = 0.005s. A zero Neumann boundary

condition is applied to all boundaries.

Figs 3(a) and 3(b) show the final microstructures without (Case A) and with (Case B) the in-

clination dependence of GB property, respectively. The microstructure in Fig 3(a) is finer and

includes more GBs with large misorientation, which image is manifested by big difference of

grading. Fig 4 shows the misorientation distribution at the final state. You can see the well-

marked peaks at ∆θΣ3A and ∆θΣ11B in the case A, meanwhile the frequency of these GBs

decreases in the case B because most of Σ3 and Σ11 GBs have higher energies than low-angle

GBs and the energy for the whole system is decreased by an increase in the lower energy GBs

during the grain growth. Alternatively, a peak at ∆θΣ3B is observed in the case B because
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dependence on the misorientation

distribution.

Σ3B GB at Φ = 90◦ completely corresponds to Σ3A GB at Φ = 0◦. It can be said that these

low energy Σ GBs disturb the grain growth and make the grains finer, and that the inclination

dependence lowers the effect of cuspate of GB energy map.

4. Conclusions

The <110> tilt GB energy obtained from MD simulations and GB mobility modeled, which

depend on misorientation and inclination, were incorporated into the MPF model, and the grain

growth processes with and without the inclination dependence were simulated. These results

conclude that the inclination dependence lowers the effect of cuspate GB energy map and acce-

larates grain coarsoning.
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Magnesium and its alloys are promising materials for the transportation industries. 
Due to their high specific strength and their relatively low cost, they challenge 
aluminum alloys in automotive industries. However, they exhibit a relatively poor 
formability for traditional metal forming processes. This is directly related to the 
complex interplay between slip and twinning observed in magnesium single 
crystals. 
In the present contribution, slip and twinning in magnesium are analyzed by 
means of a variational principle. The proposed method relies strongly on the 
variational structure of crystal plasticity theory, i.e., an incremental minimization 
principle can be derived in the case of a fully associative model which allows to 
obtain the unknown slip rates by computing the respective stationary conditions. 
Additionally, phase transition due to twinning is considered within the advocated 
model. In this approach, phase transformation occurs, if it is energetically 
favorable. The resulting algorithm invokes a Taylor-type phase transition which is 
enforced by considering a mixture energy. The model is calibrated at the scale of 
the magnesium single crystal and it is used to simulate a rolling process by 
employing the finite element method. 
The results of the channel die test on magnesium single crystal are depicted in 
Fig. 1. The pronounced plastic anisotropy is evident.  The texture evolution of a 
magnesium polycrystal is shown in Fig. 2. The higher density of basal poles 
around the center of the pole figure (Fig. 2b) is in good agreement with those 
observed in practice.   
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Figure 1: Numerical results of the channel die test for different orientations of 
magnesium single crystal, L and C indicate loading and constrained direction 

 

a) b)  
Figure 2: Simulated evolution of the basal texture in a rolling process. R and T 

indicate rolling and transverse direction, respectively. a) initial texture, b) texture 
after 0.68 compression strain (engineering) 
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This article aims at modeling the linear behaviour of geomaterials by a numerical 
homogenization method based on the extended finite element method (XFEM) (N. 
Moës et al. Int. J. Numer. Methodes Engrg.46 (1) 1999).  Geomaterials are 
strongly heterogeneous materials whose behavior depends on structure, 
properties of constituents and geological history. We consider a particular class of 
geomaterials whose structures could be described as a matrix with various 
minerals inclusions and holes. Very often the modeling of geomaterials is 
performed either by an analytical approach, (sometimes through multistep 
homogenization procedures) or numerically, using a FEA and taking advantages 
of a supposed periodicity of the structure, even though this last hypothesis is rarely 
verified in practice. One of major obstacles in using direct numerical methods for 
estimation of effective properties resides in difficulties to construct a mesh able to 
fit to complexity of geomaterials structures which calls for considerable calculating 
resources. We propose to use XFEM that allows one to use meshes not 
necessarily matching the physical surface of the problem while retaining the 
accuracy of the classical finite element approach. The material interfaces in that 
case are represented by level set functions that are used in combination with 
XFEM. For validation purposes the MATLAB developed procedures are tested 
against results obtained by a direct Finite Element Analysis for some case-tests. 
As already mentioned in some previous works one has to use a sufficient fine 
mesh, albeit not fitting the geomaterials structure. In order to optimize the used 
mesh an original blending element has been used. Some comparisons of results 
obtained by using this method and results obtained by a direct FE analysis make 
on evidence the interactions between different phases and inclusions that are 
more or less pronounced following various patterns of constituent distributions. 
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In a crystalline material, when it is exposed to high temperature, dislocations 
organize into low angle grain boundaries, that enclose cells (subgrains) with low 
dislocation content. It is well-known, that during recovery, i.e., when no external 
stress is applied, the subgrains gradually coarsen [1]. During creep such 
coarsening is also observed, but after a transient time a dynamic equilibrium is 
reached, where the subgrain size is constant – this state corresponds to the 
steady-state creep [2]. 
 

 

To study the above phenomena, we apply 2D discrete dislocation dynamics (DDD) 
simulations according to the following considerations: 
1. In low angle grain boundaries the dislocation cores do not overlap, therefore a 

DDD approach is justified. 
2. Since the time-scale and system size needed to study cell structure are still not 

available in 3D DDD simulations, one must remain in 2D. 
3. Recently, with the help of a new 2D DDD method, the size of the possible 

dislocation ensembles has increased dramatically [3, 4]. 
4. Apart from the parameters determining the dynamics of the dislocation system 

there is no need to rely on any other input parameter such as grain boundary 
mobility. 

  

 

In the talk we first summarize the main features of the DDD algorithm. Then we 
show, that the model is able to describe the main characteristics of recovery, 
namely, abnormal subgrain growth, power-law coarsening and the temperature 
dependence of the power-law exponent. In the case of creep, we find that the 
steady-state strain rate follows the traditional Norton's law, and the microstructure 
is characterized by a dynamic equilibrium. The average subgrain size (which is 
stress dependent) is constant. In sum, the 2D DDD model seems to be able to 
capture the main features of subgrain boundary motion and interaction. 
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Figure 1. A dislocation configuration obtained by DDD simulations during 
recovery and the corresponding subgrain structure with gray level 

referring to the orientation. 
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During the last years magnetic shape memory alloys (MSM) have attained interest

as a new way to produce motion and force. The MSM effect takes place completely

in the martensitic phase of a material and bases on the motion of low energetic twin

boundaries induced by an externally applied magnetic field. The process exhibits fast

response times and low energy costs in operation, and comes along with large strains

(up to 10% were observed in Ni2MnGa single crystals).

Our attempt is to model and simulate the microstructure evolution in a polycrystal

composed of twin variants in an external magnetic field by using a multi-phase-field

(PFM) approach combined with linear elasticity and micromagnetism. The approach

adopts a PFM with order parameter of volume fractions φ = (φα(~x, t))N
α=1 (N is the

number of twin variants belonging to different grains with individual orientations),

where every φα varies smoothly on the computation domain Ω. The constituting free

energy integral formulation is of Ginzburg-Landau type, and depends also on the the

displacement field ~u and the spontaneous magnetisation ~m:

F =

∫

Ω

[(

εa(φ,∇φ) +
1

ε
w(φ)

)

+ g(φ, ~u, ~m)

]

dx.

The diffusionless phase transition of twin boundary motion is driven by the bulk free

energy g(φ, ~u, ~m), which contains, among other contributions, the demagnetisation

energy (long range interaction among magnetic moments)

edemag = −µ0

2
M2

S(∇ψ · ~m),

where ψ is a scalar potential that solves ∇ · (−∇ψ + ~m) = 0 under certain bound-

ary conditions on the topological boundary of Ω. The phase-field evolution for φα is

derived from variational principles. For the displacement field, the complete dynam-

ics is resolved by solving a wave equation, and for the micromagnetic evolution, the

Landau-Lifshitz-Gilbert (LLG) equation is adopted.

The demagnetisation energy edemag enters indirectly the evolution equations for F
and via the variational approach δg(φ, ~u, ~m)/δ ~m the effective field contribution in

(LLG) as the demagnetisation field ~Hdemag. To cover the correct dynamics of the

system, especially the evolution of twin boundaries and magnetic domain walls, it is

crucial to resolve it properly. In the basic approach, the algorithm to calculate edemag

is computational expensive and not compatible to all optimisations used in our solver.

Therefore, we present a hierarchical approach to enhance the computational efficiency

in our software landscape and compare it to the intuitive solution. We also discuss the

parallelised calculation using an implementation of the MPI standard.
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ABSTRACT 

 

The specific effect of centerline macro-segregation is firstly experimentally observed, 

analytically confirmed, numerically studied and modeled in the directionally solidified (DS) 

cylindrical Ti-46Al-8Nb (at%) samples. The segregation effect is explained from the positions 

of hydrodynamics, heat- and mass transfer of rejected Al solute in the solidifying vertical melt 

column. The convection-induced nature of primary segregation is demonstrated, followed by 

the fundamental peritectic transformation of local elongated channel-like Al-enriched area in 

the solid according to the phase diagram. It is shown that slightly pro-peritectic composition 

of the alloy is highly sensitive with this respect to the melt hydrodynamics and solidification 

regimes. The importance of special melt flow engineering is underlined at the industrial-scale 

solidification of Ti-46Al-8Nb for the manufacturing of structurally-uniform cast items. 

 

 

1. Introduction 

 

Ti-46Al-8Nb intermetallic alloy is both lightweight and creep resistant to high temperatures 

(~ 800
o
C), so being one of advanced materials for turbines of aircraft engines [1]. The 

conventional Bridgman process is predominantly applied for manufacturing of DS aero-

engine blades [2], while near-net shape investment casting is one of the best processing routes 

for け-TiAl based alloys. To optimize both these approaches in their conjunction, the 

laboratory refining of ingots growth technique was performed in multizone electro-furnace 

with power-down thermal profile operation. In this paper the problem is considered of specific 

macro-segregation appearance, firstly observed in some as-cast Ti-46Al-8Nb samples. 

 

 

2. The Directional Solidification process arrangement 

 

The TEM 01-3M laboratory high-temperature (up to 1700
o
C) gradient tube furnace is 

described in detail elsewhere [3] along with the technical drawing presented. Its heater 

consists of three in-line resistive coils; each is programmable operating. The rod-shaped 

sample has Ø8×160 mm dimensions where the remelting length amounts to about 50-60 mm. 

A heat sink plate is mounted to the cool end of the sample. The furnace was installed 

vertically, and DS proceeded upward. The temperature profile applied is shown in Fig.1. For 

research purposes the thermal profile had a slope continuously varying from steep to flat one 

along a sample that leads to joint wide-range variations of both axial thermal gradient (Gax) at 

the growth interface, and solidification rate (V) during the DS process. 
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Figure 1. The steady-state thermal 

profile along a sample at the 

directional solidification beginning. 

Here and in the following the length 

axis is counted from the hottest top end 

side of vertically-installed sample. 

 

Unidirectional solidification proceeded 

in the counter-gravity direction 

(upward) from the “cool” end to the 

“hot” one at the uniform lowering the 

thermal profile with the constant 

cooling rate (power-down rate). 

 

3. The centreline macro-segregation pattern 

 

The most pronounced segregation effect was revealed in the sample solidified with a cooling 

rate of 0.5 
o
C/s. The backscattered electrons (SEM-BSE) image of longitudinal section of this 

sample displays the channel-like area of changed microstructure being located in between 34 

and 21 mm of sample’s length exactly along its geometrical axis. This area has the shape of 

spindle with the maximum diameter of 2 mm. The general view of segregation pattern in the 

transversal cross-section is shown in Fig.2a, where the central “spot” (2) and basic rim (1) 

structure differ noticeably. Fig.2b represents the local areas disposition of this section being 

subjected to EDX microanalyses whose results are given in the Tab.1. It is evident from the 

Tab that the sample’s core and periphery mostly show the difference in aluminium content. 

According to the phase diagram [4], represented in Fig.3, the nominal Ti-46Al-8Nb 

composition shows the solidification path proceeding in the close vicinity to the peritectic 

area, and its phase transformation sequence can be described as the complete く-solidification:  

LsL+[く]s[く]s[く+g] (path 1). However, just ~1 at% increase of Al content (locally in the 

center of ingot according to EDX data) must shift the く-solidification path to the peritectic 

reaction LsL+[く]sL+[く+g] (path 2), once overcome the threshold composition of triple-

junction point “J” in the phase diagram. Path 2 leads to the appearance of additional 

mechanism of g-phase formation in the solid. When directionally solidifying from the locally 

Al-saturated liquid, g(Ti) is able to nucleate on the tips of く-dendrites [5], leading to the 

formation of primary polycrystalline grains with different symmetry and sizes compared to 

those formed in the neighboring ring-shaped area of く-solidification in the same cross-section. 

To explain the reasons and mechanism of local enrichment of the melt with Al solute ahead of 

the center of solidification interface (liquidus isotherm), the numerical modeling was applied. 

 

Figure 2. (a) General view 

of centerline macro-

segregation pattern in the 

transversal cross-section of 

Ti-46Al-8Nb sample 

revealed by SEM-BSE 

mapping; (b) the local areas 

disposition subjected to EDX 

microanalyses whose results 

are given in the Tab.1. 
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Table 1. EDX microprobe analysis of chemical composition of different areas in the cross-

section of a sample shown in Fig.2b. 

Chemical composition measured by EDX, at% Spectrum  

number 

Microstructure 

Al  Ti  Nb  

1 

(central spot) 

g(Ti) from peritectic 

reaction 

L+[く]sL+[く+g] 

 

47.18 

 

45.40 

 

7.42 

2 46.48 45.72 7.80 

3 45.95 46.19 7.86 

4 45.43 46.50 8.07 

5 45.67 46.55 7.78 

6 

 

g(Ti) from solid 

state [く]s[g] 

transformation 

(Widmanstätten 

laths structure) 
46.07 45.94 7.99 

 

 

Figure 3. Isopleth Nb = 8 at% in the Ti-Al-Nb 

ternary system according to [4]. 1 − slightly pro-

peritectic solidification path of the nominal 

composition Ti-46Al-8Nb (at%); 2 − peritectic 

solidification path of Al-enriched composition, 

proceeding locally in the axial part of a sample due 

to Al solute segregation. 

Figure 4. Distributions of hydrodynamic 

flow vector into the melt column for 

selected moments of the DS. Rejected and 

convectively-stratified Al-reach melt 

areas are superimposed where Al content 

amounts between 46÷47 at% (grey), and 

above 47 at% (black). 

 

4. The numerical studies results and discussion 

 

The GIGAN code developed by IPPE has been applied for a macro-scale 2D-description of 

the solidification process. This software package is based on numerical solution of Navier-

Stokes hydrodynamics equations in Boussinesq form, and on specific algorithm of description 

of phase transition (Stefan) problem in mushy zone, taking in account the dual-phase nature of 

a substance, and the latent solidification heat release in this zone. The key thermo-physical 

properties of the alloy are known from [6]. The methods used for numerical solution of 

Navier-Stokes equations can be found in detail in [7-9]. The method applied for numerical 

description and solution of Stefan problem at the liquids interface is considered in [10]. 

 

The numerical analysis has shown that under applied “heating-from-the-top” conditions the 

thermo-gravitational convection (TGC) in melt is highly damped. The only driving force for 

TGC is the radial thermal gradient (GR) depending in turn on the cooling rate. For the rate of 

0.5 
o
C/s the kinetic effect of the stable negative GR formation is characteristic when the 
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temperature of cooled peripheral area is lower compared to that at the axis of melt column. 

The distributions of hydrodynamic flow vector are given in Fig.4 for selected moments of DS. 

The melt always flows downward along the crucible wall and rises upward along the 

centerline, forming by such the way the stable single convective cell. Meanwhile, the 

permanent rejection of Al solute (with segregation coefficient kS=0.923) proceeds ahead of 

solidification interface towards the melt independently. This process becomes to be noticeable 

after the 100s since DS beginning, when the transient layer appears of ≈1 mm thickness with 

Al concentration ranging between 46 and 47 at%. This layer is shown superimposed in Fig.4. 

Due to the continuing DS, development of convection and concave bending of interface, the 

shape and structure of Al-enriched melt area transforms twofold: (i) pulls upward along the 

centerline by the melt flow; (ii) increases the Al concentration in the center of near-the-

bottom part. This “supersaturated” bulb is shown in Fig.4 with black, where Al content 

exceeds the “peritectic threshold” of 47 at%. TGC becomes most intensive in the close axial 

vicinity to the growth interface. The following values of the maximal flow velocity (VF) have 

been calculated: VF = 4.0·10
-3

, 6.1·10
-3

 and 5.4·10
-3

 cm/s at 100, 150 and 170s, respectively. 

The order of magnitude of Reynolds and Rayleigh numbers estimated from these flow rates 

suggests the weak laminar character of convection: Re~10
-1

 and Ra~10
2
. 

 

For real development of the local Al-accumulating effect the coincidence of favorable 

conditions is necessary. These are as follows: (1) the stable negative GR formation at the 

vicinity of liquidus isotherm; (2) kS<1; (3) the stable single convective cell formation; (4) the 

steady-state laminar character of flow into the melt column; (5) the comparable V and VF 

values in their order of magnitude. The peritectically-transformed “spindle” was 

longitudinally formed between 130s and 170s of solidification, when V varied within the 

range of (2.0÷4.5)·10
-2

 cm/s, Gax dropped within the limits 17÷8 
o
C/cm and GR changed from 

(-5) to (-9) 
o
C/cm, respectively. One can conclude that the revealed specific kind of peritectic 

macrosegregation is rather occasional consequence of both the alloy fundamentals, and the 

DS process parameters, i.e. is a furnace-sensitive event. Finally, the importance of 

hydrodynamic melt flow engineering is shown for the microstructurally-uniform solidification 

of near-the-peritectic alloy compositions. For example, the application of alternating magnetic 

fields could be advised at the industrial-scale casting of Ti-46Al-8Nb and related alloys [11]. 
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ABSTRACT 

 

In this work a material model formulation is presented, based on an algorithmic flow rule for 

small elastic strain, small time steps and plastic incompressibility based on finite kinematics. 

This leads to an explicit algorithm which is used for a crystal-plasticity-based model 

formulation for anisotropic elastic ideal viscoplastic materials. This model is applied to 

simulate thin sheet metal specimens with large grains subjected to tensile tests. The 

experimental results for a bcc Fe-3%Si sample loaded incrementally in tension are taken from 

[1]. The deformation of the individual grains have been measured as well as the local 

orientation after each loading step. These results are compared to the obtained simulation 

results of the deformation. Simulations are performed with crystallographic glide on either 

{110} or {112} systems or both systems simultaneously. First results showed, if no hardening 

is included the results are already in good agreement, which shows the importance of 

predicting initially active glide systems correctly. 
 
 

1. Introduction 

 

The direct dependency between microstructure and material properties and their mechanical 

response to a change in microstructure are basic principles in material science [2]. However, 

microstructures are often very complex ensembles of materials and crystallographic 

orientations which result in the fact that only few researchers have attempted to determine this 

correlation directly [3]. Therefore phenomenological models are well established and often 

used for simulating the plastic deformation of metals on the macroscale, meaning that the 

behavior is compared with, e.g., tensile test curves. To include local inhomogeneities local 

models are necessary for use in conjunction with homogenization techniques to describe the 

global behavior averaged over all inhomogeneities [4]. However, if the global results agree 

this will not automatically fulfill local agreement [5]. If the component size approaches 

microstructural length-scales such as grain size, size effects appear which influence the 

mechanical properties of the sample. These effects have been known for years and are still 

subject of active research [6, 7]. To understand and predict the behavior correctly simulation 

and experiment have to be compared locally. Therefore detailed experimental information of 

local details during plastic deformation is necessary [1]. To do a local comparison the 

simulation has to include the microstructural details, e.g., orientation details of a grain 

structure (e.g. [8]).  

In this paper experimental results for a BCC Fe-3%Si sample loaded incrementally in tension 

are recalled from [1]. This sample is grown in such a way that throughout the sample there is 

only one grain over the thickness in which the grain boundaries are perpendicular to the 

sample surface. The deformation of the individual grains has been measured, as well as the 

local orientation after each loading step. In [9] a software package has been developed to 

automatically construct finite- element meshes directly from different measuring devices, 
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which is used to construct a FE mesh from the investigated sample. In the simulation a crystal 

plasticity model is used based on an algorithmic flow rule for small elastic strain, small time 

steps and plastic incompressibility formulated with finite kinematics. 

 

 

2. Model formulation 

 

In the current work, a material model is formulated in the context of continuum 

thermodynamics. In this context, the material behavior is related to energetic and dissipative 

processes, however, the formulation is isothermal. As usual, the energetic part is determined 

by the free energy density . For the case of anisotropic metals with ideal viscoplastic 

behavior, the form  holds for . The inelastic deformation  is 

assumed to be activated by the set  of accumulated glide-system shears. 

In this work,  is modeled as a change of local reference configuration [10]. In this case, the 

(local) intermediate configuration represents the preferred constitutive reference 

configuration. In the context of "small" elastic strain relevant to metals, and isothermal 

conditions,  takes the form 

 

  (1) 
 

with  the elastic stiffness, at constant deformation. Again in the context of small 

elastic strain, the approximation , i.e., of the Mandel stress by the elastic second 

Piola-Kirchhoff stress is valid. 

As usual, the glide system is represented by the corresponding glide direction, glide-plane 

normal , and direction transverse  to  in the glide plane. As usual, 

 represent an orthonormal system and are assumed constant with respect to the 

local intermediate configuration as determined by . In addition, they determine its 

evolution the constitutive form 

 

  (2) 

 

for  in terms of the active glide-system shears , with  the number of 

active systems, and  the total number of systems. From this, we obtain in particular the form  

 

  (3) 

 

for the inelastic stress power in terms of the Schmid stress 

 

  (4) 

 

The model formulation is then completed by the activation form 

 

  (5) 

 

for the dissipation potential and corresponding flow potential 

 

  (6) 

 

In particular, this potential determines the flow rule . Here,  represents the 

activation stress for dislocation glide,  the resistance stress to dislocation motion, and  a 

characteristic strain-rate associated with dislocation motion.  

Consider next the algorithmic formulation of the crystal plasticity material model for the time 

interval  of duration . In this case, the external variables  and 

 are known. Then the relative deformation gradient  is also known. Further, , 

, , and , as well as  and , are known from the previous update. Consider first 
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the explicit formulation as based on forward-Euler integration of (6). In this case, the update 

of the inelastic state variables is based on that 

 

  (7) 

 

for the glide-system shears obtained from forward-Euler integration in terms of the activation 

stress  for dislocation glide. Table 1 gives the corresponding material 

properties necessary for the model 

 

Table 1 Used material properties for Fe-3%Si in the simulation 

 [GPa]  [GPa]  [GPa]  [MPa]  [s
-1

]  [MPa] 

222 135 120 220 0.001 20 

 

 

3. Results 

 

Figure 1 shows the observed experimental deformation compared with the deformation of the 

grains in the simulation. The presented experimental results also show the orientation 

gradient, however, the focus here is on the shape changes of the sample. For details 

concerning the orientation gradient see [1]. 
 

 
Figure 1. a) Initial experimental observed orientation gradient. b)-e) Comparison 

between observed experimental deformation (background) [10] for  ≈ {0%, 1.5%, 

4%, 10%, 19.5%} to simulation results for different active glide system classes 

({110}(left), {112}(middle), {110} + {112}(right)) 

 

In the experiment strong necking is visible inside grain C and near grain A whereas these 

grains undergo also a strong extension. Until  no clear shear band is visible which 

appeared during the further deformation and finally lead to the failure of the sample. 

Simulations for the case of active {112} glide system class shows a higher contraction than 

for simulations with active {110} glide system class. In particular the deformation in grain C 

indicates that a deformation by active {112} glide systems occurs in the mesocrystal. The 

simulation with active {110} glide system class shows a very high elongation of grain A 

compared to experiment. The results for a simulation with {110} and {112} simultaneously 

active glide system classes show a slight dominance of the {110} glide system class. 

However, the results for both systems active differ significantly from the results for one single 

glide system class, i.e., for the deformation behavior of the grain above grain A. 
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Concluding it can be obtained that the results with either glide system class show a slight 

deviation in the deformation structure, however the main deformation zones are depicted 

correctly. The simulation results with both glide system classes active simultaneously show 

that both classes are active at the same level of deformation with a slight dominating effect of 

the {110} system. Therefore it is concluded that both classes are necessary to simulate the 

experimental tensile and to get sensible results.  

First results including hardening on the different glide planes show a further improvement of 

reproducing the experimental behavior. 

 

4. Conclusion 

 

A crystal-plasticity-based model formulation for anisotropic elastic ideal viscoplastic 

materials on the basis of an algorithmic flow rule for small elastic strain, small time steps and 

plastic incompressibility based on finite kinematics is presented. This material model is used 

for the FE representation of the sample of a thin sheet metal specimen with large grains. The 

experimental results of the tensile test obtained in [1] are recalled and compared to the 

simulation results. The simulations were carried out for two sets of glide system classes 

separately, as well as simultaneously active, namely {110}<111> and {112}<111>. The 

results show a slight deviation however, the main deformation zones were predicted correctly 

which shows the importance of determining the active glide systems at the beginning of the 

deformation correctly. In future work the model formulation introduced will be extended with 

hardening formulations to investigate the local hardening behavior of the different grains 

which will lead to more accuracy in the results 
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A continuum dislocation density-based model for crystal plasticity is proposed, 
which accounts for both evolution in time and gradients in space. The dislocation 
structure is simplified as rectangular loops, i.e. signed dislocation densities of edge 
and screw character on each slip system. This allows to distinguish between the 
total amount of dislocations and the excess of one sign, i.e. the amount of 
geometrically necessary dislocations. The density evolution results from local 
dislocation reactions and the flux divergence. Dislocation reactions are described 
by rate equations and comprise the generation and annihilation of dislocation 
density as well as the transformation between dislocations in single and dipole 
configuration. The net flux of dislocations depends on the spatial gradient of the 
flux density and therefore renders the model nonlocal, i.e. size-dependent. 
Dislocation driving force results from a tensorial superposition of the applied stress 
and internal stresses arising from an inhomogeneous spatial distribution of the 
excess dislocation content. The model is solved at the integration point level of a 
finite element discretization and directly uses neighboring integration point data for 
the derivation of spatial gradients. It is evaluated for the cases of three-
dimensional single and bi-crystalline Al. 
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Advanced high strength steels, such as metastable austenitic stainless steels, 
exhibit an excellent combination of strength and ductility. The remarkable 
mechanical properties of these materials at the macroscale level are related to 
their complex microstructural behaviour, resulting from the interaction between 
plastic deformation of the phases and the austenite to martensite phase 
transformation during thermomechanical loading. This microstructural behaviour is 
in turn a very complex function of alloying and thermomechanical processing, 
which is still not fully understood, thus limiting the optimal utilization of these 
materials. 
 
The model incorporates several spatial levels bridged through appropriate 
homogenization techniques: (i) a macroscopic or engineering level; (ii) a 
mesoscale polycrystalline level; (iii) a microscale level of a single austenite grain; 
and (iv) a level of smaller domains within the austenite grain where the martensitic 
transformation takes place on particular crystallographic transformation systems. 
The model directly incorporates the coupling between elastic and plastic 
deformations of the phases and the transformation, as well as the dependence of 
the transformation on the previous thermomechanical history, allowing to account 
for various related phenomena, e.g. the mechanical stabilization of austenite. 
 
Several examples are used to illustrate the ability of the model to predict the 
orientation and stress-state dependence of the transformation and the effect of the 
proper incorporation of the interaction between the plastic deformation of the 
austenite and the martensite transformation. The performance of the model is 
evaluated against experimental data, i.e. tensile tests and pure bending tests, 
including the non-trivial springback behaviour originating from the stress-state 
dependency of the transformation.   
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ABSTRACT 

The paper describes the application of the finite element method to predict crystallographic 

texture development in the cold rolled ferritic-austenitic steel. The modelling was carried out 

using the finite element code Abaqus and the subroutine VPSC5, including visco-plastic self-

consistent model. The initial texture (set of single orientations) was generated based on the 

experimental texture of the annealed sample. The resulting textures obtained for finite element 

situated in inner area of the sample were in good agreement with the experimental data. 

 

1. Introduction 

In the last years a growing interest in application of the finite element method for 

crystallographic texture prediction has been observed [1-5]. This has been dictated by many 

advantages of this method, such as good projection of the stress and strain state, and securing 

of the material continuity (which is very important in multiphase materials modelling).  

Among a number of multiphase materials the ferritic-austenitic stainless steels are currently 

one of the most important constructional materials. Due to their advantages, such as high 

corrosion resistance, good formability and weldability, the duplex steels are mainly used in 

chemical, power, paper, oil, food and shipbuilding industry. 

Given this importance and versatility of duplex steels application, an attempt to prepare a 

computational system based on finite element method (commercial software Abaqus) 

combined with the VPSC5 code (visco-plastic self-consistent model [6]) has been made with 

the aim of texture prediction in the cold-deformed two-phase material. The system was 

verified using texture data for ferritic-austenitic steel. 

The visco-plastic self-consistent model included in the VPSC5 subroutine suggests its 

application for multiphase materials due to the consideration of the problem of ellipsoidal 

inclusion embedded in homogenous matrix. In addition, inclusion during deformation became 

flat like a real grain in duplex steel. 

 

2. Experimental data 

The commercial ferritic-austenitic UR45N steel was used as a comparative material for 

verification of model results. The orientation distribution functions were determined using 

ADC method [7] based on pole figures measured by neutron diffraction method [8]. This 

method provides a very accurate estimation of global texture (in macro-scale). 

 

3. Modelling procedure 

The calculations were carried out in two steps. In the first step, local deformation gradient 

tensors for each finite element were calculated using Abaqus (and subroutine Vumat 

developed by the author). The isotropy of the material was assumed for the calculations in this 

step. In the second step, the deformation gradient tensors at each time increment for chosen 
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finite element were transmitted to the subroutine VPSC, which calculates orientation changes 

using the visco-plastic self-consistent model. The local deformation gradient tensor 

determined in the first step is considered now as global for VPSC5.  

The orientations of crystallites in the initial state were generated from orientation distribution 

functions (ODF) calculated with pole figures measured using the neutron diffraction method 

for the annealed sample [8].  

It was assumed that for 1200 initial orientations for BCC phase and 800 initial orientations for 

FCC phase, one finite element is assigned (according to the approximated volume fraction of 

phases in the experimental sample  ~60% of BCC and ~40% of FCC). This approach allowed 

transferring global texture information to the micro-level (single orientation represents the 

single grain). The assumed number of orientations was sufficient to obtain a good 

representation of characteristic features of the initial texture for both phases and to 

simultaneously reduce the calculation time. The twelve slip systems <110>{111} as well as 

the twelve twinning systems <110>{112} for the FCC phase and forty-eight slip systems: 

<111>{110}, <111>{112} and <111>{123} for the BCC phase were assumed.   

The advantage of the presented approach is that one can use average mechanical properties (in 

form of work-hardening curve of the investigated material) in single finite element. Because 

of this, the multi-phase character of the material (the interactions between FCC and BCC 

phases) is taken into consideration. 

 

4. Results 

 

Following the execution of the modelling procedure described above, the orientation 

distribution functions for 20%, 40%, 60% and 80% of r.r. were obtained. The model 

distributions and corresponding experimental ODF’s for FCC and BCC phases cold-rolled up 

to 80% of rolling reduction are presented in (fig.1,2).  

Additionally, the characteristic fibres for BCC phase: γ - <111>|| ND, α - <110>|| RD,  

ε - <110>|| TD  and for FCC phase: η - <001>|| RD, α - <110>|| ND and ( τ - <110>|| TD 

were performed in the form of skeleton lines for the annealed sample (0%) and for 

experimental and model samples after 80% of deformation. (Fig.3-8 ). 

 

     

Figure.1. Orientation distribution function for BCC phase (80% r.r.): a) experiment, b) model     

      

a) 

b) 
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Figure.2. Orientation distribution function for FCC phase (80% r.r.): a) experiment, b) model 
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Fig. 3. Skeleton lines for BCC :  (γ - <111>|| ND)     Fig. 4. Skeleton lines for BCC:   (α - <110>|| RD) 
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Fig. 5. Skeleton lines for BCC :( ε - <110>|| TD)        Fig. 6. Skeleton lines for FCC:  (η - <001>|| RD) 
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Fig. 7. Skeleton lines for FCC:  (α - <110>|| ND)       Fig. 8. Skeleton lines for FCC:  ( τ - <110>|| TD) 
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5. Discussion 

 

There are two significant advantages of the developed and tested modelling procedure for 

deformation texture prediction. Firstly, the mechanical properties are included in the 

procedure thanks to the introduction of the work-hardening curve, which represents the 

average properties of the investigated material. Secondly, the interaction between phases takes 

place in the volume of each single finite element, and not between finite elements. 

The comparison of the model presented in the paper and the experimental ODF’s for FCC and 

BCC phases has indicated that the developed approach allows to obtain very good 

reproducibility of the characteristic features of the experimental texture (fig.1,2). 

By analyzing the orientation distributions along the characteristic skeleton lines (called fibres) 

one can found a very good representation of the γ-fibre for the ferrite model ODF (fig.3). The 

ε-fibre is also reproduced correctly (fig.5). The α-fibre (fig.4) was developed by increasing 

the deformation degree, however some deviations from the experimental distribution are 

apparent. Specifically, in the neighbourhood of {001}<110> orientation, the local maximum 

of the orientation density in the model ODF is shifted towards {112}<110> orientation.   

For the austenite model ODF’s with an increase of rolling reduction one can observe 

developing of the α-fibre with {110}<112> brass and {110}<001> Goss components. As it is 

observed in the experimental orientation distribution, the {112}<111> copper orientation is 

not present in the model ODF’s (fig.2) for 80% r.r (τ-fibre, fig.8). This results from the 

introduction of twinning as an additional deformation mechanism in the modelling procedure. 

The high orientation density near the {123}<634> S-orientation characteristic for FCC 

deformation texture is also observed in the model distribution (fig. 2b).  

 

6. Conclusions 

 

The analysis of the obtained results provided the evidence that the developed modelling 

procedure based on FEM (Abaqus) and VPSC5 (visco-plastic self-consistent model of plastic 

deformation) may be successfully applied to predict formation of the crystallographic texture 

during cold forming of the multiphase material. 

However, during analysis of modelling results one should take into account the fact, that in 

the ferritic-austenitic steels considerable differences in formed deformation textures can 

occur, e.g. induced by the chemical composition [9]. The additional deformation mechanism 

may also be activated, e.g. γ→α  phase transformation, which can effect the final texture. The 

parameters of heat treatment and plastic working can also have an influence on the resulting 

texture. Therefore, an individual treatment of each material in preparing the modelling 

procedure parameters is necessary. 
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In the last two decades, the phase-field approach has become a useful and 
powerful tool for understanding and modeling phase transformations and 
microstructure evolutions across many fields in materials science [1,2]. The 
meaning of phase field is the spatial and temporal order-parameter field defined in 
a continuum diffused interface model. By using the phase-field order parameters, 
various types of complex microstructure changes observed in materials science 
can be efficiently described.  

In this study, as typical examples of the phase-field modeling applied to complex 
microstructure changes in real alloy systems, our recent simulation results of the 
phase transformations and microstructure evolutions are demonstrated. In regard 
to the structural materials, the nano-scale precipitation in Fe-base alloys [3] and 
the microstructure evolutions in Ni-base superalloys [4,5] are explained. On the 
other hand, the phase-field modeling of the microstructure formations in magnetic 
materials [6-8] and ferroelectric materials [9] are mentioned as the applications to 
functional materials. Furthermore, the effective strategy for materials design, 
where the phase-field method is combined with the image-based property 
calculation, is also proposed.  
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ABSTRACT 

 

Hot work tool steels have to sustain high thermal and mechanical loads. To establish an 

authentic lifetime prediction of hot work tool steels during service, an accurate investigation 

and characterization of microstructure evolution is obligate since the material properties 

depend on the microstructural configuration. Therefore the microstructure of a ferritic hot 

work tool steel was investigated at different heat-treatment stages. Short-term creep specimen 

were investigated after rupture and their microstructural state was characterized and compared 

with precipitation kinetics simulations. The investigated tool material, which has a bcc lattice 

structure, forms a distinct dislocation cell and subgrain structure, respectively, which is 

described by a dislocation density model for thermal creep using the rate theory, in which the 

precipitation state influences the subgrain boundary migration. 

 

 

1. Introduction 

 

In this work the microstructural evolution of a ferritic hot work tool steel during thermo-

mechanical loads, i.e. creep load, is described by means of thermodynamic precipitation 

calculations performed with the software Matcalc
TM

 [1,2] and simultaneously by dislocation 

density evolution calculations. The precipitation state of the specimen is characterized after 

the last annealing step, i.e. the final state before starting the experimental program as well as 

after rupture. The dislocation density calculations are performed with MathCad
TM

 to describe 

the dislocation and subgrain structure evolution during the creep load range based on a model 

for thermal creep using the rate theory [3]. These results are compared with TEM dislocation 

density measurements. 

 

 

2. Microstructure Modelling 

 

1.1 Material definition 

 

The chemical composition of the investigated hot work tool steel X38CrMoV5-1 is shown in 

Table 1. A standard heat treatment to achieve a martensitic structure with a hardness of 46 

HRC was applied. 

 

 

Table 1: Chemical composition of the Böhler
TM

 W300 hot work tool steel [wt. %] 
Fe C Si Mn Cr Mo V 

W300 
(Bal.) 0.38 1.10 0.40 5.0 1.30 0.40 
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1.2 Short term creep tests 

 

The microstructure, i.e. precipitation state and dislocation density, of the creep specimen is 

characterized after the last annealing step. The short term creep tests are subsequently 

performed at temperatures between 500 and 590°C, i.e. below the last annealing temperature 

of 600°C and at stresses in the range between 350 and 900 MPa. 

 

 

1.3 Modelling the precipitation kinetics and dislocation density evolution 

 

The precipitation kinetics are simulated with the software MatCalc
TM

, the phase fractions f of 

the considered precipitates are MX (V(C,N)), M3C (Fe3C), M6C (Cr6C), M7C3 (Cr7C3), 

M23C6, (Cr23C6), M2C (Mo2C) and Laves phase, the particle number N per volume and the 

related mean radius of the particles, Rvmean, are the main output parameters. N and Rvmean are 

subsequently important input parameters for the dislocation density evolution model.  

The precipitation state after the heat treatment, the thermal and mechanical loading 

conditions, the initial dislocation density as well as subgrain size are key parameters in the 

used physically based dislocation model according to Ghoniem et al. [3]. The basis of the 

model is to describe the dislocation structure evolution by: 

− the generation and immobilization of dislocations at subgrain boundaries, i.e. multiplication 

as well as annihilation of dislocations due to interaction processes, 

− the recovery of the static dislocations at the boundaries as well as the absorption of mobile 

dislocations in the cell wall, 

− the generation of dislocations by emission from the cell wall, 

− the dynamics of nucleation and growth of subgrains from dislocations within the cells  

as well as 

− the subgrain growth due to coalescence driven by the subboundary energy. 

 

Hence the total dislocation density ȡges, is separated into three categories of dislocations, 

namely mobile ȡm, static ȡs, and boundary dislocations ȡb to consider all the specific 

dislocation dynamics mentioned above. As an example, the evolution of the boundary 

dislocation density is described in Eqn. 1, 

 

 

               (1), 

 

 

 

where the parameter ȗ depicts the annihilation at the subgrain boundary, vc
s
 the creep velocity 

of static dislocations, hsg the distance between two dislocations in the subgrain, Msg the 

mobility of subgrains, psg the driving force of the subgrain boundary, Rvmean ,i the radius of 

precipitation class i, Ni the related number of particles per volume and Ȗsg the surface energy 

of the subgrain boundary [3].  

 

 

3. Results 

 

The evolution of the phase fraction f of the precipitates and Rvmean as a function of the thermal 

history were calculated with MatCalc
TM

 and are depicted in Figure 1. 
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(a) 

 

 

(b) 
 

 

(c) 

 

Figure 1. (a) Thermal history (heat treatment and subsequent thermal load of 195h at 

550°C) of an investigated creep specimen as well as (b) the volume fractions of the 

precipitates (Note: The amount of M7C3 is divided by 10) and (c) the corresponding 

precipitation size evolution. 

 

The MatCalc
TM

 simulation was compared with the investigations on the creep specimen, 

which came to the same correlation that the Cr7C3, Cr23C6 and Mo2C precipitation volume 

fractions exhibit the highest amounts among the others (see Fig. 1b). The only discordance in 

the simulation is the decreasing volume fraction of Fe3C compared to the TEM investigation. 

The dislocation density calculations as compared with the TEM-investigations are 

depicted in Figure 2. The dislocation density after the last annealing step was found to be 6.4 

10
14

 m
-2

 (Fig. 2b) and during creep load of 400MPa and 550°C for 195 hours, the material 

softens and the dislocation density decreases to a value of 9.3 10
13

 m
-2

 (Fig. 2c). The 

simulation started with the same initial conditions and predicted a final total dislocation 

density of about 1.4 10
14

 m
-2

 (Fig. 2a). Remarkable is the rapid decrease of the dislocation 

density at the beginning of creep test (see Fig. 2a), which is also close to reality, where a rapid 

change in the dislocation structure takes place at first, i.e. during the primary creep range. 
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    (a) 

 

Figure 2. Simulation (a) and determination of the dislocation density by TEM 

investigations: (b) Initial state before creep testing and (c) investigated specimen after 

rupture. 

 

 

4. Conclusion and Outlook 

 

It is shown that by applying physical based models the microstructure evolution of a hot work 

tool steel during both heat treatment and creep loading can be described. The precipitation 

evolution during annealing as well as under thermal loading was modeled in order to consider 

the influence of the precipitation state on the mobility of dislocations. The initial measured 

dislocation density was also the starting parameter for the simulation to make a reasonable 

comparison. The initial precipitation state after heat treatment was considered and assumed to 

be stable. However, possible further precipitation reactions during creep, i.e. coarsening, were 

neglected. A coupling of the two models will be a main objective for future work. 
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ABSTRACT

The work presented is devoted to the study of mechanisms and kinetics of plastic deformation

of fcc metals under shock-wave loading (strain rates > 10
5 s−1). Under high strain rates the

dependence of flow stress on strain rate becomes stronger [1,2] and its temperature dependence

may change as well. It can be attributed to the change of the regime of dislocation motion.

Indeed, dislocation velocity is high enough for over-barrier motion of dislocations (without

thermal activation) and is limited by a phonon drag [2].

To study the behavior of metals under conditions described the two scale approach is developed

[3]. It comprises molecular dynamics (MD) calculations of dislocation mobility and disloca-

tions nucleation rate and 1D continuum mechanics model with equations for description of

elastoplastic deformation, kinetics and dynamics of dislocations.

Dislocation velocities as functions of applied shear stress are calculated from MD in a wide

temperature range up to the melting point. Velocity-dependent drag coefficient is introduced

to approximate the data obtained, including relativistic region (where dislocation velocity ap-

proaches the sound speed asymptotically). The influence of vacancies, impurity atoms, pre-

cipitates and pores on dislocation motion is analyzed. The rate of homogeneous nucleation of

dislocation loops is evaluated from direct MD simulations using statistical averaging approach

and compared with the results of dislocations theory. Several models for the description of

dislocations nucleation are discussed.

The results obtained are used to evaluate temperature dependence of dynamic flow stress and

the evolution of dislocations subsystem under shock loading. Data on the attenuation of the

elastic precursor and rare surface velocity profiles calculated for Al are in good agreement with

the experiments [1].
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Nowadays, molecular dynamics simulations are widely used to support the 
development process for new materials. The key to a quantitative property 
prediction is the accuracy of the simulation's foundation, the force field. A force 
field describes the intra- and intermolecular interactions by a semi-empirical 
equation and its associated parameters. 
Manual adjustment and optimization of these parameters is, at best, extremely 
time-consuming. Hence, an automated parameterization scheme is essential in 
our pursuit to create tailor-made models for specific investigations in a timely 
fashion. This has been realized and implemented into a Gradient-based 
Optimization Workflow (GROW) [1-3] for the automated development of molecular 
models. 
 
In this presentation, we will show how our developed simulation procedure 
technically works and we will present some example simulations of different 
chemical substances and their mixtures calculating condensed phase properties 
like densities, self-diffusion coefficients, viscosities, and enthalpies of vaporization. 
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ABSTRACT

The solid-melt interfacial free energy is a primary parameter governing the kinetics and mor-

phology of crystal growth and nucleation, as well as in the wetting of a solid surface by a fluid.

In this work we focus on the calculation of γsl from atomistic computer simulation. After briefly

reviewing our work and that of others on the development of cleaving and capillary fluctuation

methods (CFM) for systems ranging from idealized models (hard-spheres, Lennard-Jones) to

more realistic models of metals and molecular materials, we discuss our recent efforts to de-

termine γsl through the integration of a Gibbs-Cahn adsorption equation. As a test, we apply

the Gibbs-Cahn method to two model systems: the Lennard-Jones crystal-melt interface and a

hard-sphere fluid at a hard wall. The values for γsl so obtained are in good agreement with previ-

ous calculations by cleaving and CFM, but were obtained with significantly less computational

effort.

1. Introduction

For solid-liqud interfaces, the interfacial free energy, γsl, plays a central role in understanding

the morphology and kinetics of crystal growth and nucleation1. Despite its importance, direct

experimental measurements are difficult, few in number and generally not precise enough to re-

solve the often small orientation dependence (anisotropy). Because of the lack of experimental

data, much of our current understanding of the material dependence of γsl comes via atomistic

simulations2.

The determination of γsl in a computer simulation is complicated by the solid elasticity, which

precludes1 the use of mechanical approaches commonly used for liquid-vapor or fluid-wall

interfaces in which γ is equated to the integral of the excess interfacial stress. At present,

there are two principal methods for the calculation of γsl via molecular simulation: In the

capillary fluctuation method (CFM),3 the interfacial stiffness is obtained from the spectrum of

interfacial fluctuations. By determining the anisotropy of the stiffness, accurate values of γsl
can be obtained. In the cleaving method,4,5 γsl is obtained using thermodynamic integration -

directly calculating the reversible work per unit area required to transform bulk crystal and melt

systems into a system containing an interface. Both of these methods, which have been applied

to a number of model and realistic potentials2, are computationally intensive, so evaluations

of γsl for a given system, with the exception of the Lennard-Jones system,6,7 are generally

restricted to one point on the coexistence curve. More efficient simulation methods are needed

facilitate the calculation of γsl over the full range of coexistence conditions.

Recently, Frolov and Mishin8 have demonstrated that γsl for the solid-liquid interfaces of mix-

tures can be determined by direct integration along the temperature-composition curve at fixed
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pressure given a value of γsl for one of the pure components. They applied this formalism to the

calculation of γsl for Cu/Ag mixtures of varying composition. Their approach, which we refer

to as ”Gibbs-Cahn integration”, is based upon Cahn’s extension9 of the interfacial thermody-

namics of Gibbs10. Using the Gibbs-Cahn formalism, differential changes in γsl can be related

to interfacial excesses that are readily calculated within an atomistic simulation, allowing for the

determination of γsl along the coexistence curve by direct integration. As such, this technique

is analogous to the use of the Clapeyron equation to determine phase boundaries by integration

along the boundary.11,12 Frolov and Mishin have also employed this technique to determine the

surface free energy of Cu(110) as a function of T at fixed pressure.13

In this work, we use the Gibbs-Cahn approach to demonstrate that γsl can be obtained at a

variety of temperatures along a temperature-pressure coexistence curve by integration of the

excess interfacial energy and stress along that curve, provided that the value of γsl has been

previously determined for one temperature (for example, by CFM or cleaving). The result is a

determination of γsl as a function of coexistence temperature with a computational effort that

is not significantly more than the calculation of a single γsl value by CFM or cleaving. As an

additional test, we also apply the formalism to the calculation of the interfacial free energy for

a hard-sphere fluid at a structureless hard wall.

2. Gibbs-Cahn Integration

In a seminal paper9, Cahn generalized Gibb’s interface thermodynamics by eliminating the

need to define a dividing surface. For an r-component system containing a planar interface

under hydrostatic stress, changes in γ are governed in Cahn’s formalism by the following dif-

ferential9,13,14

d(γA) = −[S/XY ]dT+[V/XY ]dP+
∑

i,j=1,2

[(σij+δijP )V/XY ] dǫij−
r

∑

k=1

[Nk/XY ]dµk (1)

where A is the interfacial area, S, V, T , and P are entropy, volume, temperature and pressure,

respectively, and Nk and µk are the number and chemical potential of particles of type k. The

quantities σi,j and ei,j are the i, j components of the stress and strain tensors, respectively. In

Eq. 1, X and Y are variables conjugate to displacements dx and dy (e.g., V is the variable

conjugate to dP ), and the notation [A/XY ] is defined as

[A/XY ] =

∣

∣

∣

∣

∣

∣

A X Y
Al Xl Yl

As Xs Ys

∣

∣

∣

∣

∣

∣

/

∣

∣

∣

∣

Xl Yl

Xs Ys

∣

∣

∣

∣

(2)

where s and l denote bulk solid and bulk liquid and quantities without these designations refer

to the interfacial system. The choice of X and Y allows one to eliminate two of the terms in the

differential because a determinant vanishes if two columns are identical.

For a single component system (r = 1), a convenient choice is X, Y = N, V , equivalent to a

Gibbs dividing surface with zero excess particle number. With this choice, the dP and dµ terms

in Eq. 1 are zero (because a determinant is zero if two columns are identical), giving

d(γA) = −[S/NV ]dT +
∑

i,j=1,2

[(σij + δijP )V/NV ]dǫij (3)

Simplifying, Eq. 3 is reduced to14

1

A
d(γA) = −ηdT + τ

dA

A
(4)
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where η and τ are the excess interfacial entropy and stress, respectively.1.

Eq. 4 requires knowledge of the excess interfacial entropy, η, which is not readily obtainable

from simulation. To remedy this, Frolov and Mishin,13 transform Eq. 4 to

1

A
d(γA/T ) = −

e

T 2
dT +

τ

T

dA

A
(5)

which relates changes in γ to the more easily obtainable excess interfacial energy, e. The

derivation of this equation is analogous to the derivation of the Gibbs-Helmholtz equation in

thermodynamics.

3. Results

For our study, we use the truncated Lennard-Jones (LJ) potential of Broughton and Gilmer15.

This potential has an advantage because its interfacial thermodynamics have been previously

characterized4,6,16. Starting from the values determined by Davidchack and Laird for γsl at the

triple point (T ∗ = kT/ǫ = 0.618), we can use Eq. 4 to determine the value of γsl at higher

temperatures along the coexistence curve. To do this we have calculated the crystal density, ρc
and the excess interfacial energy, e, and stress, τ at several temperatures (T ∗ = 0.618, 0.809,

1.0, 1.25 and 1.5) along the coexistence curve. See Reference 2 for simulation details.

The values of γsl above the triple point are obtained by numerically integrating Eq. 4 to obtain

γg/T , from which γsl is easily determined. The results of these integrations are summarized

in Fig. 1 along with the values determined by cleaving in Reference 6, for comparison. At

T ∗ = 1.0, the values from Gibbs-Cahn integration agree within the error bars with those from

cleaving, except for the values for (111), which are slightly higher in the current work. At

T ∗ = 1.5, the values for (110) agree within the error bars for the two methods, but the current

values for (100) and (111) are higher by 3-5% than those for cleaving, although the error bars

on the latter are quite large. The origin of these discrepancies is not clear, although the current

method, in addition to being less computationally intensive than cleaving, appears also to have

significantly smaller statistical error. The current results were obtained with significantly less

computational effort than required by either the cleaving method or the capillary fluctuation

method (CFM).

In addition to the results for the LJ system, we have used the Gibbs-Cahn formalism to calculate

γsl for a hard-sphere fluid at a hard structureless wall. Details of these results can be found in

Reference 17.
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Curvy nanostructures such as carbon nanotubes and fullerenes have 

extraordinary properties but are difficult to pick up and assemble into devices after 

synthesis. We have performed experimental and modeling research into how to 

construct curvy nanostructures directly integrated on graphene, taking advantage 

of the fact that graphene bends easily after open edges have been cut on it, which 

can then fuse with other open edges, like a plumber connecting metal fittings. By 

applying electrical current heating to few-layer graphene inside an electron 

microscope, we observed the in situ creation of many interconnected, curved 

carbon nanostructures, such as graphene bilayer edges (BLEs), aka “fractional 
nanotubes”; BLE polygons equivalent to “squashed fullerenes” and “anti quantum-

dots”; and nanotube-BLE junctions connecting multiple layers of graphene. The 

BLEs, quite atypical of elemental carbon, have large permanent electric dipoles of 

0.87 and 1.14 debye/Å for zigzag and armchair inclinations, respectively. An 

unusual, weak AA interlayer coupling leads to a twinned double-cone dispersion of 

the electronic states near the Dirac points. This entails a type of quantum Hall 

behavior markedly different from what has been observed in graphene-based 

materials, characterized by a magnetic field-dependent resonance in the Hall 

conductivity. Further simulations indicate that multiple-layer graphene offers 

unique opportunities for tailoring carbon-based structures and engineering novel 

nano-devices with complex topologies. (PNAS 106 (2009) 10103; Phys. Rev. B 80 

(2009) 165407; Nano Research 3 (2010) 43) 
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ABSTRACT 

 
The metastable iron carbide Fe3C (orthorhombic symmetry) is a constituent of many steels 

and, in particular, of the lamellar eutectoid αFe/Fe3C pearlite. Fully pearlitic steels of near-

eutectoid composition with 12% to 14% cementite in volume transformed at low temperature 

possess a very fine microstructure of interlamellar spacing of the order of 100 nm, i.e. they 

are two-phase nanocomposites. By wire-drawing that spacing can be further reduced by a 

factor of ten, to about 10 nm, making of highly drawn fine pearlitic wires the strongest 

commercial material available in bulk quantities. Understanding the strength of such 

nanocomposite is paramount for its use as reinforcement of tyres. Knowledge of the strength 

of cementite is thus of utmost technical importance. Cementite is also of geological interest 

(cohenite in the geological literature) being present in iron meteorites and perhaps in the solid 

inner earth core. Surprisingly, the mechanical properties of cementite, even its elastic 

properties [1], are not fully elucidated. Using a recently proposed bond-order interatomic 

potential for the iron-carbon system [2], the room-temperature tensile strength of plain Fe3C 

has been studied by performing molecular dynamics simulations. 

 

 

1. Cementite strength 

 

Surprisingly, to our knowledge no single crystalline direct mechanical data obtained by using 

micro/nanomechanical tests nowadays available exist for cementite. Some very scarce data 

from bending tests of small single crystalline cementite samples (1-3 �m thick) were 

published long time ago [3] yielding fracture strengths from 4.6 GPa to 8 GPa; samples 

showed plastic deformation before fracture. By contrast, bulk compression tests of 

polycrystalline cementite at different temperatures have been published [4-6]; although at 

room temperature bulk cementite is brittle and breaks at about 2 GPa to 3 GPa, above 573 K 

bulk cementite is ductile. By extrapolation of the high temperature strength (ductile 

behaviour) to room temperature, a value from 5 GPa to 7 GPa is obtained. In conclusion, a 

value of about 6 ± 2 GPa is estimated from bending or compression tests (notice, however that 

grain boundary sliding is active in the high temperature compression tests). Measurements of 

bulk cementite strength at different temperatures are mainly available from indentation tests 

on relatively thick plates of single crystalline pro-eutectoid or eutectic cementite and less 

frequently on thin films or bulk polycrystalline specimens [4,7-17]. In all cases, the equivalent 

tensile strength at room temperature ranges from 3 GPa to 6 GPa, depending on 

crystallographic orientation, alloying or prior plastic deformation, 4 GPa being the most 

frequently quoted value for unalloyed cementite (1100 Kgf mm
-2

 Vickers hardness). The 

reported values correspond to Vickers micro- or macro-hardness and should be considered as 

lower bound values, as some indentation cracking could have occurred in the tests. 

Measurement of the strength of perlitic cementite is only accesible via diffraction 

measurements on account of its size (initial true thickness of about 10 nm after patenting). 

Cementite strength has been estimated about 5 GPa [18,19] from the partitioning of the 
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macroscopic stress and the measure of the lattice ferrite strain during in situ tension neutron 

diffraction test of heavily drawn wire or drawn and annealed wire pearlitic steel. Similar 

approximated values of about 5 GPa (a maximum cementite lattice strain in the range 0.014-

0.019) have been obtained by direct measurement of the tensile lattice strain of cementite of 

patented or drawn-annealed pearlitic steel also by neutron diffraction in situ tests [20,21]. 

From the synchrotron measurements of the residual stresses in the cementite of a one-pass 

drawn pearlitic wire, a cementite tensile strength of about 4 GPa can be calculated too [22]. 

From the residual stresses of the cementite after drawing a fine pearlitic wire up to a true 

strain of 2  [23] plus the wire flow stress, a cementite strength of 4 GPa to 5 GPa is estimated. 

Summarizing, the range 6 ± 2 GPa covers nearly all published experimental measurements or 

estimations based on experimental results of the cementite tensile equivalent strength (the 

cementite tensile or compressive flow stress assuming ductile behaviour) at room 

temperature, for either bulk polycrystalline specimens or thin lamellar pearlitic cementite. The 

data covered by this range were obtained using very different experimental methods. We have 

not found in the literature any predictions of the cementite strength obtained from atomistic 

simulations. 

 

 

2. Cementite elastic moduli 
 

Ledbetter [1] has recently reviewed the state-of-the-art of our knowledge on the elastic 

properties of cementite, his conclusion being that despite much research done on this subject a 

precise value of the elastic moduli is rather uncertain. Few measurements based on reliable 

single crystalline samples exists and there are no experimental measurements of the whole set 

of 9 moduli of the orthorrombic cementite crystal. Most published values are estimations of 

the average polycrystalline moduli based on the elastic moduli of steel or cast iron. The values 

present a large dispersion and some conflicting discrepancies. For instance, the 

polycrystalline moduli obtained by Ledbetter by extrapolation to the cementite composition of 

the moduli of iron-carbon alloys with different cementite fractions are E = 230±12 GPa and � 

= 0.275±0.03 for respectively the Young and Poisson moduli. These results imply that 

cementite is stiffer than ferrite (E = 212 GPa, � = 0.288). However, an average of ten 

previously published values of the cementite Young modulus collected by Ledbetter yields E 

= 180±21 GPa, smaller than the isotropic ferrite Young modulus. Direct measuremnts of the 

elastic moduli of cementite single crystals suffer from difficulties of specimen preparation. 

Values obtained from measurements of the moduli of ferrite-cementite composites suffer 

from the hypothesis made for both eliminating the texture influence and for deconvoluting the 

moduli of the individual constituents of the composites. Also recently ab initio calculations of 

cementite structural, electronic and elastic properties have been made for the first time [24]. 

The predicted structural parameters agree within 1% with the experimental results and the 

interatomic bonding shows a complex mixture of metallic, covalent, and ionic characters. The 

authors have calculated the whole set of elastic moduli of the cementite crystal (Tab. 1). The 

Young and Poisson moduli obtained from averaging the moduli given in Tab. 1 are 

respectively E = 194-203 GPa and � = 0.35-0.36, i.e., cementite is theoretically predicted to 

be elastically stable and, on average, less stiff than ferrite, in agreement with most published 

experimentally-based results. The predicted bulk and shear modulus are respectively B = 224-

227 GPa and G = 72-75 GPa. The bulk modulus is about 30% higher than experimental 

values measured under high pressures using diamond cells [25-27], but the discrepancy is 

attributed by Jiang and co-workers [24] to the non-linear effects associated to the very high 

pressures applied in the experiments. However, the most surprising result of the ab initio 

calculations of Jiang et al. is by far the extraordinary elastic anisotropy predicted for 

cementite, in particular the very small relative value of the c44 shear modulus. A comparison 

of c44, that represents the stiffness of the lattice against (010)[001] shear, with the isotropic 
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average shear modulus G and with the c55 and c66 moduli gives a good idea of that unexpected 

behaviour. 

 

 

Table 1. Elastic moduli of orthorrombic cementite Fe3C from ab initio calculations allowing 

for internal atomic relaxations [24]. 

Stiffness elastic moduli (GPa) 

Derivation method c11 c22 c33 c12 c23 c13 c44 c55 c66 

Energy-strain 388 345 322 156 162 164 15 134 134 

Stress-strain 395 347 325 158 163 169 18 134 135 

Phonon 384 325 283 - - - 26 134 125 

 

 

3. Results of molecular dynamics simulations 
 

We make use of a recently-proposed bond-order interatomic potential for the iron-carbon 

system [2] in order to obtain the tensile strength of plain Fe3C. The numerical integration of 

motion equations employs a time increment, ∆t, of 0.5 fs. The Nosé-Hoover thermostat was 

used for temperature control. The generated samples were cementite single crystals formed by 

120 unitary cells. After generation, samples were relaxed at 300 K during 5.5 ps. After 

relaxation, the sample dimensions were 2.4 × 2.7 × 2.6 nm
3
. Priodic boundary conditions 

were along the three axes. In each of the performed simulations, a different system dimension 

(lying along [100], [010] or [001]) was moved at constant speed equivalent to dε/dt � 10
8
 s

–1
, 

while the other two remained the same. All the atoms of the system could freely move. 

 

 

(a) 

 

(b) 

 

(c) 

 

(d) 

 
Figure 1. Stress-strain response of the cementite (a) stress-constrained along [100], 

(b) stress-constrained along [010] and (c) stress-constrained along [001]. (d) Von 

Mises equivalent stress vs. ε for the different constrained-stress directions. 

 

Fig. 1.a-c shows the mechanical response of cementite to the applied strain along different 

directions. Not only the stress corresponding to the strained direction is shown, also the other 

two perpendicular stress terms are presented. Due to the boundary conditions applied to the 

system, the attained state of stresses with a very high hydrostatic component. To avoid this 

effect, we calculate the corresponding von Mises equivalent stress (Fig. 1.d). Simulations 
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yield a Young modulus along [100], [010] and [001] of 251 GPa, 247GPa and 266 GPa, 

respectively. Considering the von Mises equivalent stress, cementite strength is about 12 GPa. 
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ABSTRACT 

 
We have carried out simulations of molecular dynamics of bicrystalline samples presenting 

symmetrical tilt boundaries Σ17(530) perturbed by nanocracks lying on the grain boundary. 

The simulations were performed for copper at 300 K. We have studied how the crack size can 

affect the shear-coupled migration of the boundary. The embedded atom method was used 

and Nosé-Hoover thermostat was implemented. Periodic boundary conditions were set along 

the direction of application of the load and the tilt axis. Systems of constant width, X, and 

different crack sizes, 2a, were generated. After relaxation, bicrystals were sheared at constant 

rate of 10
8
 s

–1
. The response of the cracked specimens follows the sequence: (i) shear-coupled 

migration of the grain boundary with increasing applied shear stress, (ii) intergranular crack 

propagation and (iii) dislocation emission and closing of the grain boundary dislocation loop. 

 

 

1. Introduction 
 

Shear-coupled migration (SCM) [1] of grain boundaries (GB) is a particular plastic strain 

mechanism that can either collaborate or compete with the other plastic mechanisms available 

to polycrystals: dislocation-mediated slip, GB sliding, twinning… SCM occurs diffusionless 

but it is thermally activated. It takes place at relatively low temperatures by collective atomic 

motion under high shear stress. This phenomenon implies that, as a shear stress τ is applied 

parallel to the GB, the GB migrates perpendicular to GB plane, inducing in the swept volume 

of the adjacent crystal a shear strain parallel to the boundary which magnitude is dictated by 

the bi-crystallography. The effectiveness of the applied shear stress is given in terms of the 

shear-coupling factor, β, the ratio of the shear displacement to the normal displacement of the 

GB, which is related to the dislocation content of the GB and to the GB misorientation [2]. 

This phenomenon is observed at both low and high misorientation angles, although there is a 

transition from “positive” to “negative” coupling at 35º-40º: the sense of the GB migration 

changes (upwards vs. downwards, if τ is applied in the same sense) if that threshold is 

overcome. SCM has an active role in the mechanical behaviour of nanostructured materials. It 

is also important considering the changes (grain growth during nanoindentation and fatigue) 

in this type of materials, under the effect of high stress at low temperatures. Note that SCM 

requires high resolved shear stresses which are not available in polycrystals with conventional 

grain size. Hence, it is essential to understand and to master the SCM of GB in nanostructured 

materials to warrant their structural stability 

 

 

2. Characteristics of the simulations 
 

The MD technique used was the embedded atom method (EAM) and the potentials 

correspond to copper. Further details of both this MD technique and these potentials can be 
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found elsewhere [3]. The cut–off radius, rcut, of the atomic interactions is 0.55 nm. The 

numerical integration of motion equations employs a time increment, ∆t, of 2.5 fs. The Nosé-

Hoover thermostat was used for temperature control. The generated samples were bicrystals 

presenting a symmetrical tilt boundary Σ17(530)/[001], where the first Miller indices indicate 

the GB plane and correspond to the y axis. The following Miller indices are the tilt axis and 

correspond to the –z direction. The crack is contained in the same plane and the tip lies on the 

same direction. Σ17(530) is a symmetrical tilt boundary of high–angle misorientation (61.9º), 

yielding a shear-coupling factor of β = −0.5 (planar free GB).  

 

Uncracked and cracked samples (three of each) were constructed at 0 K. For the uncracked 

samples, the X dimension is 4.2 nm, 10.6 nm or 14.9 nm. The Y dimension is 8.4 nm, 21.1 nm 

or 29.2 nm. The Z dimension is 2.2 nm. Cracked sample dimensions are 10.6 × 21.1 × 2.2 

nm
3
. Nanocracks were formed by removing the atoms of a 0.55 nm thickness band, centred in 

the GB, along 1/2, 1/3 and 1/4 of the specimen along the x axis, determining the crack size, 2a 

(Fig. 1.b). After generation, samples were relaxed: first at 0 K during 5 ps, then, along a linear 

temperature increase up to 300 K during 7.5 ps, and, finally, at 300 K for 12.5 ps. Some 

geometrical distortion of the initial shape, particularly, at the crack tip, could be observed. 

After relaxation, two rigid zones of 0.55 nm of thickness were set in the top and bottom layers 

of the samples. During the simulations, the bottom layer remained fixed, the top rigid zone 

was displaced along the x axis at constant speed equivalent to dγ/dt � 10
8
 s

–1
, and the rest of 

atoms could move freely. Periodic boundary conditions were set along the x and z axes. 

 

 

3. Results and discussion 

 

The imposed shear displacement and the resulting force were stored during the simulations. 

Atomic positions were also periodically stored to analyse any structural changes [4]. We used 

the virial expression for calculating the applied stress tensor and, in particular, the term τxy. A 

modified virial expression [5] was used for representing the local stress. This modification 

accounts for the fraction of atomic bond length within a representative volume (in this case, a 

sphere of diameter equal to twice the lattice parameter) around a particular atom. 

  

On one hand, the obtained τ−γ response for the three uncracked bicrystals coincides with what 

has already been reported [5,6]. It is important to note that β � −0.5, with (intermittent) elastic 

loading slopes very similar to the theoretical elastic shear modulus (27.3 GPa, for a single 

crystal, accounting for the sample orientation and the elastic anisotropy of copper). The SCM 

of a perfect flat GB is associated with a stick-slip phenomenon characterized by a critical 

value of τ of ~0.4 GPa. On the other hand, the observed τ−γ response for the three cracked 

bicrystals at 300 K (Fig. 1.a) indicates that the presence of cracks significantly affects the 

mechanical behaviour of the samples. The cracked samples are strengthened by the 

intergranular cracks. Initially (γ < 0.05-0.07), the cracked samples behave as the uncracked 

specimens, showing an elastic behaviour followed by the mentioned stick-slip behaviour 

associated with a SCM event when a critical value of τ is reached. However, in the cracked 

samples, τ needs to be increased to produce further deformation. The intergranular cracks pin 

the GB and, hence, the SCM can only take place away from the crack tips, making the GB to 

bow out (Fig. 1.c). As the misorientation between the GB and the crack tip increases, further 

GB migration becomes more difficult. When the angle formed by the GB and the crack plane 

is ~31º, a different deformation mechanism activates: propagation of the crack can be 

observed (Fig. 1.d). That occurs at γ = 0.055 and 0.073 for the samples with 2a/X = 1/2 and 

1/3, respectively, but it is absent from the one with 2a/X = 1/4. Thus, there must also be a 

significant contribution of the crack length and, hence, the stress concentration to this 
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phenomenon. The crack opening close to the crack tip produces different events of 

dislocation-mediated intergranular fracture. Further crack propagation is hindered and the 

SCM mechanism is enabled again, which produces a further increase in the applied stress (up 

to 2 GPa). Then, dislocation emission takes place at γ = 0.111 and 0.119 for the samples with 

2a/X = 1/3 and 1/4, respectively. However, it is not observed in the cracked sample of 2a/X = 

1/2 as τ is not high enough. The dislocations emitted are partial in the {111}<211> system. 

They propagate in the bottom crystal until the GB dislocation loop closing (Fig. 1.e). This 

permits forming a new GB underneath the crack and makes the pinning effect disappear (in 

the sample of 2a/X = 1/3, this is facilitated by the reduction of the crack size). Once the GB 

gets to detach from the crack, the sample deformation is accommodated by SCM (Fig. 1.f) at 

τ values of the same order of the critical τ value for uncracked samples. Finally, in the sample 

of 2a/X = 1/2, where dislocation nucleation does not occur, a different mechanism activates: 

GB slip, which is also possible due to the reduced ligament dimension. 

 

 
[001] 

Crack GB 

2a 

X 

[530] 

[350] 

Y

  
(a) (b) (c) 

   
(d) (e) (f) 

Fig. 1. (a) Shear stress - shear strain response of the cracked Cu bicrystals presenting a 

symmetrical tilt boundary Σ17(530)/[001] at 300 K. Detail of the sample of 2a/X = 1/3: (b) � 

= 0, (c) � = 0.07, (d) � = 0.11, (e) � = 0.12 and (f) � = 0.2. 

 

The stress distribution ahead of the crack front during crack propagation will now be 

analysed. It should be reminded that, connaturally to the atomistic simulations, the position of 

the “crack tip” is not well defined, and concepts such as “sharp crack” have no sense here. 

However, the tip position can be bounded in the crack propagation plane. For this reason, the 

origin of the distances r to the crack tip has been considered as a fitting parameter. Thus, we 

calculate the (atomically) local stress, accounting for a local coordinate system in which crack 

propagation takes place along the 1 direction (Fig. 2.a). In this coordinate system, the stress 

components τ13, τ23 and τ33 are nearly zero or small compared with the other stress terms (Fig. 

2), and hence, they are not presented here. σ2 can be fitted with a power-law function of r. For 

both samples, σ2 ∝ r
–1/2

, which corresponds to the linear elastic solution proposed in the 

continuum for a sharp crack [5]. This is in line with other atomistic fracture results which 

permit expressing the opening displacement, ∆u2, of the atoms in the crack faces (θ = ±π) in 

terms of r
1/2

 [3]. The fits of this work yield a critical stress intensity factor, KIc, ranging 
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between 30 kPa√m and 65 kPa√m. Although small, these values are of the same order of 

other KIc calculated on a stress basis, reported for heterogeneous dislocation nucleation in 

other crystal orientations, at the same temperature [3]. This indicates that crack propagation 

process is dislocation mediated and the generated dislocations are accommodated in the GB. 

 

 

~31º 

2 

1 

3 

(r,θ) �
� � �

(a) (b) (c) (d) 
 
3.00 GPa -3.00 GPa 

�

Fig 2. (a) Local coordinate system. (b) σ1, (c) τ12 and (d) σ2, for the cracked Cu bicrystal 

(2a/X = 1/3) presenting a symmetrical tilt boundary Σ17(530) with γ = 0.074 at 300 K. 

 

 

4. Conclusions 
 

The shear-coupled migration of the symmetrical tilt boundary Σ17(530) is hindered by the 

presence of intergranular cracks. The tilt boundary is pinned by crack tip and migration 

occurs with the bowing-out of the grain boundary. The applied shear stress needs to be 

increased above the critical value that makes a flat boundary migrate. Hence, nanocracks 

strengthen the material. Intergranular crack propagation is observed, which permits further 

advance of the grain boundary. The stress ahead of the crack behaves as r
–1/2

, as proposed 

within the linear elastic solution for sharp cracks. The applied shear stress grows and activates 

new plastic deformation mechanisms, such as dislocation emission or grain boundary sliding. 

Dislocation emission and further shear-coupled migration occur. Finally, the boundary 

detaches from the crack tip and, in some cases, the smaller cracks disappear. 
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ABSTRACT 

 

Micromechanical simulations on bronze particle filled PTFE-Bz compounds were performed 

using a novel commercial software tool (Digimat, e-Xstream, Foetz, LX) in this study. These 

materials are frequently used in many tribological applications. While the homogenization 

method was used to characterize the temperature dependent deformation behavior as well as 

the heat conductivity performance of various model PTFE-Bz compounds, the finite element 

method was applied for modelling the local stress-strain state of the matrix during shear 

deformations. The inherent temperature dependence of the mechanical behaviour was 

considered up to 200 °C. Finally, shear stress-strain curves have been determined in finite 

element models. 

 

 

1. Introduction 

 

Particle filled PTFE compounds are frequently used for seals and gaskets in various 

engineering applications. The tribological properties of PTFE (low strength and wear 

resistance, insufficient heat conductivity) were improved by additional fillers. Particularly, 

microscopic size bronze particles are commonly used as fillers in PTFE compounds for 

various tribological applications. These PTFE compounds (PTFE-Bz) are microscopically 

inhomogeneous materials, revealing higher stiffness, strength and better heat conductivity 

than neat PTFE. Previous investigations [1] have shown that the distribution of the particle 

size plays an essential role in the quality of the tribological function for these materials. 

Materials having a bimodal particle structure on the contact surface revealed the optimum 

friction and wear performance. 

 

To gain more insight into these dependences and to support further material development 

efforts micromechanical simulations were performed using a novel commercial software tool 

(DigiMat, eXstream, Foetz, LX). While the homogenization method was used to characterize 

the temperature dependent deformation behavior and the heat conductivity performance of 

various model PTFE-Bz compounds, the finite element method was applied for modeling the 

local stress-strain state of the matrix during shear deformations. 

 

The properties of the PTFE model matrix were varied in the range of different existing 

materials considering the significant temperature dependence (from -15 °C to 200 °C) for 

these materials and two different bronze particle fillers (shape and size distribution) were 

applied. To characterize the effect of particle size and aspect ratio on the thermo-mechanical 

behaviour, both unimodal and bimodal particle size distributions and two different aspect 

ratios of these particles were used. The results of the simulations are described in terms of 

nominal stress-strain and shear stress strain curves and in terms of principal stresses and 

strains in the matrix between the particles. 
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2. Experimental Data 

 

To determine proper material data for the simulation, monotonic compression tests were 

performed on both unfilled and bronze particle reinforced (PTFE-Bz) compounds over a wide 

test temperature range (-20 to 200 °C). Temperature dependent compressive modulus values 

are shown for both unreinforced PTFE matrix and for PTFE-Bz compounds in Fig 1. While 

the PTFE matrix data were used as input data for the simulation, the experimental results of 

PTFE-Bz compounds were compared with the simulation results. 
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Fig.1: Comparison of experimental data for various PTFE-matrix materials and PTFE-Bronze compounds 

 

The PTFE matrix was produced using various sintering parameters (SKF Economos Austria 

GmbH, Judenburg, A) and the dashed lines correspond to the specific values and reflect the 

range for the mechanical behaviour. Furthermore, different fillers and additional additives 

were applied in the compounds and the solid lines reflect the range for the compression 

behaviour over a wide test temperature range. The deviation between the various samples 

gives an indication of the contrast between compounds with good or bad mechanical 

properties. 
 

 

3. Micromechanics Simulations by Homogenization 
 

To estimate the mechanical properties of various PTFE-Bronze compounds at different 

temperatures for a specific volume fraction, a series of Digimat-MF simulations has been 

carried out using an elastic material model and the parameters necessary are listed in Table 1. 

The PTFE modulus values were determined in compression tests and the remaining input 

parameters were taken from the literature [2; 3; 4]. 
 

Table 1: Temperature dependent input parameters used for the mechanical analysis: 

  -15 °C 23 °C 100 °C 

Matrix Young’s modulus 1150 630 305 

      PTFE-F300 Poisson’s ratio 0.45 0.46 0.47 

Inclusions Young’s modulus 108000 105000 103000 

      Bronze(CuSn10Zn2) Poisson’s ratio 0.343 0.345 0.348 

 

For both Matrix- and Inclusion-phase an Elastic-isotropic material behaviour was assumed 

and for the Mean-field homogenization the Double-Inclusion model was applied [5]. Initially 

the inclusions were taken to be spherical (solid lines in Fig 2). Since bronze particles often 

show slightly irregular shapes, randomly orientated inclusions with an aspect ratio of 2 have 

been modelled as well (dashed lines). 
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Fig. 2: Particle volume fraction dependence of Young’s modulus at various temperatures and for AR 1 & 2 

 

As one would expect, the modulus increases with increasing volume fraction of bronze fillers. 

The simulation also shows that compounds which have inclusions with an aspect ratio greater 

than unity feature a slightly higher elastic modulus than compounds with spherical inclusions. 

 
 

4. Thermal conductivity simulation by Homogenization: 
 

The heat conductivity performance of various model PTFE-Bz compounds has been 

simulated in Digimat-MF using Fourier’s law. The input parameters (heat conductivities for 

matrix and inclusion materials) were taken from the literature [2; 3; 4]: 

�PTFE = 0.25 W/(mK) ;   �Bronze = 74 W/(mK) 

Again the Double-inclusion model was used for the homogenization because preliminary 

trials have shown it gives the best predictions for this study and in addition it is not restricted 

to small volume fractions. To cover a wide range of material properties, the aspect ratio and 

orientation of the inclusion particles have been varied in the analysis:  spherical inclusions 

(full lines, Fig 3); inclusions uniformly distributed around an AR of 2 and randomly 

orientated (dashed lines); same as before, but slightly orientated (tensor: a11 = 0.5; a22 = 0.25; 

a33 = 0.25) (dotted lines). 
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Fig. 3: Particle volume fraction dependence of the thermal conductivity 
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The calculated values were compared with experimental data [1] (round dots, Fig 3) as well as 

literature data (thermal conductivity data for a 60 m% bronze filled PTFE, obtained from data 

sheets of various suppliers; a compilation of such data can be found in [3]) (quadratic dots). 

The calculated heat conductivities were found to be in excellent agreement with available 

experimental and literature data. 

 

 

5. Micromechanics Simulations by Finite Elements 
 

Two �-cells, one with an unimodal and one with a bimodal particle size distribution have 

been generated and the finite element method was applied for modelling the local stress-strain 

state of the matrix during shear deformations. While the unimodal distribution has a mean 

value of 10 �m, the bimodal distribution is divided evenly between two Gauss-curves with 2 

and 10 �m as mean values. The RVE itself is 50 × 50 × 50 �m³ in size. For the Finite element 

analysis periodic boundary conditions were applied, the mechanical input parameters were 

taken from Tab 1 (23 °C). 

 

The volumetric means for shear stress and shear strain were calculated by post-processing of 

both �-cells. The resulting stress-strain curves for unimodal and bimodal particle distribution 

were found to be almost identical. 
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Fig. 5: Left: �-cell with bimodal particle distribution under 5% shear-deformation 

Right: Comparison of shear stresses for unimodal and bimodal particle distribution 
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White beam Laue diffraction is nowadays a well-established technique for studying 
the microstructure of materials. Valuable information on the dislocation 
distributions appearing in the sample during plastic deformation, for instance, can 
be directly inferred from the shape and position of the diffraction spots. So far the 
experimentally observed features of the spots (i.e. streaking and splitting) has 
been explained on the basis of simple dislocations models, assuming random 
distributions of straight-line dislocations. In the present work, we attempt instead to 
describe the main features of Laue diffraction spots calculated from dislocation 
arrangements generated by 3D dislocation dynamics simulations as well as to 
discuss the main potentiality of this new computational approach. 
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ABSTRACT 
 

Using three different methods namely, CDT (Continuous Dislocation Theory), 

molecular TB-SMA (Tight Binding Second Moment Approximation) type many-body 

potential, and MEM (Molecular Effective Medium) theory, we are looking for the best  

possible reconstruction of dislocations in Cu-Al
2

O
3

 heterostructure. 

 

 

1. Introduction 
 

The issue of assessing the strength and functionality of heterostructures metal 

- ceramic is very important both from a cognitive, as well as from a practical point-of-

view. 

An important, often decisive factor is knowledge of the limit state  in the transitional 

metal – ceramic layer (interface) . 

The subject of our modeling is the mismatch dislocation structure - such as those 

formed in the case of crystal growth of copper on the surface of sapphire (Al
2

O
3

 ). 

 

 

Fig.1. Copper on the surface of sapphire (Al
2

O
3

 ) 
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On the basis of existing experimental research conducted by high-resolution 

transmission electron microscopy  (HRTEM) there is some knowledge available 

about the system of dislocations resulting from the mismatch between sapphire and 

copper [1]. 

 

We want to reconstruct  the system of dislocations in the interface using various 

methods and compare the results. These methods are: 

 

-Algorithm from Continuous Dislocation Theory based on newly derived analytical 

models for the insertion of dislocations to the continuum [2,3]. 

 

-Atomic method based on the model TB-SMA type many-body potential  [1,4,5,6]. 

 

- Atomic method based on the original atomic model, in which the interaction 

occurring inside the layers of the Cu- Al
2

O
3

 interface will be formulated in accordance 

with the concept of the method of  Effective Medium Theory  [7,8]. 

 

2. The methods 
 
2.1  Continuous Dislocation Theory - analytical equations for mixed straight 

dislocation 

 

The displacement field around a mixed straight-line dislocation in an elastic 

material is defined by the classical formulas [2,3] 

  

  淡 噺 決掴に講 磐         髪   に岫な 伐 で岻岫 態 髪  態岻 卑 ‒ 決掴に  

(1)  湛 噺 伐 決掴に講 峭 な 伐 にでね岫な 伐 で岻   岫 態 髪  態岻 髪  態 伐  態ね岫な 伐 で岻岫 態 髪  態岻嶌 

  炭 噺 決佃に講          ‒ 決佃に  

 

 

where the edge and screw components of the Burgers vector ,b
x

 and b
z

, are parallel 

to the x and z axes, respectively.  Using the analytical equations of displacement field 

induced by discrete dislocations Eqn.1 we introduced dislocations into Cu- Al
2

O
3

  

structure.  

 

2.2. Tight-binding second moment approximation type many-body potential   

 

In the TB-SMA approach [1,4,5,6] potential energy per atom is a sum of the 

repulsive energy E
rep

, and the binding energy E
b

: 

  嘆奪丹 噺  布   磐 伐 磐 辿 待 伐 な卑 卑辿  

(2) 
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 但 噺 伐ど俵布   磐 伐に 磐 辿 待 伐 な卑 卑辿  

 

where r
0

 is the distance between nearest neighbours at zero temperature and r
i

 is the 

distance of i atom from the considered one, A;  p,  and q are free parameters.  

Parameters are identified by elastic eigen-states approach [8] and differ from the 

values assumed by Dimitriev [1]  but better reproduce energy density of the ideal 

crystal. 

 

2.3 Potential based on  Effective Medium Theory   

 

Using Effective Medium Theory [7] we formulated original embedded-atom 

method  (EAM) potential for Cu-Al
2

O
3

. The covalent and metallic interactions 

occurring in the ceramic layer and metal layer are described correspondingly: 

 

(3)  樽 噺 布 辿岫び辿岻 髪 なに択
辿退怠 布布も辿棚盤 辿棚匪択

棚退怠
択
辿退怠  

          

    

The function F件 is the energy of embedding of the i-th atom in the electron density 件 
and  件倹 is the energy of interaction of pair of atoms. EAM potential can be treated as 

a more flexible generalization of TB-SMA approach. To parameterize above potential  

elastic eigen-states approach was used with two kinds of tensile tests: so called 

relaxed tensile test, the sample cut off from the surroundings of the interface is being 

stretched in the direction normal to the interface and so called rigid tensile test. 

 

 

3. Conclusions 
 

We presented three methods of the reconstruction of dislocations in Cu-Al
2

O
3

 

heterostructure. First, the analytical one, where equations of displacement field 

induced by discrete dislocations are used. Next two utilize molecular approach and 

respectively are  based on tight-binding second moment approximation potential  and 

embedded-atom potential. 

Using these methods, a relaxed structure with minimal energy will be further chosen 

for nanoindentation simulation in which the behaviour of the dislocation structure if 

nonequilibrium configuration is investigated . 

 

 

 

Acknowledgments 
The research has been done in the framework of the Development Project N 

N501 156638 and R15 012 03 founded by Ministry for Science and Higher Education 

in Poland. 

 

 

 

 

 

484



4.References 
 
[1] S.V. Dmitriev, N. Yoshikawa, M. Kohyama, S. Tanaka, R. Yang, Y. Tanaka, Y. 

Kagawa., Modeling interatomic interactions across Cu/g-Al2O3 interface, Comp. 
Mater. Sci., 36, 281-291, 2006 

[2] E.Kröner Allgemeine Kontinuumstheorie der Versetzungen und 
Eigenspannungen, Arch. Rat. Mech. Anal., 4 (1960) 273–334. 

[3] P. Dłucewski, T.D. Young, G.P. Dimitrakopoulos, and P. Komninou. Continuum 
and atomistic modelling of the mixed straight dislocation. International Journal for 
Multiscale Computational Engineering, 8(3), 331–342, 2010. 

[4] V. Rosato, M. Guillope, B. Legrand, Thermodynamical and structural properties of 
f.c.c transition metals using a simple tight-binding model, Phil. Mag.59, 321, 1989. 

[5] P. Dłucewski, M. Maadziarz, G. Jurczak, P. Traczykowski A hybrid atomistic-
continuum finie element modelling of nanondentation and experimental verification 
for copper crystal. CAMES,15, 2008. 

[6] M. Maadziarz, T.D. Young, P. Dłucewski, T. Wejrzanowski, and K.J. Kurzydlowski. 
Computer modelling of nanoindentation in the limits of a coupled molecular–statics 
and elastic scheme. Journal of Computational and Theoretical Nanoscience 7, 1-10, 

2010. 

[7] K.W. Jacobsen, J.K. Norskov, M.J. Puska, Interatomic interactions in the 
effective-medium theory, Phys. Rev. B 35,7423-7442, 1987 

[8] K. Nalepka, R.B. PCcherski, Modelling of the interatomic interactions in the copper 
crystal applied in the structure (111)Cu||(0001)Al2O3 , Archives of Metallurgy and 
Materials, 54, 2, 481-492, 2009 

 

485



Grain boundary energies for cubic-ZrO2 bicrystals 

 

J. J. Meléndez1, R. L. González-Romero2, F. L. Cumbrera2  

and D. Gómez-García2 
 

1 Departamento de Física. Universidad de Extremadura. Avda. de Elvas, s/n 
06006 Badajoz (SPAIN) 

Email: melendez@unex.es  
2 Departamento de Física de la Materia Condensada, ICMSE, Universidad de Sevilla-

CSIC, P.O. Box 1065, 41080 Sevilla (SPAIN) 
 

 

Zirconium dioxide-based ceramics have been extensively studied during the last 
years due to their use as structural and functional materials. Particularly, their 
mechanical (high strength at room temperatures, ability to exhibit superplastic 
behavior at high temperatures under some conditions) and electric (high ionic 
conductivity) properties have deserved much attention by the scientific and 
technologic communities. In polycrystals, these properties are intimately related to 
the nature and the physical properties of the grain boundaries. This is especially 
remarkable in ZrO2 alloys, where the dopant species are well known to segregate 
to the grain boundaries, thus altering their behavior.  
 
In this context, some works have paid attention to the concurrence of particular 
boundaries orientations (see, for instance, [1]); some others have focused on their 
behavior when aliovalent impurities are present (see, for instance, [2]). Despite 
this, the nature of the grain boundaries in ZrO2 has not been put forth in a 
systematic way. 
 
In this work, a systematic study of the grain boundary energies in a cubic-ZrO2 
bicrystal is presented. The study was carried out by Molecular Dynamics (MD) 
simulations of a single flat grain boundary for different orientations of the two 
grains and for different nature (i.e., tilt or twist) of the boundary. The effect of 
impurities and the implications for high temperature creep are also discussed. 
 
 
 
 
 
References: 
[1] P. Vonlanthen, B. Grobety: “CSL grain boundary distribution in alumina and 

zirconia ceramics”, Ceramics International, 34 (2008), 1459-1472. 
[2] T. Oyama, M. Yoshida, H. Matsubara, K. Matsunaga: “Numerical analysis of 

solute segregation at Ȉ5 (310)/[001] symmetric tilt grain boundaries in Y2O3-
doped ZrO2”, Physical Review B 71 (2005), 224105. 

486



Atomic- Discrete Simulation Of Crystal State Of Alloys Of A Complex 

Chemical Composition 
 

Authors: Michail A. Baranov 
1
, Vladimir M. Shcerbakov

2
, Evgenia V. Chernych

3
.
 

 

Affiliations: 
1
656038, Chair of theor. mech., Altai St. Techn. Univ., Lenin str., 46, 

Barnaul, Russia, E-mail: Baranov183@mail.ru ; 
2Altai St. Techn. Univ.; 

 
3
Altai St. Techn. Univ., E-mail: jane_5@mail.ru . 

 

 

ABSTRACT 
 

Proceeding from the assumption about spherical symmetry and undeformability of electronic 

shells of atoms the pair potentials describing interaction between atoms of an any sorts in a 

crystal of a multicomponent alloy are constructed. Chaotic disposition of atoms of different 

sorts on knots of crystal lattice forms its state. As the parameters of the state were considered 

Sm – the degree of lattice distortion and EB – bond energy per atom. The atomic-discrete 

simulation of an equilibrium configuration of  -phase crystal lattice is executed for ~30 

industrially let out alloys. The calculated values of Sm and EB correlate with experimentally 

observably indicators of mechanical properties of these alloys. 

 

 

1. Interatomic interactions. 

 

 The electronic density !, accompanying each atom, was represented as sum of internal !i and 

external !e [1] subshells  
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Figure 1. Dependence of the decimal logarithm of the electronic density multiplied on the "3

 

on distance R from a nucleus for some atoms. 
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normalized on charges n-q and q accordingly. Here n – is the charge of a nucleus expressed in 

elementary charges, %, &, q, Rm - parameters which have been determined from conditions of 

stability of unicomponent chemical aggregations. The interatomic potential was found as the 

sum of electrostatic energy of electronic shells and nucleus and energy of mutual repulsion of 

electronic shells caused by quantum effects and presented as corresponding overlapping 

integrals. In result the potential was expressed as complex analytical function on internuclear 

separation. Its parameters at the same time were parameters of electronic shells of interacting 

atoms. The offered approach allows to give the quantitative description of interaction between 

different atoms not only in crystals, but also in molecules. As an example on fig. 2 are shown 

the potentials of interaction between atoms of some elements.  

 

 
Figure 2. Interatomic potentials for some pairs of atoms. 

 

 

2. Simulation of the crystal lattice state. 

 

Overwhelming mass of modern metal materials are the steels and alloys presented by 10-15 

chemical elements. The main phases (%,  ) of such alloys, as rule, are disordered crystals. 

Owing to chaotic distribution of atoms of various elements on knots of crystal lattices and 

local asymmetrical environment of each atom its equilibrium position appears displaced 

relatively geometrically correct position of knot. Therefore the lattice as whole appears 

distorted. These distortions are natural in the sense that they can not be created or eliminated 

by any artificial manners - heat treatment, mechanical deformation or at operation of details. 

For this reason the details of the machines exposed shock loadings and sharp differences of 

temperatures (valves, shovels of steam and gas turbines) are made of alloys of a complex 

chemical composition. The crystal of the basic phase of a multicomponent alloy is as though 

sated with a lot of chaotically distributed point defects of substitution and insertion. In this 
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connection it is meaningful to simulate and consider a state of a crystal as a whole instead of 

isolated point defect.  

 

 The modelling block was represented as a cube in the size 15x15x15 fcc cells. In a starting 

configuration the atoms of metals and silicon were chaotically disposed on knots of ideal fcc 

lattice so that the composition of the  -phase correspond to given composition of alloy and all 

knots were occupied. Atoms of carbon were disposed in some of interknot positions. Then the 

borders of the block were fixed and atoms of inner region can to move in directions of forces 

acting at them to achievement of equilibrium state.  

 

 

Table 1. The indicators of the mechanical properties and calculated values Sm and EB. 

 

 mechanical properties  calculated  

parametrs 

 N  approximate concentrations of main 

elements in alloy except Fe, weight % 

  'B, 

MP  

 '02, 

MP 

  (,  

 % 

  HB Sm, 

 " 

EB, 

eV 

1 0.02C, 4Al, 0,2Si, 0.26Mn, 23Cr, 28Ni  490 216 30 - 0.039 4.295 

2 0.03C, 0.4Si, 3Cu, 23Cr, 28Ni, 3Mo 540 216 33 200 0.044 4.388 

3 0.06C, 1.4Ti, 1.5Mn, 15Cr, 36Ni, 3W 650 350 15 236 0.059 4.415 

4 0.06C, 0.3Si, 1.3Ti, 15Cr, 36Ni, 4.5W 750 400 20 - 0.064 4.416 

5 0.06C, 3.4Al, 0.5Si, 1.4Ti, 15Cr, 45Ni 590 215 15 - 0.050 4.378 

6 0.03C, 0.3Si, 20Cr, 0.4Mn, 46Ni, 1Nb 535 205 28 159 0.041 4.381 

7 0.05C, 21Cr, 46Ni, 1Nb, 4.5Mo, 3W 686 343 30 - 0.070 4.521 

8 0.06C, 3Al, 0.4Si,16Cr, 56Ni 720 360 50 - 0.049 4.389 

9 0.06C, 0.4Si, 0.5Ti, 35Cr, 57Ni, 14W 750 - 30 - 0.083 4.542 

10 0.03C, 6Al, 9.5Co, 1.5Nb, 3.5Mo, 9W - - - 362 0.105 4.569 

11 0.03C, 1Al, 14Cr, 63Ni, 5Nb, 5Mo, 5W 960 635 22 - 0.098 4.595 

12 0.12C, 2Al, 1Ti, 15Cr,6Co,67Ni,4Mo,5W - - - 285 0.093 4.469 

13 0.03C, 5Al,13Cr,9Co,59Ni,2Nb,5Mo,5W 900 600 11 - 0.090 4.555 

14 0.03C, 2Al,15Cr,6Co,62Ni,2Nb,4Mo,5W 1000 655 18 - 0.093 4.534 

15 0.04C, 1Al, 2.5Ti, 18Cr, 66Ni, 5Mo, 4W 930 550 16 291 0.082 4.512 

16 0.1C, 0.5Ti, 17Cr, 0.4Mn, 70Ni, 2.5Nb 680 280 22 - 0.062 4.393 

17 0.13C, 2Al, 1Ti, 15Cr, 71Ni, 4Mo, 5W 980 588 20 - 0.092 4.518 

18 0.07C, 2Al, 2Ti, 14Cr, 69Ni, 3Mo, 6W 670 - 3 320 0.090 4.532 

19 0.07C, 3Al,2Ti,0.6V,14Cr,68Ni,3Mo,6W 616 - 6 320 0.091 4.520 

20 0.07C, 4Al, 10Cr, 72Ni, 6Mo, 5W 588 - 6 288 0.085 4.554 

21 0.07C, 20Cr, 78Ni 588 196 27 200 0.041 4.427 

22 0.04C, 2Ti, 17Cr, 0.5Mn, 77Ni, 1Nb 833 441 20 - 0.059 4.443 

23 0.03C,1Si, 16Cr,58Ni 645 264 20 - 0.048 4.555 

24 0.03C, 1Si, 21Cr, 76Ni, 0.4Zr 656 - 33 - 0.044 4.550 

25 0.02C, 5Al,25Cr,25Ni,0.1Ce 770 - - - 0.040 4.292 

26 0.01C, 4Al,4Ti,11Cr, 8Co, 59Ni,1Nb,6W 950 850 5 - 0.095 4.451 

27 0.09C, 4Al, 4Ti, 14Cr, 8Co, 64Ni, 6W 833 735 3 - 0.098 4.403 

28 0.08C, 2Al ,3Ti,10Co,60Ni,1Nb,1Mo,2W 700 500 3 - 0.069 4.361 

29 0.1C, 3Al, 4Ti, 12Cr, 5Co, 1Mo, 7W 800 700 3 - 0.110 4.458 

30 0.03C, 1Al, 1Ti, 14Cr, 70Ni, 4Mo, 8W 581 279 14 - 0.072 4.547 

31 0.15C, 5Al, 3Ti, 10Cr,4Co,68Ni,4Mo,5W 930 800 3 - 0.107 4.484 

32 0.1C, 3Al, 2Ti, 15Cr, 5Co 1Nb, 2Mo,4W 784 - 3 - 0.095 4.451 

33 0.13C, 4Al, 5Ti, 13Cr, 70Ni, 1Mo, 3W 883 686 3 - 0.107 4.397 
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As calculated parameters of the state were considered Sm – the average value of displacement 

of atom relatively the starting position and EB – the bond energy per atom. In table 1 these 

parameters are shown for set of industrially let out alloys of different composition and 

confronted to their experimental indicators of mechanical properties. The subsequent analysis 

proves the presence of correlate dependence between calculated parameters of the  -phase 

state and indicators of mechanical properties of the alloys. 

 

As an example in fig. 3 the projection to a cubic plane of crystal lattice of a  -phase is shown 

for alloy N 14. The vectors of atomic displacements for presentation are shown increased in 

20 time. Thus the atomic-discrete simulation can be considered as the instrument of 

forecasting of mechanical properties of alloys. 

 

 
Figure 3. Configuration state of  -phase of alloy 14. 
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ABSTRACT 

 

 

High cycle fatigue tests and computational studies of coarse grained Ni alloy were carried out 

to investigate fatigue crack nucleation and propagation behavior.  The alloy was directionally 

solidified to have prismatic grain structures.  Fatigue tests of rectangular samples were 

performed by four-point bending under load control.  Polycrystalline finite element analyses 

were conducted to investigate stress distributions of the specimen.  The finite element analysis 

models were made based on grain distribution and orientation of tensile surface, it was 

characterized by electron-beam back scattering diffraction (EBSD) technique.  Stresses were 

computed in global axis and local crystal orientation axis, resolved shear stresses, for whole 

grains.  Longitudinal stress distribution is affected by inter-grain relationship, and is different 

from theoretically predicted one.  Fatigue crack initiations tend to be occurred in areas 

indicating relatively high shear stresses in several slip systems.  Fatigue crack propagation 

arrested in dissimilar slip system grain boundaries.  Crack propagation resistance can be 

higher when a crack to proceed into grains which having geometrically different slip systems. 

 

 

1. Introduction 

 

Most of metallic materials are assumed to be isotropic and homogeneous, but real materials 

have some kinds of anisotropy or heterogeneity because of their imperfection of the 

microstructure.  Especially precision casting generate significant anisotropic microstructures 

from its slow cooling rate, crystal grains are coarsened and form the texture like directionally 

solidification.  These practical materials may exhibit different strength from ideal continuums, 

but such differences are not determined quantitatively.  So structural integrity of machine 

components are usually guaranteed by setting sufficiently large safety factors, it leads to 

increasing thickness/weight.  But it becomes needed to decrease the safety factors to lose 

weight for reducing energy consumptions and carbon dioxide emissions.  In this situation, 

material’s strength must be determined quantitatively to assess the structural integrity 

accurately.  Fatigue strength is the most important factor for machine designing, so we 

concentrate on the fatigue behaviour, especially its nucleation and propagation of coarse grain 

material. 

To understand fatigue crack nucleation and propagation behaviours, it is important to take 

notice to anisotropy and plane slip of metallic crystals.  Many researchers have compared 

experimental fatigue tests and predictions of finite element analyses 
[1][2]

.  In this work, the 

aim is to reveal fatigue crack nucleation and propagation behaviour by comparing finite 

element analyses. 

 

 

2. Experimental procedure 

 

Directionally solidified nickel-base superalloy having columnar grain structure was used in 

this study.  Four rectangular samples were cut by electro discharge machine, and polished 
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mechanically and chemically.  Their bottom plane normal was aligned parallel to the 

solidification direction.  Size of the rectangular specimen was W4mm×H3mm×L20mm.  

Identification of crystal grain distributions and orientations of the bottom surface was 

obtained by the Electron-beam Backscattering Diffraction (EBSD) technique.  The area for 

identification is 15mm length, including inner span gauge region (5mm) and extra 5 mm 

length areas on both sides as shown in Fig. 1 (a). 

 

 

 

 

 

 

 

 

 

 

Figure 1. Schematics of sample and testing. (a) Geometrical relationship between 

solidification direction and rectangular sample (b) dimensions of four point bend test. 

 

Crystallographic orientations were decided to have the longitudinal direction belong in a 

triangle [100]-[110]-[111], so that all grains have the same relationship between the Schmid-

Boas notation 
[3]

 and the Miller indices of slip systems. 

Fatigue tests were performed with four-point bending as shown in Fig. 1(b), its outer support 

span was 15mm and inner load span was 5mm.  Cyclic loadings were operated under load 

control, stress amplitudes were 250MPa, 300Mpa and 350MPa in stress ratio R=0.1.  Every 

5% increase in downward displacement, interruptions were made to observe generation of 

persistent slip bands (PSBs), crack nucleation and propagation in the inner span region. 

After the fatigue tests, EBSD analyses were performed again to reveal geometrical 

relationships between PSBs/cracks and crystal grain boundaries.  Because PSBs/cracks could 

not appear in EBSD map, some markings on the surface without damage to the specimen 

were employed to detect the location of PSBs/cracks. 

Four specimens were used to bending test and  EBSD analyses.  These experimental results 

were compared with finite element analysis.  In this paper, results of one specimen (stress 

amplitude=300MPa) is shown below. 

 

 

3. Numerical analysis 

 

The face centred cubic Ni alloy exhibits cubic anisotropy.  Elastic constitutive relationship 

between stress (ij) and strain (kl) for the material is expressed by Hook’s law, ij=Cijkl kl.  

Where Cijkl is the tensor of elastic stiffness constants.  There are three independent parameters, 

the values are C11=250.8 GPa, C12=150.0 GPa, and C44=123.5 GPa
[4]

. 

 

 

 

 

 

 

 

 

Figure 2. Illustrations of FEM meshes based on EBSD analysis.    (a) Numbering of 

grains (b) Constraint and load conditions 
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Polycrystalline finite element mesh was created by tracing EBSD crystal grain map of the 

bottom surface as shown in Fig.2 (a).  Additional elements of isotropic continuum are also 

created on the left and right ends to have enough distance between constraint/load points and 

the evaluation area.  The anisotropic directions are defined by a local coordinate system for 

each grain, the x’-y’-z’ axes are parallel to the direction [100], [010], and [001], respectively.  

Constraint and load conditions are shown in Fig.2 (b) schematically.  The load is defined as a 

uniaxial along with the longitudinal direction, the magnitude is decided to generate the 

nominal stress equal to the maximum bending stress of experiment on the bottom surface.   

 

 

4. Results and discussion 

 

As shown in fig.2 (a), seven grains exist within the EBSD characterized area, and four are 

included in the inner span gauge area.  Magnitude of the mean stress in each grain is thought 

to be predicted by the longitudinal elastic modulus.  Elastic moduli in arbitral orientations can 

be calculated theoretically 
[5]

.  An order of magnitudes of the theoretical elastic moduli about 

the four grains is E4>E7>E6>E5.   
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Figure 3. Distribution of the Longitudinal and Resolved Shear Stresses. 

 

The distribution of the calculated longitudinal stress is shown in fig. 3 (a).  While grain G5 

has the lowest elastic modulus in theory, the grain exhibits high stress similar to the other 

grains.  This grain bears whole load because it stretches across the whole width of the 

specimen.  Some areas exhibit high stresses, for example A, B and C in the fig. 3(a).  The 

stress concentration must be occurred by inter grain constraints. 

Distribution of the resolved shear stresses, RSS, for slip systems of Primary :“BIV” in 

Schmid-Boas notation, Secondary: AIII, Tertiary: AII and Quaternary: BII are shown in Fig.3 

(b)-(e).  In primary and secondary slip RSS contours, all four grains represent similar stress.  

On the other hand, in tertiary and quaternary slip systems, only the grain G5 exhibits higher 

stress.  In grain G5, these four slip systems have similar Schmid factors and activated equally.  
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As shown in later, the four slip systems are consisted of only two planes and three directions, 

this is advantageous to retain high dislocation mobility because it avoid complicated 

conjunctions of dislocations.  So cumulative fatigue damages can be accumulated earlier in 

cyclic loading in this grain. 

Fig.4 (a) shows a EBSD map with crack marks and (b) shows a micrograph of cracks on the 

bottom surface.  Cracks are decorated by marks in (b).  Stereographic projections of notable 

grains, G4 and G5, are also shown in Fig.4 (c).  The crack denoted “A” in (a) and (b) was 

nucleated first in the G5 and progressed toward left upper and right down directions.  This 

crack nucleation position corresponds to the fatigue damaging area predicted by FEM analysis.  

And the direction of the crack line corresponds to a trace of the activated slip planes.  The 

crack propagation was prevented at grain boundary between G4 and G5 near “B” region.  

When the grains have dissimilar geometry for slip systems, grain boundary can be serious 

obstacles to crack propagation in early stage. 
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Figure 4. Information about cracks (a) EBSD map with marks (b) Micrograph of cracks 

(c) Stereographic projections with slip plane and slip direction notations 

 

5. Conclusions 

 

Comparison of fatigue tests and computational studies of Ni alloy lead to results below; 

刷 Fatigue crack initiations tend to be occurred at areas representing higher shear stresses for 

three or more activated slip systems. 

刷 Grain boundaries act as obstacles for fatigue crack propagation.  The difficulty of 

propagation can be higher when crack to proceed into grains which having geometrically 

different slip systems. 
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Historically, the main issue of multiscale materials modelling is to link various 
length scales and their corresponding time scales in one computer program. For 
instance, a large scale model may provide flexible boundary conditions for a small 
scale simulation, or, a small scale model provides in-situ input data for a large 
scale model. In such cases, the time scales are decoupled. However, there are 
also cases in which several different physical mechanisms of the same length 
scale, triggered by thermally activated events, can operate concurrently and on the 
same time scale. Examples for this occur during annealing treatments of alloys for 
homogenisation, hardening, or softening: particles may precipitate or dissolve, 
while the solute atoms diffuse through bulk, grain boundaries and dislocations. 
Moreover, recovery may take place, nuclei for recrystallisation may form and grow, 
and grain growth may set in. If plastic deformation is superimposed, e.g. by a 
testing machine, more thermally activated processes get involved, like dislocation 
slip. All these processes entail their own kinetics, and they can mutually interact in 
drastic ways, building road blocks for each other. Since the kinetics' depend on 
temperature differently, even rates of temperature transitions become important in 
industrially relevant annealing treatments. In the presentation, examples of 
simulations are shown in which a number of concurrent processes are taken into 
account. They demonstrate that the concurrency of consideration is essential to 
cover a whole range of experimental results consistently.  
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The microstructures of zirconia (3YSZ) thoughened alumina (ZTA) ceramics are 
investigated by SEM and further characterised by quantitative image analysis. This 
leads to specific morphological parameters which are compared with the same 
parameters derived from model structures generated in voxel-based 
representative volume elements (RVE). Modified Voronoi clusters are employed to 
represent alumina and zirconia phases. Pores are added at the grain corners and 
edges respectively. After adjusting all the relevant morphological parameters of 
the model to the real ceramics’ microstructure, the RVE has to be meshed for finite 
element simulations (FES). Hexahedral elements which simply use the voxel 
structure did not lead to sufficient accuracy of the FES simulation. As a first step, 
we therefore generate an adapted surface tessellation, using a general classed 
marching tetrahedra method. Special care is taken to preserve the topology as 
well as the individual volumes and interfaces of the model. In terms of processing 
time and accuracy of the FES it is very important to simplify the initially generated 
surface mesh in a manner that preserves detailed resolution at corners and along 
edges, while decimating the number of surface elements in flat regions, i.e. at the 
grain boundaries. From the surface mesh an adequate tetrahedral volume 
tessellation is created, which is used for the FES. 
To simulate the macroscopic electrical behaviour of polycrystalline ZTA ceramics, 
the electrical properties of the individual constituting phases need to be measured. 
This is done by impedance spectroscopy. Equivalent circuits are employed and 
fitted to experimental data to obtain the individual properties. The sample 
composition was varied from pure zirconia to pure alumina. Previous work has 
shown that a good agreement between experimental and simulated data can be 
achieved in terms of thermal and mechanical properties. This approach is also 
applied to the electrical properties. 
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    The shear crack model is often used to explain the Hall-Petch relation, or the 
grain size dependence of the macroscopic yield stress Y expressed by the 
following formula: i.e., 

 Y=0+kd-1/2 (1) 
where 0 and k are material constants and d  the grain size. 

The stress Y is the stress at which plastic flow first takes place on a 
macroscopic scale. The stress Y is generally considered as the stress required to 
make dislocations pile up against the boundary of a grain, in which a dislocation 
source exists, and propagate into adjacent grains. In other words, the yield stress 
Y in the Hall-Petch relation is the critical value of the stress which breaks down 
the grain boundaries encountered first by the dislocation pile-ups. 
     The present paper, however, deals with yielding behavior throughout multiple 
grains to induce general yielding throughout the cross sections of polycrystalline 
specimens. The X-FEM is used to simulate the multiple-grain yielding behavior in 
2D polycrystalline materials. The edge dislocation arrays on slip bands in rectiline-
arly anisotropic grains, whose principal elastic axes are randomly distributed, pile 
up against their boundaries. When the stress singularity parameter KII in the 
vicinity of the tips of the slip bands exceeds a critical value, the propagation of the 
slip bands into adjacent grains should occur. When the KII value is decreased after 
the penetration of the slip band into neighboring grains, the remote applied stress 
is increased so that the KII value re-exceeds the critical value. The procedures 
above are repeated until the slip band propagates throughout the cross sections of 
specimens, or the general yielding occurs. The well-known Hall-Petch relation is 
also shown to be reproduced in the general yielding case. The slope of the relation, 
however, is greater in the general yielding case than in the local yielding case, 
implying higher constraints exerted by surrounding grains. 
 
 
 
 
 
 
 
 
 
 
 

(a) Local yielding case.

(b) General yielding case. 

Fig. 1  Simulated yielding behavior in 
a polycrystalline material case.
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Fig. 2  Hall-Petch plots of the two cases.
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Abstract

The CODICE project of the European Union aims at exploring the pos-

sibilities of forming stronger and more durable high-density calcium-silicate-

hydrate varieties. C-S-H gel constitutes the main ingredient of cementitious

skeleton and their life-service depends crucially on it. So far, the possibility

of tuning the intrinsic nature and properties of the C-S-H gel has been out of

reach. We overcome this by stronger simulation schemes in order to pass a

wide range of length scales. The omnipresent use of cement-based materials

belies the fact that they are a complex material with a truly multi-scale internal

structure: from the atomic composition and reactions on the nanoscale, via the

mesoscale with its colloidal model, up to the macro scale where hydration and

hardening occurs in the initial phase and also cracks and fissures evolve under

load.

Enhancing cementitious materials’ life-service would be a tremendous ben-

efit regarding their omnipresence on the planet. Hence, the study of the

osteoporosis-like degradation processes is crucial. These processes mainly

consist of the migration of ions which lead to the leaching of calcium and

the deterioration of the cementitious structure as a whole. These processes

are however inherently complex, as they take place on the nanoscale and oc-

cur very slowly. We accelerate them by placing the material in ammonium

nitrate-rich solutions and employ state-of-the-art, fully parallel molecular dy-

namics simulations to calculate diffusion and convection coefficients. In a

parameter-passing approach these values are fed into an adaptive, parallel fi-

nite element solver for the Poisson-Nernst-Planck equations that control the

underlying phenomenon of ion migration.
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ABSTRACT 
 
The dependence of time of a point defect migration on the mode amplitude localized on it was 
studied in the paper. The frequencies and forms of fluctuations with small amplitudes of 2-D 
Ni crystal with periodically located interstitial atoms removed from each other were 
calculated in the experiment. Two positions of the interstitial atom were studied: in the middle 
of the equilateral triangle of the nearest neighbors and in the middle of the nearest neighbors’ 
rhomb. The calculated block represented a crystal with periodically located interstitial atoms. 
Every calculated cell contained one interstitial atom and 16*16 primitive cells with applied 
periodical boundary conditions. The evolution of some modes at high amplitudes, when 
anharmonicity effects could not be neglected, was studied by the method of molecular 
dynamics. The oscillation modes with big amplitudes appeared to be unstable that led to their 
reconstruction and migration of interstitial atoms. The time of the beginning of interstitial 
atom migration for the modes with low frequency and sufficiently high localization parameter 
was found as the function of the amplitude of oscillation mode. 
 
 
1. Introduction 
 
The diffusion process taking place in metals and alloys plays one of the most important roles. 
Some investigators consider diffusion on mainly to occur on atomic level owing to 
coordinated atomic group motion resulting in materialization of either diffusion mechanism 
[1-3]. Most of investigators suppose vacancies migration or that of the interstitial atoms to be 
the leading mechanism in that case. 
In the present work, the relation between the point defect migration outset time and mode 
amplitude localized on it was investigated. In the computer experiment, frequencies and forms 
of small-amplitude oscillations of 2D Ni crystal with atomic pack corresponding to {111} 
plane of FCC lattice were calculated. The investigated block represents a crystal with 
periodically situated interstitial atoms, one interstitial atom in each investigated cell 
containing 1616  primitive cells with periodic limitative conditions applied. The Al-atom 
was used as an interstitial atom. Two positions of the interstitial atom were studied: in the 
middle of the equilateral triangle of the nearest neighbours and in the middle of the nearest 
neighbours’ rhomb (Fig.1). The evolution of some not-small-amplitude modes was studied by 
means of the molecular dynamics method when the anharmonicity effects are not to be 
neglected. The oscilation modes with sufficiently big amplitudes prove to be unstable 
resulting in their reconstruction and migration of the interstitial atom. The interstitial atom 
migration outset time as function of oscillation mode amplitude was found for modes with a 
sufficiently low frequency and a sufficiently high parameter of localization. 
To find the true own values of sufficiently great rated block where the interstitial atoms do not 
interact is the task of the present work. 
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2. Method of computer experiments and results 
 
The computer experiment was performed in three phases: 
1. Relaxation of atoms nearby the interstitial atom and record of findings in file. 
2. Calculation of the crystal with the interstitial atom for point 0 yx qq  and record of 
findings into file. The result is 2K of the true own frequencies and the same value of the own 
vectors corresponding to them. The own vectors are being normalized in such a way that their 
maximum absolute value component is equal to one which makes easer graphic representation 
of modes. The spectrum always contains a pair of zero frequencies in point 0 yx qq , the 
motion modes of crystal as a hard whole correspond to them, therefore those modes were not 
considered. 
3. The molecular dynamics of the oscillation mode chosen was implemented (the total number 
of modes was equal to 514 in that case). The oscillation mode has got one free parameter – 
the amplitude. If a small amplitude is given the mode found from the task of the own values is 
the exact solution and the molecular dynamics can not be started. 
The oscillation modes were regulated in decreasing order of localization parameter (1): 
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The interatomic interactions were described with Morse’s potential [4]: 
 

      ,2expexp  ijijij ararDr     (2) 
 
where 362768.1a Å-1, 37877.44 , 43205.0D  eV. 
By radius of cutting of 16 Å potential, the lattice parameter was 2.6 Å. The molar mass of Ni 
atom is 58.71 gm/mol, that of Al – 26.981 gm/mol. 
 

 
 
 
 
 
 
 
 
 
Figure 1. Locations of the interstitial atom. 
 
We have got only one mode located on the defect in case when the interstitial atom was 
transferred into the middle of the equilateral triangle (Fig. 2a). 
The second position with the interstitial atom transferred into the middle of the rhomb of the 
nearest atom neighbours is less symmetric (symmetry of the second order), resulting in larger 
quantities of modes located on the defect. We have found two localized modes (Fig. 2b, 2c) 
 
 
 
 
 
 

500



 
 
 
 
 
 
 
 
 
 
 
Figure 2. Modes; a) mode N2, 76.47    THz, 0.197L  , The interstitial atom is in the 
middle of the equilateral triangle of the nearest neighbours ; b) mode N1, 76.47245    THz, 

0.21925L  , The interstitial atom is in the middle of the rhomb of the nearest neighbours; c) 
The same as in Fig. b for mode N2, 76.47274    THz, 0.19332L  , The interstitial atom is 
in the middle of the rhomb of the nearest neighbours. Designations:  -balance positions of 
the atoms after relaxation;  -initial positions of atoms in the oscillation mode; thin lines are 
atom tracks. 
 

 
Figure 3. a). The curve giving the initial migration time of the interstitial atom against initial 
deviation. The results of the computer experiment for the oscillation mode with 76.47 THz 
frequency (2 mode) localized next to the interstitial atom in the Ni crystal. The interstitial 
atom is situated in the middle of the equilateral triangle of the nearest neighbors. 
b). The Curve giving migration outset time against initial deviation. The results of the 
computer experiment on oscillation mode with 76.4745 THz frequency (1 mode), localized 
nearby the interstitial atom of Al in the Ni-crystal. The interstitial atom is situated in the 
middle of the rhomb of the nearest neighbours. 
 
By means of the computer experiment it was found that the position of the interstitial atom in 
the middle of the rhomb of the nearest neighbours gives crowdion solutions. By small 
amplitudes, localized quick – damping oscillators are observed in case when the interstitial 
atom is in middle of the nearest neighbours. The relations between interstitial atom migration 
outset time and initial deviation were found for all detected modes localized on the interstitial 
atom taking account of the two defect positions considered (Fig. 3, 4). The points mean 
simulating results and the curve is approximation of simulating results found by means of 
power function according to the least-squares method. The results shown in Fug. 3, 4 let us 
observe the fact that the mode proves to be unstable at sufficiently great U0 values resulting in 
the lack of symmetry of the oscilation mode after definite delay time and migration of the 
interstitial atom; the delay time has tendency toward reduction as U0 further increases. 
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Figure 4. The same as in Fig.3b on oscillation mode with 76.47274 THz frequency (2 mode), 
localized nearby the interstitial atom of Al in the Ni crystal. The interstitial atom is situated in 
the middle of the rhomb of the nearest neighbours. 
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We present results of extensive molecular dynamics study of materials deformation 

during nanoindentation process in Fe and Cu.  We have used different indentation 

surfaces namely ½{110} and {100} in Fe and ½{111} and {100} in Cu and spherical and 

cylindrical rigid indenters of diameter from 5 to 70 nm at indentation speeds 0.1-10 m/s 

in crystals of up to 1.1x10
8
 atoms. 

 

Plastic deformation at early stages or by small size indenter occurred mainly by emission 

of glissile dislocation loops.  Large indenters may create complex three-dimensional 

structures that affect strongly the deformation process. Dislocation junctions of different 

structures and mobility were observed and classified from the point of view of their 

effects to nanoindentation process. A higher indentation loading rate was observed to 

promote the formation of shear loops on a nucleated circular dislocation in Fe.
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The collective behavior of dislocations is of fundamental importance in the micro-
structural evolution of plastically deformed crystals. In fact it represents the link 
between their macroscopic mechanical characteristics during plastic deformation 
and the underlying activity of single dislocations loops. Collective dislocation 
motion, governed by mutual interactions and applied stress field, determines the 
plastic component of strain during the deformation of crystals, which in turn affects 
the overall stress field. When the static framework of Continuum Theory of 
Dislocations is equipped with a constitutive law for the average dislocation velocity 
field, the dislocation density tensor field can be evolved together with deformation 
and stress fields in order to determine the elasto-plastic response of crystals under 
applied loads.  
 
Here we present a finite element implementation of dynamic continuum theory of 
dislocations with applications to formation of dislocation patterns in plastically 
deformed copper. The study is inspired by recent developments in micro 
indentation experiments performed on copper single crystals oriented for plane 
strain, where dislocation densities are calculated from measured in-plane lattice 
rotation. Simulations are performed with different constitutive laws for the average 
velocity and comparison with experiments are presented.  
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ABSTRACT

A new formulation of Parametric Dislocation Dynamics is introduced based on concepts bor-

rowed from graph theory. With this formulation, the topological reconfigurations of dislocation

networks as a result of reactions (e.g. annihilation, junction formation and breakup, multiple

dislocation tangles, etc.) can be easily simulated. The atomic constraints imposed on disloca-

tion motion by junctions, obstacles, and boundaries are embedded in an extended finite element

framework through the use of Lagrange multipliers.

1. Introduction

The evolution of the dislocation microstructure is known to be responsible of most of the macro-

scale mechanical properties of crystals. Experimental observations1 show that the dislocation

microstructure develops in heterogenous patterns characterized by the simultaneous presence

of low and high dislocation density regions during plastic deformation. These patterns, de-

pending on the deformation mode, take the form of slip bands, shear bands, dislocation pile

ups, dislocation cells and subgrains. Dislocation Dynamics has been shown to be an effective

tool in capturing the effects of complex heterogenous dislocation distributions to investigation

of plastic deformation. However, the effective representation of dislocation recombination in

networks of entangled dislocations, due to processes such as annihilation and junction forma-

tion and breakup, remains critical in DD for the correct prediction of plastic flow. To meet

this challenge, a new formulation of the Parametric Dislocation Dynamics Method2 is devel-

oped where the topology of the network is described in terms of oriented graph theory3. In this

framework, dislocation nodes interconnected by curved dislocation edges are introduced to dis-

cretize the continuum dislocation network configuration. The orientation of the edges is used to

define a flow quantity, the Burgers vector, that must be conserved at the nodes. Some basic flow

conserving graph operations such as expansions and contractions can be used to describe the

topological changes during network reconfiguration due to junction formation and annihilation

processes, therefore simplifying the complex evolution of dislocation networks.

The formation of junctions and boundaries (e.g. at the surface, at obstacles, at grain bound-

aries, or at second phase boundary) impose atomic constraints on the motion of dislocations.

In particular, dislocation nodes must obey constrains imposed by their incident edges. Their

motion must be such that the incident edges glide on their respective glide planes. This implies

that junction nodes are constrained to move along specific crystallographic directions. Also, the

presence of obstacles and impenetrable boundaries imposes constrains on dislocation network

development. The weak form of the equations of motion in the presence of internal constraints

is first derived in section 2, and its finite element version in 3. We end the paper with two

applications of the method in section 4.
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2. Irreversible Thermodynamics of Dislocation Motion with Internal Constraints

Let ri(l, t) describe the position of a dislocation line Γ in an elastic solid as a function of its arc

length l and time t. Under the assumptions of negligible kinetic energy of dislocation core atoms

and isothermal transformation, a variation δṙi(l, t)dt in the dislocation configuration leads to a

non-positive change of Gibbs free energy of the solid that balances the virtual work of the force

per unit length of dislocation line fi
2:

δG = −δW = −

∮

Γ

fiδṙidt dl ≤ 0 ∀δṙi (1)

The force per unit length fi =∈ijk σjmbm
∂rk
∂l

exerted on a dislocation line is the Peach-Koehler

force due to the elastic stress field σjm. The decrease in Gibbs free energy is due to energy

dissipation caused by friction forces opposing dislocation motion. For dislocation velocities

smaller than approximately half of the shear wave velocity friction forces are mainly due to

viscous phonon and electron damping4 thus leading to the following expression for the loss of

Gibbs free energy:

δG = −

∮

Bij ṙjδṙidt dl ≤ 0 ∀δṙi (2)

where the resistivity matrix Bij is obtained as the inverse of the positive definite and symmetric

mobility matrix. Combining Eqn. (1) and (2) the equation of motion of a dislocation line can

be expressed in weak form as the stationary point of an energy functional having variation:

δΠ = −(δW + δG) =

∮

Γ

(Bij ṙj − fi)δṙidt dl = 0 ∀δṙi (3)

The effects of atomic constraints on dislocation motion are taken into account introducing in-

ternal conditions in the form Lij(l, t)ṙj(l, t) = gi(l, t) that are added to the original potential

though the use of Lagrange multipliers λi(l, t), therefore obtaining the following modified vari-

ational problem:

δΠ =

∮

Γ

[(Bij ṙj − fi + Ljiλj) δṙi + (Lij ṙj − gi) δλi] dt dl = 0 (4)

3. Finite Element Implementation of the ACNDD

The first step towards the discretization of Eqn. 4 is obtained by dividing the dislocation network

in separate subnetworks, each one composed of a number of dislocation loops interconnected by

junctions. Each subnetwork is then further discretized into dislocation line elements Γe (edges)

connecting dislocation nodes. Within each element, separation of variables is invoked to express

both ri and λi as the product of spatial-dependent element shape functions and time-dependent

nodal degrees of freedom:

ri(l, t) = Nim(l)q
e
m(t) λi = Mim(l)p

e
m(t) (5)

Upon substitution of Eqn. (5) in (4) the following discrete minimization problem is obtained

for each subnetwork:

δΠ =
∑

e

[(

ke
mnq̇

e
n − f e

m + k
e

nmp
e
n

)

δqem +
(

k
e

mnq
e
n − f

e

m

)

δpem

]

= 0 (6)
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where the segment stiffness matrixes ke
mn and k

e

nm, and force vectors f e
m and f

e

m have been

defined as:

ke
mn =

∫

Γe

BijNimNjndl f e
m =

∫

Γe

fiNimdl (7)

k
e

nm =

∫

Γe

LjiNimMjndl f
e

m =

∫

Γe

giMimdl (8)

Finally, standard assembly techniques are employed to express Eqn. 6 in global matrix form

suited for numerical sparse symmetric solvers.

4. Selected Applications

As a first application of the ACNDD, we consider the simulation of dislocation pile-ups in

micro-pillar compression. As shown in Fig. 1, the Frank-Read loop, initially the only subnet-

Figure 1: Consecutive stages of a Frank-Read loop expanding during micro-pillar compression

in copper single crystals. Units are normalized by the magnitude b of the Burgers vector.

work in the system, bows out on its glide plane under the effect of the external and self stress

field until it reaches the cylinder boundary, assumed impenetrable by dislocations. When a

point ri on the dislocation line reaches the boundary the constraint n̂iṙi = 0 is introduced to

allow only tangential motion with respect to the boundary (n̂i the in-plane normal to the cylin-

der boundary). While the outer part of the loop gradually conforms to the boundary the two

inner arms of the loop get in contact and two dislocation edges merge in a junction edge with

total Burgers vector equal to the sum of the colliding Burgers vectors. Since this results in a

vanishing Burgers vector the junction segment is removed, thus originating two separate loops.

The two loops, still interacting through their mutual stress fields, form now distinct subnetworks

governed by independent systems of equations.

As a second application of the method we consider the simulation of a Hirth-lock junction for-

mation. As illustrated in Fig. 2 two initially straight dislocations attract towards the common

line between their glide planes under the effect of their mutual stress fields. Once two dislo-

cation line elements collide, a common junction element is created having a Burgers vector

equal to the sum of the original Burgers vectors, therefore making the junction element sessile.

507



Figure 2: ACNDD simulation of the formation of a Hirth lock between a A [0 1 1](1 1 1)

dislocation and a [0 1 1](1 1 1) dislocation in copper single crystals.

The junction element can not bow on any glide plane, and is constrained to only zip or unzip

along the intersection line. The constraint is imposed introducing additional equations govern-

ing the motion of the two dislocation nodes ending the junction element, namely n̂1

i ṙi = 0 and

n̂2

i ṙi = 0, where n̂1

i and n̂2

i are the plane normals of the incident glide planes.

5. Conclusions

An overview of the ACNDD framework has been presented as a new formulation of the orig-

inal PDD in the presence of internal constraints to dislocation motion. The method is mainly

intended to simplify the treatment of dislocation reactions, such as junction formation and

breakup, multiple dislocation tangles and nodes, and conformity to atomic constraints on dis-

location motion. The method takes advantage of simple node and edge operations borrowed

from graph theory to manage the network reconfiguration due to dislocation reactions. Simple

applications of the method have been presented as examples of network reconfiguration and

constrained motion.
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In semiconductor technology amorphous Si layers are formed by ion implantation, 
and during subsequent annealing the solid phase epitaxial recrystallization (SPER) 
of the amorphous material takes place. In order to simulate the SPER process and 
to understand its atomic-level mechanisms, classical molecular dynamics 
calculations are employed since they allow the consideration of several thousand 
atoms and a time scale up to some hundreds of nanoseconds. In the last decade 
different authors investigated SPER in Si by this type of simulations, but the critical 
review shows that their results are not consistent with the experimental data. In 
most cases the SPER rate was strongly overestimated. Moreover, the results 
obtained by different groups under virtually equal conditions do not agree. This 
may be due to the different approaches used to prepare the initial state consisting 
of an atomic system with a nearly planar amorphous-crystalline interface. The 
main cause for the disagreement with experimental data is the inaccuracy of the 
interatomic potentials used in the different studies. The improvements considered 
in the present work are based on a better description of the amorphous phase 
using a modified potential without changing the established potential for the single-
crystalline material. It is found that amorphous Si with realistic structural and 
thermodynamic properties can be obtained by certain modifications of known 
interatomic potentials, but these modifications do not yield the correct SPER rate. 
However, it is shown that the value of the SPER rate is strongly correlated with the 
melting temperature of amorphous silicon obtained by the corresponding modified 
potential. Obviously, this dependence can be explained by the fact that both 
melting and SPER are essentially determined by the flexibility of atomic bonds. 
The atomic mechanism of SPER consists in sequential local arrangements of 
atomic bonds and positions, preferentially along {111} facets or terraces. 
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Coupled Quantum Dots (QDs) or QDs arrays provide an attractive potential 
building block for the next generation logic devices in the existing post CMOS 
technology for the purpose of quantum computing. These QDs arrays also find 
applications in optoelectronic devices such as Vertical Cavity Surface Emitting 
Lasers (VCSEL), photo voltaic cells and others where they may face challenges 
from thermal loadings. The study of electromechanical effects in such devices 
becomes very important as most of the materials in semiconductor nano structures 
are piezoelectric in nature. At the same time, this study requires taking into 
account multiple scales at which such devices should be analyzed. In this paper, 
we present the numerical simulations for the band structure calculations of two 
laterally coupled truncated GaN/AlN QDs under the influence of 
thermoelectroelasticity. By using Finite Element Method (FEM), we study the effect 
of thermoelasticity on the electronic properties of the two laterally coupled 
truncated GaN/AlN QDs in the presence of wetting layers based on the 8 × 8 
Hamiltonian. The numerical values of several parameters such as 
electromechanical fields, eigenvalues and electron wave functions in the two 
laterally coupled truncated GaN/AlN QDs have been reported and they are 
compared to the previously reported results for single GaN/AlN truncated QDs 
(Nanotechnology 20, 125402, 2009). Simulations results show that several 
identical electron wave functions are present in the same QDs. Due to electron 
wave functions overlap in laterally coupled QDs, these parameters become more 
sensitive to thermal loadings compared to single truncated quantum dots. Figure 1 
and 2 are the illustration of the wave functions and eigenvalues of the ground and 
first excited states in the coupled QDs structure without thermopiezoelectric 
effects. This project has been funded by NSERC and CRC. 
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Figure: 1 Ground state wave functions in the left and right truncated QDs without 
thermopiezoelectric effects. 
 

 
Figure: 2 First excited state wave functions in the right and left truncated QDs 
without thermopiezoelectric effects. 
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Presently Ti-6Al-4V is the most widely used titanium alloy, accounting for 

more than 50% of all titanium tonnage in the world. The aerospace industry 

accounts more than 80% of this usage. The next largest application of Ti-6Al-4V 

alloy is medical devices or implants, which accounts 3% of the market. This alpha-

beta alloy exhibits an excellent combination of corrosion resistance, strength and 

toughness. The properties of an alloy depend mainly on alloying elements, method 

of production, mechanical and thermal treatments. The relationships between the 

process variables and final properties of the alloy are very much complex, non-

linear in nature, which is the biggest hurdle in developing proper correlations 

between them by conventional methods. An artificial neural network is an 

information processing and modeling system, which mimics the learning ability of 

biological systems in understanding an unknown process or its behavior. The 

knowledge about the unknown process, stored as neural network weights can be 

utilized to analyze and control the process.  

 

In the present work, a model of artificial neural networks was developed for 

the analysis and prediction of the correlation between the process parameters, the 

alloying elements, microstructural features, beta transus temperature and 

mechanical properties in Ti-6Al-4V alloy. Sensitivity analysis of trained neural 

network models were studied which resulted a better understanding of 

relationships between inputs and outputs. The model predictions and the analysis 

are well in agreement with the experimental results. 
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ABSTRACT 

 

A level method for modeling polycrystalline grain growth in three dimensions has been 

described, along with basic tests to verify its correct operation.  The key features of the model 

are the use of interface fields in place of fields associated with grains, together with velocity 

extension around multi-junctions in order to preserve their integrity during evolution.  The use 

of the level set formalism permits explicit specification of interface properties such as energy 

and mobility.  Velocity extension is used at boundaries and multi-junctions to ensure stability 

during evolution.  As in all level set implementations, re-initialization is performed from time 

to time to maintain the shape of the level set functions around boundaries.  To illustrate the 

need for multiscale modeling, results from moderately large-scale simulations of grain growth 

in the presence of pinning particles are described.  By matching the fraction of particles on 

boundaries to examples of experiments in which higher than random fractions were detected, 

abnormal grain growth was observed in a few cases.  In this instance the occurrence of 

abnormal grain growth was ascribed to a minor fraction of large grains with a low density of 

precipitates. 

 

1. Introduction 

 

An important outcome of multiscale modeling is to improve our understanding of physical 

phenomena.  Microstructural evolution, whether via deformation or via annealing remains a 

challenging phenomenon to simulate.  Even an apparently simple phenomenon such as grain 

growth in single-phase materials, where interface curvature is the driving force, is a challenge 

to model quantitatively.  Grain boundary properties such as excess free energy and mobility 

are determined at the atomic scale.  Solute drag operates at the nanometer scale.  Particle drag 

operates at the sub-micron scale and so on and so forth.  Particle drag is essential for grain 

size control in many engineered materials.  Nevertheless, particles are also known to be 

strongly associated with abnormal grain growth.  Recent experimental and simulation work 

has revealed that the spatial correlation of particles with grain boundaries departs significantly 

from random and that this can enable abnormal grain growth.   The authors review recent 

progress towards developing a level set model for grain growth that can deal with both grain 

boundary anisotropy and particle interactions in detail.  To illustrate the need for multiscale 

modeling of microstructural evolution, this article briefly describes the application of the Potts 

model to study the influence of pinning particles towards the initiation of abnormal grain 

growth. 

 

The level set method can be used to accurately simulate the evolution of the sharp interface 

between two domains when a theoretical expression for the local velocity of this interface is 

known and computable. The level set method was first popularized by Osher et al. [1] and is 

used extensively in the fields of fluid dynamics and image analysis. Numerous books [2, 3] 

have been written about the level set method. For a brief introduction to the level set method, 

the reader is referred to [4]. 
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Work with the level set method is not widespread within the materials science community, 

although application to second-phase particle dissolution has received some attention [5], as 

well as solidification [6]. The lack of interest is perhaps due to the fact that the level set 

method is a velocity-based formalism, and not an energy- based approach. However, if 

engineers are to develop computational models that simulate microstructure evolution on a 

truly mesoscopic scale, at lengths such that gradients in the free energy and diffuse boundary 

widths are not available at runtime, sharp-interface velocity-based models appear to be a 

useful next step.  The level set approach described here permits explicit specification of 

boundary properties such as energy and mobility.  It is also readily extended to include 

second-phase particles, solute diffusion, particle dissolution and other phenomena related to 

grain growth and coarsening.  The level set could, for example, be coupled to a sub-voxel 

simulation (such as MD) to render it truly multi-scale, i.e. to compute velocities near the 

interface using a local molecular dynamics simulation and use velocity extension to advect the 

macroscopic boundary representation. 

 

2. Interface Level Set Method 

 

Given a theoretical expression for the local boundary velocity v, the level set method advects 

a scalar function !(x) in such a way so that the contour !(x) = 0 (which represents the 

boundary) moves appropriately, via the simple PDE given by Eqn. 3.  This may be 

implemented by a finite difference scheme on a regular grid. The mathematics community has 

provided a rigorous foundation for working with this equation even when !(x) develops 

discontinuities or undergoes topological transformations (see e.g. [3]). 

 

One of the difficulties with the level set method is the need to extract explicit mesoscopic 

boundary velocity laws as functions of mesoscopic quantities from microscopic 

considerations. Because boundary normals n are obtained by simply taking gradients of the 

level set function !(x), i.e. n = grad(!)/|grad(!)|, the inclination-dependent boundary velocity 

may be explicitly computed as long as the misorientation is known. Therefore the level set 

method provides an ideal computational model to investigate grain growth problems in which 

energies and mobilities can be specified explicitly. 

 

Clearly it is insufficient to model only single boundary motion but we must also model 

microstructural evolution in polycrystalline materials. The level set method was originally 

developed for modeling the motion of a single interface that decomposes space into only two 

separate domains namely, the region where !(x) > 0; and the region where !(x) < 0. Although 

a few authors [1, 7] have presented multi-level set methods for modeling the evolution of 

grain boundaries in polycrystalline materials, this paper is based upon a novel approach that 

we refer to as the interface level set method.  A much more detailed exposition of the interface 

level set method will be presented in a later work.  We provide here a brief description of the 

interface level set method. 

 

To every grain associate the level set function !i(x). The interior of grain i is defined as the set 

of all points x such that !i(x) > !j(x), for all other grains j, Fig. 1. In contrast to the level set 

method, which defines boundaries as the set of points x such that !(x) = 0, we will define the 

grain boundary between grains i and j as the set of points x such that !i(x) = !j(x). To evolve 

the boundary i-j with a known local velocity vij(x), we define the interface function  

 

     (2) 
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with !i(x) > !j(x). We then advect the contour !ij(x) = 0 according to the traditional level set 

equation: 

 

     (3) 

 

Note that Steinbach et al. [8] originally proposed such functions in the context of a multi- 

phase field model. As Steinbach points out, there are N (N ! 1) such functions !ij(x) at any 

point where there are N relevant level set functions. It is thus necessary to select a subset of 

the functions {!ij} in order to obtain evolution equations for the {!i}. We therefore consider 

only the evolution equations for the interface functions !mj(x), with m defined locally by !m(x) 

> !j(x) for all j. There are (N ! 1) such fields and so there are (N ! 1) associated evolution 

equations, given by Eqn. (3) with i = m and 1 " j " N and j # m. One more equation is needed 

to determine evolution equations for !i. We choose to impose the constraint 

 

      (4) 

 

The constant M serves as an adjustable parameter in this model and does not have any 

physical significance. 

 

We note that in regions corresponding to more than two grains, multi-junctions are very well- 

defined, and correspond to points at which all level set functions !i(x) are equal. It follows 

that triple junctions and quad nodes are represented unambiguously in the interface level set 

method. We mention in passing that Eqns (3) must be modified near multi-junctions in order 

to couple boundaries together and enforce any relevant multi-junction force balance (such as 

Young’s law). 

 

All other issues relevant to level set models (such as initialization, re-initialization, and 

velocity extension) can be extended to the interface level set framework. These topics are 

discussed briefly below. Algorithms and data structures from the Mesoscale Microstructure 

Simulation Project were used extensively to implement the computer codes [9]. 

 

3. Initialization 

 

Some very undesirable effects can occur if the interface level set equations are given initial 

data that deviates locally from a signed distance function.  It is therefore necessary to estimate 

the boundary position and smooth the data accordingly before evolving.  A procedure to 

estimate the distance to the nearest boundary at every point in the system was used [10] and 

we have built a method on top of this algorithm to generate the required boundary profile, 

even for points around multi-junctions.  The procedure may be regarded as a type of data-

constrained filtering, and has possible applications for the analysis of experimental data.   

 

4. Reinitialization 

 

In any level set model, it is necessary to ensure that the gradient near the zero level set does 

not stray too far from unity.  There exist competing methods to do so, whose performance 

often reflects the effort required to implement them.  To reinitialize the interface level set 

model, we have chosen to adapt a simple method proposed by Coupez [11].  To confine 

computation to relevant points near the boundary and prevent numerical oscillations, it is 

possible to penalize the gradient such that the target profile is sinusoidal (of specified width 

w).  This is modifies the level set equation to read 
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                      (5) 

 

The generalization of this equation to an interface level set model is immediate.  However, 

multi-junctions require special consideration in order to maintain stability of the coupled 

fields around them.  Detailed discussion of this feature of the model will be presented in a 

subsequent publication. 

 

5. Velocity Extension 

 

Coupling an ambient solute field or a particle dissolution model to an interface level set model 

requires a procedure known to the level set community as velocity extension (see [12]). 

Velocity extension involves interpolating to the boundary position to estimate the boundary 

velocity at every point near the interface, and then extending these values to all points in a 

larger neighborhood around the boundary.  One of the ways in which extension occurs is via 

solving the following PDE to equilibrium in a thin tube around the boundary: 

 

                                           (6) 

 

This PDE penalizes the gradient of the velocity field with respect to the gradient of the level 

set fields, subject to the interface values as constraints.  At equilibrium, all gradients in the 

local velocity field will point along tangents to the boundary, so that the velocity is constant 

along the boundary normals.  The best computational results are obtained if spatial derivatives 

in this equation are winded toward the interface. 

 

Around a multi-junction, it is necessary to conduct velocity extension for each interface 

individually.  This involves updating a single scalar field for every interface, instead of one 

per grain, and so a data structure that associates a unique scalar field (the local velocity) with 

a distinct pair of integers is required.   

 

6. Level Set Results 

 

There are many tests that can be applied to a grain growth model to verify that it is operating 

correctly.  A basic test is to simulate a single isolated grain, whose surface area should 

decrease at a constant rate, 16/3 $ M!, where M is the boundary mobility and ! is the 

boundary energy.  Fig. 2 shows the result of a simulation where such a grain is allowed to 

shrink (so that time evolution proceeds from right to left).  The velocity is very close to the 

theoretical value until the grain is small compared to the width of the interface function used 

(typically 10 voxels). 
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Fig. 2.  Difference between the measured and theoretical shrinkage rates (rate of change of 

surface area) of an isolated (island) grain as a function of size (in pixels).  The result shows 

that the rate is correct until small sizes are attained, where the rate diverges to larger and then 

finally smaller values. 

 

Another test is to simulate polycrystal grain growth and measure the coarsening kinetics.  Fig. 

3 shows the results of simulating grain growth in a thin film (2D) configuration.  After an 

initial transient, the graph becomes linear as expected, and as required for self-similar 

coarsening [13]. 

 
Fig. 3.  Average area versus time, showing that the graph is linear after an initial 

transient, as required for self-similar coarsening. 

 

A more severe test of the capability for modeling anisotropic grain boundary energies 

involves measuring dihedral angles at triple junctions.  Fig. 4a shows the configuration of 

cylindrical caps used to perform such as test.  The geometry is such that the cylindrical end 

caps are maintained in a self-similar fashion as they move down the domain (driven by the 

shortening vertical boundaries).  The dihedral angles in the roots of the caps were measured 

and compared against the theoretical values, Fig. 4b.  The results show that for not too large 

anisotropies, the model performs well.  For anisotropies approaching wetting, however, the 

dihedral angles remain too large. 
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                                 (a)                                                                       (b) 

Fig. 4.  (a) Diagram of a microstructure with cylindrical end caps; the vertical boundaries 

have a different energy than the boundaries in the caps, giving rise to a specific dihedral angle 

in the grooves of the caps. (b) comparison of the dihedral angle measured in the level set 

model (vertical axis) against the theoretical value (horizontal axis) determined from Young’s 

Law.  Wetting corresponds to a zero dihedral angle in the root of the cap. 

 

7. Second Phase Precipitates and Grain Boundaries 

 

A significant fraction of commercial alloys are not single-phase and develop properties that 

can be associated with the interaction between the primary and secondary phases. Certain 

processing techniques inherently lead to spatial distributions of second phases that are 

heterogeneous and/or which show an alignment with a specific workpiece direction, such as 

the direction of primary metal flow.  The best-known examples involve rolled steel- and 

aluminum- plate materials in which inclusions/second-phase constituents/stringers are found 

as isolated bands along the rolling direction.  In other situations, the spatial distribution of a 

second phase may exhibit a non-random correlation with internal points of reference such as 

grain boundaries.  For example, the frequency of 60° <111> boundaries is often significantly 

higher than the random Mackenzie distribution, and the particle distribution on grain 

boundaries is frequently non-random in nickel-base superalloys [14].   

 

Computational modeling enables the generation of digital microstructures that attempt to 

replicate experimentally-observed features as described above; likewise, modeling assesses 

the impact of these parameters on microstructural evolution. To address the effect of non-

random distributions of particle on grain boundaries, a standard three dimensional Potts model 

was used, the details of which have been described in previous publications [15]. 

 

8. Application of Multi-Phase Modeling to Experimental Observations 

 

The correlation of particles with the grain boundaries was varied in a series of simulations to 

quantify its impact on grain-growth stagnation and the variation in spatial distribution during 

annealing.  Isotropic grain boundary properties were used and all particles were cubic with a 

volume of 27 voxels.  The number fractions of particles on grain boundaries were varied 

between 0.3 and 0.7.  The methods used to insert particles into 3D microstructures with a 

specified fraction located on grain boundaries were described by Roberts et al. [16].  For 

example, the case for which Vv = 0.04 and 30% of the particles are on boundaries in a 400
3
 

domain contained ~94,800 cubic particles with 28,400 particles placed explicitly on the grain 

boundaries and the remaining particles located within the grain interiors.  Microstructures 

with various combinations of initial grain size, volume fraction, and number fractions of 

particles on grain boundaries were instantiated.  The set of initial grain sizes was {7.6, 11.7, 
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15.2, 18.4, 21.5 and 24.0} in units of voxels.  The set of particle volume fractions was {0.04, 

0.06 and 0.08}.  The set of fractions of particles on boundaries was {0.3, 0.5 and 0.7}.  The 

results of the simulations are presented in Fig. 5 as a plot of limiting grain size versus volume 

fraction. 

 

 

 

Fig. 5. Potts model 

predictions of the limiting 

grain size as a function of 

particle volume fraction 

for initial distributions in 

which 30%, 50%, and 

70% of the particles were 

initially situated on grain 

boundaries.  All points 

above the fitted line, f(x), 

exhibited signs of 

abnormal grain growth. 

 

A majority of the simulations resulted in a pinned microstructure at long times, as expected.  

The observed limiting grain size, DL, was found to be slightly smaller than the original Smith 

-Zener prediction [17], as noted by various other researchers [18]. A few of the final grain 

sizes, however, lay well above or on the Smith-Zener limit [17], shown as a solid line. 

Analysis of the simulated microstructures at various times revealed abnormally large grains 

(i.e., a grain at least three times as large as the average grain size); an example is given in Fig. 

6.  The grain-size distributions provided additional confirmation that an initially uniform 

grain-size distribution had evolved into a bimodal distribution indicative of abnormal grain 

growth.  A heterogeneous distribution of particles on grain boundaries was concluded to be 

the source of the AGG because it occurred reproducibly in simulations for which the initial 

grain-size distribution lay in a rather narrow range, i.e., 15.2 "  " 18.4. 

 

 

 

 

 

Fig. 6. Cross-section through a simulated 

microstructure (Potts model) showing an 

abnormally large grain consuming the 

matrix grains.  Simulation conditions 

comprised isotropic grain-boundary 

properties, T = 1.5, t = 100,000 MCS, Vv = 

0.06, and 70% of particles on grain 

boundaries.  
 

 

Fig. 7 shows the evolution in average grain size for Vv = 0.06 and initial boundary fractions of 

30% and 70%.  In each graph, there are three distinct types of behavior: (1) No growth, as 

indicated by curves with zero slope, (2) normal grain growth followed by stagnation, and (3) 

normal grain growth followed by abnormal grain growth.  The pinned microstructures were a 

result of the large initial grain size (small driving pressure) and the large ‘apparent’ volume 

fractions of particles on grain boundaries.  With a low number fraction of particles on 
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boundaries (30%) and initial grain size of =21.1 or =24.0, there was sufficient drag 

pressure to be equal to or greater than the driving pressure.  The third scenario with an initial 

grain size of =18.4, exhibited both normal grain growth and AGG; i.e., two regions of 

growth.  The current findings suggest that the initiation of AGG is related to specific 

geometric features, i.e. non-random particle placement on grain boundaries and a specific 

range of initial grain size.  The evidence appears to support the arguments presented by Rios 

[19] wherein local deviations in particle density coupled with neighboring large, candidate 

(”rogue”) grains result in a transition from normal to abnormal grain growth. 

 

 

(a) (b) 

  

Fig. 7. Grain-growth kinetics as a function of initial grain size for Vv = 0.06: (a) 30% of 

particles on grain boundaries and (b) 70% of particles on grain boundaries.  The “R” 

in the legend refers to the initial average grain size. 

 

Summary 

 

A level method for modeling polycrystalline grain growth in three dimensions has been 

described, along with basic tests to verify its correct operation.  The key features of the model 

are the use of interface fields in place of fields associated with grains, together with velocity 

extension around multi-junctions in order to preserve their integrity during evolution.  The use 

of the level set formalism permits explicit specification of interface properties such as energy 

and mobility.  The approach also can thus accommodate information obtained at smaller 

length and time scales as, for example, in terms of grain boundary properties such as energy, 

mobility and diffusivity.  Enhancements to the model are in progress to address particle-

boundary interactions and particle dissolution.  At a slightly larger length scale, results from a 

Potts model simulation of grain growth pinned by particles show that abnormal grain growth 

can occur even when microstructures are nominally pinned.  The key circumstance appears to 

be when the grain size is smaller than the Smith-Zener limit but essentially all grain 

boundaries are pinned because the fraction of particles on boundaries is higher than the 

random correlation in position assumed for the Smith-Zener derivation. 
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ABSTRACT 

 

A three-dimensional numerical analysis of the meso- and macroscale deformation behavior of 

welded low-carbon steel specimens is performed. A mathematical model based on a double-

limit yield criterion was constructed to describe propagation of Lüders bands at the 

macroscale. To take into account mesoscale deformation, a weld-affected microstructure was 

explicitly introduced in the calculations. The role of the free surface, grain boundaries and 

interfaces between the seam and the heat-affected zone (HAZ), and between the HAZ and the 

base metal in processes of stress concentration and plastic strain localisation is studied. 

 

 

1. Introduction 

 

Engineering predictions of the deformation and fracture behavior of welded structures are 

generally based on the estimations of macroscopic characteristics (e.g. static, dynamic and 

fatigue strength, yield stress, etc.) Actually, due to the presence of interfaces of different sorts 

and scales stresses concentrate at different scales, resulting in multiscale processes of 

deformation and fracture. Thorough study of the multiscale processes takes on a special 

significance since gradual accumulation of irreversible deformation and damage on lower 

scales can give rise to the macroscopic failure of the welded structure. 

This paper is devoted to the 3D numerical analysis of the deformation processes in welded 

steels at the meso- and macro-scales with an explicit account for a dog-bone shape of the 

macroscopic specimens and microstructure features of the weld-affected material (Fig. 1). 

     

      

b 
a 

Fig.1. Micro (a) and macro models (b) of welded joints. 

 

 

2. Double-limit yield criterion 

 

We assume that the material retains its meso and macroscale continuity under elastic-plastic 

deformation and, thus, mathematical tools and numerical methods of continuum mechanics 
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can be applied. The general system of equations for an elastic-plastic material incorporating 

the laws of conservation of mass, momentum and energy and the constitutive relations in the 

form of Hook’s relation has been presented in extensive literature (see, e.g., [1]). In the 

examples discussed below, the system of equations supplemented by boundary conditions was 

solved numerically by the finite-difference method [1]. 

Let us formulate a criterion of elastic-to-plastic transition with account for Lüders band 

evolution. Experiments (e.g., [2]) showed that dislocations originally presenting in the 

material are immobilized. The detachment of the dislocations and the nucleation of new 

defects capable of plastic flow initiation require a higher stress level than the one at which 

subsequent propagation of dislocations takes place. This kind of model underlies the local 

double-limit yield criterion used here to simulate the evolution of localised plastic 

deformation in welded specimens at meso- and macroscales. 

We proceed from a von Mises yield criterion according to which the transition from an elastic 

to a plastic state takes place if the equivalent stress reaches a critical value. Two critical 

values are used in the examined model: a higher limit tσ  (triggering stress) is necessary to 

initiate plastic flow in an elastically strained material, whereas a lower limit  (yield stress) 

is assumed for a material undergoing plastic deformation: 

yσ
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3. Evolution of localized plastic deformation at the macroscale 

 

A three-dimensional welded steel specimen was approximated by the finite-difference mesh 

of 300×40×10 elements (Fig. 1(b)). Tensile load was applied to the opposite ends of the 

specimen. Average mechanical characteristics of the seam and the base metal are given in 

Tab. 1. The mechanical properties in the HAZ varied linearly between maximum values 

corresponding to the seam and minimum values at the interface with the base metal. Let us 

examine the main stages in the development of macroscopic plastic flow in the welded low-

carbon steel specimen including formation of Lüders fronts, their propagation through the 

specimen and stage of the quasi-uniform deformation. 

 

Table 1. Macrocopic (average) mechanical properties. 

 Shear modulus, GPa Bulk modulus, GPa 
tσ , MPa 

0yσ , MPa 

Base metal 80 133 426 329.7 

Seam 112 186 329 590 

 

The stress level in the HAZ near the interface with the seam is comparable to the magnitude 

of stresses developing in the near-grip regions (fig. 2(a)), and simultaneous incipient plastic 

deformation is observed in these zones. On further loading, however, Lüders fronts are 

formed at the HAZ-base metal interface, whereas the plastic flow near the grips virtually 
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terminates (fig. 2(b)). Formation of the Lüders fronts corresponds to the drop portion in the 

stress-strain curve between the upper and the lower yield points (Fig. 3). 

 

 

a 

Fig. 2. Equivalent stress (a) and equivalent plastic strain patterns (b) at 0.23% of tension and 

velocity vectors in the region of welded joint (c).  

 

Thereafter Lüders fronts begin to propagate 

across the specimen along the tensile axis at 

an approximately constant velocity. This is 

represented by a horizontal portion of the 

stress-strain curve. The plastic strain rate is at 

a maximum in the fronts and is nearly zero 

behind them. The propagation of the Lüders 

bands is controlled by a competing plastic 

strain nucleation process in the elastic 

material ahead of the Lüders fronts and that 

of strain hardening behind them. The fronts 

originally shaped like an hour-glass may be 

further transformed into straight lines directed 

at an angle to the tensile axis. In this case, the 

deformation in the counter-propagating fronts 

is accomplished by transversal shifting. The specimen undergoes periodic displacements 

perpendicular to the axis of tension. Powerful vortex motion is observed in the region of the 

welded joint (Fig. 2(c)). Once the entire material capable of plastic deformation is involved in 

plastic flow, the stress-strain curve reaches the strain-hardening stage. 
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4. Microstructure-based simulation of deformation processes in welded steel specimens 

 

A microstructure model of the weld-affected material reproduces change of the grain size 

throughout the seam, HAZ and base metal regions, Fig. 1(a). The grains differently colored 

are varied by their elastic and plastic properties. The strain-hardening and Hall-Petch relations 

were taken into account in constitutive models of individual grains so that the smaller grains 

in the HAZ posses a higher yield stress than those in the base metal. The yield criterion, 

Eqn. (1), was used to describe elastic-to-plastic transition at the mesoscale. 

Grain boundaries give rise to the stress concentration from the beginning of loading, with the 

maximum stresses observed near triple joints of grains markedly different by their elastic 

modules. The highest values of stresses appear at the interfaces between the HAZ and the 

base metal and between the HAZ and the seam (Fig. 4). The specimen free surface, in turn, 

serves as an interface between the metal and air. That is why a scatter of local stresses relative 

525



to the average level is essentially more pronounced on the free surface than in the bulk of the 

material (Fig. 4). This is the mechanical reason for plastic deformation to originate on the 

surface in the base metal regions adjacent to HAZ. Incipient shear bands consequently 

propagate into the bulk as a front of localized plastic deformation. The stress-strain curve 

demonstrates the yield tooth, a horizontal part and the strain-hardening stage (Fig. 3). 

According to experimental data [3], microcracks mainly originate in the regions of hydrostatic 

tension. From this viewpoint it is interesting to analyse evolution of hydrostatic strains kkε  in 

the weld-affected material. Under external tension the material undergoes positive mesoscale 

 at the initial stage of loading. In compression, however, the regions wherekkε 0>
kk

ε  are not 

observed under elastic deformation but appear in the vicinity of incipient shear bands. 

Volume content of these regions increases in a non-linear manner as plastic deformation 

develops. As far as local stress here achieves a critical value, microcracks are expected to 

occur. 

 

 

a b 

Fig. 4. Equivalent stress patterns on the free surface (a) and in the bulk (b) of the weld-

affected microstructure under elastic deformation. 
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In the production of dual phase steels the final heat treatment, often combined with 
hot dip galvanizing, is decisive for the mechanical properties of the sheet. This is 
due to the fact, that the heat treatment determines the volume fractions of the 
phases in the material. In this presentation we introduce a multi phase cellular 
automaton (CA), which is capable of treating the processes of recrystallization and 
phase transformation. Depending on temperature both processes take place in 
parallel and therefore have to be considered competitively by the CA rules. 
 
As the heat treatment is part of the overall production process the CA uses starting 
configurations for the microstructure, which are the result of crystal plasticity FEM 
rolling simulations. In turn the FEM simulations use microstructures fitted to 
experimental findings as starting configuration. The microstructure resulting from 
the CA simulation can be used for subsequent FEM simulations. 
 
We present results for isothermal heat treatments as well as for non-isothermal 
treatments. The evolution of phase volume fractions has been experimentally 
determined for isothermal heat treatments at different temperatures. These data 
are used for parameter fitting. The parameters determined by this procedure are 
then used for the simulation of non-isothermal (industrial) heat treatments. In all 
cases the evolution of the volume fractions of the different phases is compared 
with experimentally determined volume fractions. Regarding industrial application 
the CA can be used for the optimization of the heat treatment process. 
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Introduction 

Studying mechanical properties of nano materials has stemmed from the technological 

importance of nano-scale devices and systems such as nano-electro-mechanical-

systems (NEMS). Fracture strength of materials strongly depend on the existence and 

propagation of cracks and defects . The subject of crack propagation is an important 

area of research in computational material science. 

Methods 

The crack propagation phenomenon is an unstable process, in which the atoms near 

the crack tip are under tremendous amount of stress. In this study, three kinds of useful 

ductile metals, Ni, Al and Cu, with FCC crystal structure have been studied. These 

metals have FCC crystal structure including Ni, Al and Cu. The molecular dynamics 

(MD) has been employed for simulations. The interatomic potential used for MD 

modeling of FCC metals is assumed to be the embedded-atom method (EAM). Since 

occurrence of fracture in materials essentially involves bond breaking, an initial crack is 

introduced between the two layers by specifying a non-interaction potential between the 

atoms along the crack, and the crack propagation is studied. A uniaxial tensile loading is 

applied by first fixing the first set of atoms and then dragging them to a certain level of 

strain with a constant rate. 

Results 

The obtained results illustrate the way cracks are propagated and the deformation 

zones are formed in Ni, Al and Cu metals. Emission of the dislocations from the crack 

tip is also observed in different stages of the crack growth.   

Conclusion 

The proposed MD modeling of crack propagation in FCC metals has provided a reliable 

computational tool for simulation of this complex behavior, with results that well 

comparable to available reference data. 
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Introduction 

Desirable mechanical properties of nanowires have recently motivated researchers to 

study their structure and phase characteristics in more details. These materials may 

exist in several equilibrium phases with potential phase transformations which can be 

either stress induced or temperature induced. In this research, Fe, which is frequently 

used in nanoscale devices like actuators or sensors, has been the point of 

consideration. 

Methods 

 The computational method employed in this research is the molecular dynamics 

(MD). A tensile loading is applied by first fixing the first set of atoms and then 

dragging them to a certain level of strain with a constant rate. As a result, the 

transformations induced in Fe is produced by axial strains which leads to phase 

change from BCC to close packed (CP) structure. The interatomic potential used for 

simulating Fe nanowires is the embedded-atom method (EAM). The studied prismatic 

nanowire possesses a square section with a constant edge, E0. This nanowire has 

been modeled with <111> axial orientation and an initial length L0. Periodic boundary 

condition (PBC) has been used along the nanowire axis to satisfy the fact that the 

nanowires have a bigger longitudinal length in comparison with their diameter. 

Results 

 A series of simulations with different aspect ratios have been performed. Also 

different temperatures have been considered in the simulations and the temperature 

effect on the stress-strain relationship of Fe has been studied. The presented results 

include the stress-strain variations of Fe in different temperatures which demonstrate 

the influence of the temperature in shortening the height of the stress-strain curve. 

Also the results illustrate that from a certain aspect ratio the results become 

independent from the L0. 
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Conclusion 

In this research effects of temperature and aspect ratio of cylindrical nanowires on 

solid-solid phase transformations have been discussed using MD simulation. The 

obtained results are well comparable to available reference data, showing that 

increasing temperature leads to lower stress-strain strength and also beyond a 

specific length the results become independent from aspect ratio.   
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ABSTRACT 

 

A micromechanical approach is presented to describe the transformation from austenite into 

martensite in multiphase steels. The strain-induced transformation model is based on evolving 

shear band intersections in austenite grains, which are estimated by a crystal plasticity model 

for the austenite deformation. The transformation model is applied to a representative volume 

element, in which the resulting internal stresses due to the transformation are calculated. The 

transformation model paves the way for a multiscale approach to accurately describe the 

deformation of multiphase steels including the microstructural level. 

 

 

1. Introduction 

 

Transformation Induced Plasticity (TRIP) steels belong to a generation of low-alloy steels that 

exhibit a good combination of enhanced strength and ductility. The application of these 

multiphase steels, containing phase fractions of ferrite, austenite and martensite, depends 

strongly on reliable constitutive models that accurately describe the material’s deformation 

behaviour. Major challenges for such kind of model developments are posed by the 

formulation of physical laws for martensite nucleation and transformation kinetics.  

 

 

The martensite transformation model introduced in this work is based on experimental 

observations of Venables [1] and the well-known work of Olson and Cohen [2] modified in 

the following aspect: A dislocation mechanism based crystal plasticity approach calculates 

local stress and plastic shear amounts for each slip system of face centered cubic (FCC) 

austenite. The plastic strain quantities, in particular shear band intersections, define the 

criterion for the start of the martensitic transformation and, hence, the model postulates 

strain-induced martensitic transformation. In our numerical model, we estimate the shear 

band intersections and calculate the resulting martensite nucleation probability. To calculate 

the macroscopic material properties we make use of a micromechanical approach, by setting 

up a representative volume element (RVE). Consequently, the properties of the RVE are 

homogenized to yield the macroscopic mechanical properties that result from the given 

microstructure. 

 

 

2. Model 

 

In the framework of continuum mechanics the deformation gradient is decomposed into 

 

 e tr p  F = F F F  , (1) 
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ABSTRACT

We have used a multi-step approach to study the deposition of Xe-atoms on a sapphire sub-

strate and the subsequent growth of ordered Xe-phases via the LT-ABD method, which is a

new way to synthesize metastable solids. We employed molecular dynamics with empirical

potentials to model the interatomic interactions. We simulated the Xe-deposition process and

studied the growth mode depending on various synthesis parameters (deposition rate, substrate

temperature). Simulated deposition at high rates resulted in hot, amorphous samples, whereas

deposition at a lower rate produced samples displaying crystalline regions of fcc- or hcp-type.

The substrate temperature determined the growth mode, with lower temperature favouring 3D

growth, and higher temperatures layer-by-layer growth. Finally, upon simulation of tempering

the deposited samples at several temperatures less than 100 K, we found that crystalline order

was always established. In all simulations the deposited Xe displayed a slight preference for

fcc- over hcp-packing, although extended defects were likely to form. The occurrence of differ-

ent growth modes and the formation of defects were explained by studying relevant atomistic

processes as well as the system energetics.

1. Introduction

Growth processes of solid materials are of great interest from both the fundamental and the

technological point of view. Of particular relevance is the relationship between the synthesis

route followed and the resulting modification of the material and its morphology. Recently, a

new solid state synthesis technique, called the low-temperature atom beam deposition method,

has been developed and used to produce stable and metastable phases of ceramic and oxide

compounds.1 The goal of this study is to model such a synthesis method.

As an example system, growth of xenon on a sapphire (Al2O3) substrate was studied throughout

all its stages: the dynamics of the Xe atoms in the gas phase prior to adsorption, the impact of

the gas-phase atoms on the substrate surface as well as their adsorption and diffusion, and,

finally, the effect of tempering and annealing the system obtained as a result of the deposition.

2. Calculation method and preliminary studies

All calculations were performed by using classical MD. Simulations of deposition and temper-

ing were carried out within a rectangular prismatic simulation unit cell periodically repeated

in the horizontal xy-plane (sidelength about 50 Å). The system was comprised of the Al2O3

substrate and the depositing Xe species.

We used the Matsui potential2 and the Lennard-Jones 12-6 potential3 for describing atomic

interactions in Al2O3 and in Xe, respectively. The interactions between Xe atoms and the Al
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and O atoms were described by a modified Lennard-Jones potential of the form:

VY −Xe(rij) = 4εY −Xe

[

(

σY −Xe

rij

)10

−

(

σY −Xe

rij

)5
]

; (1)

where Y stands for either Al or O. The long-range attractive term varies as the inverse fifth

power of the distance, thus mimicking the averaged effect of the interaction between several

point charges and the induced dipole in Xe. The parameters chosen are: εAl−Xe = εO−Xe =

εAl2O3−Xe = 0.015 eV, σAl−Xe = 2.468 Å, σO−Xe = 2.977 Å.

The substrate was an Al2O3 slab, in the corundum crystal structure, with the O-terminated

(0001) surface exposed. Before the actual deposition, the slab was equilibrated by performing

MD for 1 ps at the deposition temperature. The bottom part of the substrate was kept fixed and

a simple thermostat based on velocity rescaling was applied to the lowest third of the slab.

The dynamics of Xe in the gas phase was modelled over a wide range of pressures (10−7 -

103 bar) by performing classical MD in the (NVT) ensemble. For temperatures ranging from

50 to 500 K, no stable cluster could form for all pressures less than about 10 bar. Since in the

experiment the pressure during deposition was about 10−5 mbar, we could model the growth

process as the sequential deposition of single Xe particles at a given frequency with a predefined

initial kinetic energy in the range of 0.01 to 0.03 eV, corresponding to thermal deposition. The

initial distance of the particle from the growing surface was 10 Å, with the lateral position

randomly chosen and the initial velocity directed toward the substrate surface.

3. Results

We first simulated deposition at a rate of 2 × 1011 atoms s−1, corresponding to a growth rate of

about 109 monolayers/s. The structures deposited at this rate were all completely amorphous

and did not display any degree of order. After tempering we observed that at all temperatures

in the range of 10 to 100 K the structures underwent a phase transition towards a more ordered

configuration.

In order to identify regions with crystalline structure, we studied the distribution of bond angles

of all 12-fold coordinated Xe atoms. By comparing their bond angle distributions with those of

an atom in an ideal fcc and hcp crystal, each atom could be labelled as fcc-like, hcp-like, or of

undefined type. This analysis was employed to follow the crystallization process (see Fig. 1).

Typically, after the temperature of the deposit had decreased down to approximately 130 K, the

atoms started arranging themselves such that they gained 12-fold coordination. These 12-fold

coordinated nuclei formed initially in proximity to the substrate surface. Upon further cooling,

the 12-fold coordination spread over the whole Xe sample and the atoms slowly arranged into

a close-packed crystal structure displaying large regions with fcc- or hcp-packing.

For all tempering temperatures the Xe deposit reached a close-packed crystalline configuration

(see Fig. 2, top panels). An alternation of fcc and hcp stacking sequence was often observed

and, consequently, a large presence of stacking faults. These results are consistent with the

findings of a recent MD study where nucleation in a homogeneous Lennard-Jones liquid was

investigated during moderate and deep undercooling4.

In order to speed up the equilibration process, we increased by a factor of 10 the strength

εAl2O3−Xe of the interaction between the deposited Xe and the substrate. Although increasing

εAl2O3−Xe did not affect the final crystalline structure of the deposited Xe, the direction of
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Figure 1: Result of single atom bond angle analysis performed on four consecutive instants

during tempering at 25 K of a hot Xe deposit deposited at a rate of 2 × 1011 atoms s−1. Only

12-fold coordinated Xe atoms are shown.

the stacking faults was always found parallel to the substrate surface, unlike the case with the

weaker interaction, where the stacking faults preferentially ran along close-packed directions

diagonal to the plane of the interface with the substrate.

Figure 2: (Top panels) Snapshots during tempering of Xe deposited at high rate at three different

temperatures. (Lower panels) Tempering with the strength εAl2O3−Xe of the interaction between

the Xe and the substrate increased by a factor of 10. Only 12-fold coordinated Xe atoms are

shown. The colour legend is as in Fig. 1.

Simulations were also performed where the deposition rate was decreased to 1010 atoms s−1.

Throughout the range of 10 to 100 K of investigated temperatures, the grown Xe assumed a

close-packed crystal structure from the early stage of the deposition process. As the deposition

continued, some surface roughness developed thus giving rise to three-dimensional islands, with

decreasing roughness for increasing substrate temperature. Again fcc- and hcp-ordered regions

coexisted, separated by stacking faults (see Fig. 3).

4. Discussion and conclusions

The roughness of the surface of the deposited species could be tuned by selecting an appropriate

substrate temperature: the lower the deposition temperature, the rougher the surface. In general,

a nearly perfect layer-by-layer growth was obtained in the approximate temperature range 60

to 70 K. These observations are consistent with previous MD studies of homogeneous growth
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Figure 3: Bond angle analysis of structures grown at the lower rate of 1010 atoms s−1 and at

different substrate temperatures. Only 12-fold coordinated Xe atoms are shown. The color

legend is as in Fig. 1.

of a model Lennard-Jones system5, where it was found that the best substrate temperature for

layer-by-layer growth corresponded to roughly half the system melting temperature.

In order to investigate the reason for different growth modes, calculations of activation barriers

to diffusion for a single Xe adatom on a Xe(111) surface were undertaken. In particular, we

focused on diffusion processes which resulted in the adatom hopping down a step edge on the

Xe(111) surface. We found that step descent was seriously frustrated at temperatures below

about 50 K. This caused the three-dimensional growth for temperatures below 50 K.

Regarding the presence of the stacking faults, we studied the energetics of an atom in bulk Xe

in both the fcc- and hcp-crystal structure. The fcc-packing was found to lie lower in energy

than the hcp-packing, although the difference was of only about 1.5 meV/atom. Furthermore,

the adsorption energy in a three-fold hollow site of fcc- and hcp-type was calculated to be of

around 1.6 meV in favour of the former adsorption site. Whereas for the investigated system

fcc-packing is slightly favoured with respect to hcp-packing, the difference in stability is ex-

tremely tiny. Therefore, competition between fcc-like and hcp-like stacking is to be expected.

Concerning the different growth directions of the stacking faults depending on εAl2O3−Xe (com-

pare upper and lower panels of Fig. 2) we suggest that, for small εAl2O3−Xe, inhomogeneities in

the stress field experienced by the first Xe layer adsorbed onto the substrate surface could serve

as seeds from which the stacking faults formed and grew. By contrast, for large εAl2O3−Xe, the

adsorbed Xe layer closest to the substrate was subject to a more intense and more homogeneous

stress field, without any obvious seed of the stacking faults. Therefore, in this case, the stack-

ing faults arose naturally in the growth direction as a consequence of the strong competition

between fcc- and hcp-packing.
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ABSTRACT 

The presented work focuses on the modeling of microstructure and texture evolution during 

recrystallization in an Al-1wt% Mn alloy. The starting materials, containing a different initial 

microstructure and different levels of manganese in solid solution were subjected to cold 

rolling and final annealing. Dependent on the initial solute content, these two alloy variants 

show a different recrystallization behavior which originates from changes in microchemistry 

during the heat treatment and different pre-deformation microstructures.  To model the 

experimentally observed recrystallization behavior a 3D cellular automaton was applied in 

combination with a precipitation and deformation texture model.  

 

 

1. Introduction 

 

It is known from literature [1, 2] that the recrystallization behavior is strongly influenced by 

the thermo-mechanical pre-treatment of the material, e.g. the dislocation density introduced 

during deformation, the initial pre-deformation texture, etc. Furthermore, during 

recrystallization, precipitation of second-phases accompanying the change in manganese 

solute content can influence the recrystallization behavior. The presence of small particles 

causes a Zener drag, which can hinder or in extreme cases even suppress recrystallization 

[1, 2]. The aim of this work was the modeling of recrystallization microstructure and texture 

after cold rolling considering effects such as different pre-deformation texture, microstructure 

and solute contents.   

 

2. Experiments 

The material used for this study was an Al-1 wt% Mn alloy, which was received as hot rolled 

material from industrial sheet metal fabrication. To produce two different sample series, the 

material was immediately cold rolled or underwent a homogenization treatment before cold 

rolling.  The starting material, which was directly cold rolled to reductions of 50 % and 70 %, 

is in the following referred to as series R, respectively R50 and R70 to indicate the different 

rolling reductions (R = Rolling). For the other sample series RZ (RZ = Rolling + Zener drag), 

the hot rolled material was subjected to an additional homogenization treatment at T = 610 °C 

for 14 hours to alter the manganese solute content. Like the previous material, this one also 

underwent thickness reductions of 50 % or 70 % during cold rolling. During the 

homogenization treatment smaller particles dissolved, so that the manganese solute content 

increased. To preserve this solute content the material was quenched afterwards. Accordingly, 

the material of series R had a solute content of 0.281 wt% Mn while the series RZ material 

displays a solute content of 0.4427 wt% Mn. Due to the additional homogenization treatment 

in the series RZ material both pre-deformed conditions differed in their initial microstructure 

as displayed in Fig. 1. The initial microstructure and texture are of relevance for the 

deformation texture simulations and for the later recrystallization process in terms of nucleus 

orientations and density. After initial cold rolling the material of series R and RZ were 

subjected to annealing at temperatures of T = 350°C and T = 400 °C. The recrystallization 

time required to reach a recrystallized volume fraction of 95 % amounted to 50 seconds for 
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series R50 and to 11 hours for series RZ50 in case of annealing the 50 % cold rolled material 

at T = 350°C. 

 

 
 

Fig. 1 Initial microstructure before final cold rolling and annealing: (a) for series R: hot rolled 

material from the industrial production line, (b) for series RZ: industrial hot rolled material 

subjected to an additional solution treatment at T = 610°C for 14h, recrystallized 

microstructure. The small black dots represent second-phase particles (constituents).  

 

 

3. Simulations 

 

3.1. Recrystallization Simulations 

 

The recrystallization simulations were carried out with the 3D cellular automaton CORe as 

indicated in Fig. 2b [3]. Cellular automata are pure growth models; hence the nucleation 

needs to be treated separately. For the prediction of nucleation efficiencies in a respective 

grain the ReNuc+ model was applied (ReNuc [4], extended by a model for particle stimulated 

nucleation [5]). To conduct the recrystallization simulations various inputs from different 

models were required. Beside deformation and precipitation inputs other important 

parameters are summarized in Tab.1.  

 

Table 1: Parameters of the Recrystallization Simulations (HAGB = high angle grain 

boundaries, LAGB = low angle grain boundaries) 

 parameter value  

 Growth parameters:    

 activation energy for 40°<111> 

pre-exponential factor for 40°<111> 

1.0 eV 

3.0 m³/N·s 
 

 activation energy for HAGB 

pre-exponential factor for HAGB 

1.1eV 

3.0 m³/N·s 
 

 activation energy for LAGB 

pre-exponential factor for LAGB 

1.6 eV 

1000 m³/N·s 
 

 Recovery parameters:   

 activation energy climb 1.54 eV   3IVM+ Fit [Mohles 2008]  

 activation energy cross slip å ∞  (unused since no stress is applied)  
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3.2 Deformation Simulations 

 

To provide the initial microstructure for the recrystallization simulation, a deformation texture 

simulation with GIA-3IVM+ [3, 6] was carried out. The most important quantities from the 

GIA-3IVM+ output were the orientation-dependent dislocation densities and the individual 

grain orientations after deformation. The average total dislocation densities, which provide 

the driving force for recrystallization, obtained for the different material states were: 
14 2

R50 1.98 10 mρ −= ⋅ , 14 2

R 70 2.99 10 mρ −= ⋅ , 13 2

RZ50 5.55 10 mρ −= ⋅ ,  13 2

RZ70 6.7 10 mρ −= ⋅ . 

The modelled deformation textures comprised mainly orientations along the く-fiber. While for 

the rolled material of series RZ still some volume fraction of Cube component could be 

found, no remaining Cube texture components were obtained for series R.  

In a subsequent step the deformation data was further analyzed with respect to substructural 

quantities (ReNuc [4]) and substructural inhomogeneities around constituent particles were 

calculated with the sub-model GIA-DZ [5]. From this data the effective nucleation 

mechanisms for the individual grain orientations could be identified. The quantitative nucleus 

density for the respective nucleation mechanism was later on calculated within the CORe 

model [3]. 

 

 

3.3 Precipitation Simulations  

 

In the case of the series RZ material the recrystallization behavior was strongly influenced by 

precipitation. Therefore, prior to the actual recrystallization simulation, precipitation 

simulations were carried out with the classical nucleation and growth model for precipitation 

ClaNG [7] for the different material states (rolling reduction, temperature). To adjust 

modeling parameters in the ClaNG model, the predicted Mn solute content was at first 

validated using experimental data from thermo-electrical power measurements.  

 

 
Fig. 2: (a) Zener drag pZ as calculated from the modeled dispersoid radius and volume 

fraction for series RZ. The driving force p is shown for comparison. The arrows denote that 

recrystallization proceeds prior to the time indicated by the bar, and thus whether an 

interaction of recrystallization and precipitation is anticipated. (b) Cellular automata CORe 

displaying a partially recrystallized structure. 

 

The ClaNG simulations provide the evolution of dispersoid radii, volume fractions and 

manganese solute content as a function of time. The above mentioned quantities were then 

used for the calculation of Zener drag and solute drag, which in turn influence the 

recrystallization behavior. The Zener drag as calculated from the precipitation simulation 

outputs, indicated a negligible influence of Zener drag for the series R material during the 
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recrystallization process. By contrast, for series RZ material significant back-driving forces 

were already present during recrystallization (Fig. 2a), as apparent from the overlap of 

recrystallization regime and concurrently increasing values of Zener drag. 

 

 

4. Results and Discussion 

 

For the recrystallization simulations, the input data from prior calculations as described in 

Secs. 3.1-3.3 was utilized. As stressed previously the used model was a pure growth model 

and hence required separate input of a nucleation model. However, the actual nucleus density 

was calculated within CORe for the respective grain and nucleation site: at particles, grain 

boundaries, shear bands, transition bands. The calculation of the critical nucleus size, which 

was crucial for the calculation of nucleus density, was based on the dislocation density at the 

onset of recrystallization. Hence, the reduction of the dislocation density due to recovery prior 

to recrystallization was taken into account. In the present case the incubation time was 

predicted using ( )0 exp Q / kTτ τ= ⋅ , where Ĳ0 is the incubation time at reference temperature 

and Q the activation energy for recrystallization, which depends on the solute content. The 

parameters Ĳ0 and Q were taken from experiments for the present materials. After completion 

of the incubation time for a certain heat treatment the nuclei were activated at the same time 

(site-saturation). The modelled recrystallization textures and microstructures considering the 

modelled Zener and solute drag are given in Figs. 3, 4.  

 

 
 

Fig. 3: Grain Size Distributions as modelled with the recrystallization model CORe for the 

series R and RZ. Note the vastly different grain size scale. (Experimental data - gray, 

Simulation data - black). 

 

The simulated microstructures in Fig. 4 show good agreement with the experimental ones. 

The grain size distributions in Fig. 3 give a better measure of the quality of the simulation. 

The average grain size is predicted very well, whereas the distribution width shows 

deviations. An improvement in the prediction of the average grain size was obtained by the 

consideration of recovery in the calculation of the nucleus density, since recovery reduces the 

available nucleation sites. Without the consideration of recovery these huge differences in 

average grain size would not be feasible. Deviations in the grain size distributions can, of 

course, also result from experimental errors during the measurement. Further, deviations in 

the simulated grain size distribution can at least in part be attributed to variations in the grain 

boundary mobilities which are wider in reality then in the model. Moreover, in general the 

assumption of site-saturated nucleation leads to lower size distribution width. 
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The recrystallization textures (Fig. 4) were basically comprised of the Cube recrystallization 

texture component, which was in case of series RZ accompanied by the appearance of the ND 

rotated Cube component in agreement with experiments.  

 

 
 

Fig. 4: Top: Recrystallization textures modelled with CORe for the material of series R and 

RZ. The simulated data (right) is compared to the experimental data (left). Displayed are 

select sections through Euler space showing the main recrystallization texture components. 

Bottom: Recrystallized microstructures (a) RZ50 T350°C SIM, (c) RZ50 T350°C EXP, (b) 

RZ50 T400°C SIM ,(d) RZ50 T400°C EXP, (e) R50 T350°C EXP, (f) R50 T350°C SIM. 

 

5. Concluding remarks 

 

A 3D adaptive cellular automaton modeling exercise of recrystallization considering effects of 

second-phase particles was presented. The tendencies in microstructure and texture evolution 

as caused by different solute levels of manganese in the starting material could be captured 

reasonably well by the chosen modeling setup. However, the prediction of such distinct 

material behavior requires quite a huge amount of input data. The consideration of recovery 

for the calculation of the critical nucleus size during the nucleation stage substantially 

improved the modeling predictions. 
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ABSTRACT

In this paper, a procedure for determination of homogenized elastic properties of martensitic

laminates is described and applied to analyze the elasticity of the 1st order laminates of the Cu-

Al-Ni shape memory alloy. In particular, the evolution of the Young’s modulus and the shear

modulus of a laminating wire in tension is calculated and the contribution of the elastic energy

to the reorientation process in a bulk laminate subjected to triaxial tension is discussed.

1. Introduction

Thermoelastic martensites (low temperature phases of the shape memory alloys) can be often

found in a form of fine laminates or other geometrically ordered mixtures of different variants,

called martensitic microstructures [1]. As seen in Fig.1, when such a laminate is subjected

to external mechanical loadings, the process of the pseudoplastic deformation is provided by

reorientation of one component of the laminate into another one, i.e. by a continuous change of

the respective volume fractions within the laminate.

Figure 1: A sequence of snapshots taken during stress–induced reorientation of a Type-II lami-

nate in a single crystal of the Cu-Al-Ni shape memory alloy: a)÷d) correspond approximately

to 40%, 50%, 60% and 90% of the target variant of martensite. (Courtesy of V. Novák, IP

ASCR.)

During such a change, the elasticity of the material is changing as well. As shown in this paper
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by two examples, this change can be dramatic and contributes non-negligibly to the reorienta-

tion process. To investigate this phenomenon, it is necessary to construct a proper homogeniz-

ing procedure which takes the crystallographic relations between individual components of the

laminate into account.

2. The homogenizing procedure

The procedure used for such analysis in this paper is a slight modification of the procedure

described by the current authors in [2]: consider a fine (homogeneous) laminate consisting of

variants of martensite, i.e. of two martensites with the atomic lattice differently rotated with

respect to the parent austenitic lattice. Since these two components differ by a mutual rotation

only (say a rotation RIJ between the variants denoted I and J), their elastic coefficients are

related as follows

CI
abcd = CJ

ijklR
IJ
ai RIJ

bj RIJ
ck RIJ

dl . (1)

This rotation can be determined from the crystallographic theory and is specific for each pair of

variants and for each twinning system (see [1] for more details). Consider further that each com-

ponent gains a homogeneous deformation gradient (FI and FJ ) such that the entire deformation

gradient of the laminate is

F = λFI
+ (1 − λ)FJ , (2)

where λ is the volume fraction of the variant I in the laminate. The natural conditions put on

the gradients FI and FJ are the geometric compatibility at the interfaces ((FI − FJ)v = 0 for

each v lying in the plane of the interface) and the stress equilibrium at the interfaces

[

CI
ijkl(F

I
ij + F I

ji − 2δij) − CJ
ijkl(F

J
ij + F J

ji − 2δij)
]

nk = 0 (3)

for each l, where n is a unit vector perpendicular to the interface. Under such conditions, and

for the macroscopic gradient F given, the stored elastic energy density of the laminate can be

evaluated as

w =
λ

8
(F I

kl+F I
lk−2δkl)C

I
ijkl(F

I
ij+F I

ji−2δij)−
1 − λ

8
(F J

kl+F J
lk−2δkl)C

J
ijkl(F

J
ij+F J

ji−2δij). (4)

By evaluating this density for a sufficiently large and general set of macroscopic gradients F,

the resulting tensor of elastic coefficients of the laminate is obtained.

3. Examples of application on the Cu-Al-Ni shape memory alloy

In the following section, the homogenized elasticity of the 1st order laminates will be discussed

for two special cases. In both of them, the considered material will be the Cu-Al-Ni shape mem-

ory alloy [1,3]. In this material, the martensite is orthorhombic with nine independent elastic

coefficients known form ultrasonic measurements [2]. Three different systems are possible

[1,3]: Compound twins, Type-I twins and Type-II. The Compound twins are highly symmetric

(the twinning plane is the plane of mirror symmetry between the individual components of the

laminate), and their elasticity is, thus, rather trivial [2] and will be not discussed in this paper.

A more general behavior of elasticity due to reorientation of the laminate can be observed for

Type-I and Type-II twins, which are both less symmetric.
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3.1 Example 1: unidirectional tension of a single crystal wire

The first example will be the elastic response of a single crystal wire subjected to tension.

Consider that, in the initial configuration, the wire is oriented such that its axial direction is

parallel to the shortest dimension of the martensitic unit cell, and thus, the reorientation of the

wire via fine lamination induces an axial elongation of the wire (the target variant is the one

with the initial unit cell most elongated along the axial direction of the wire). Providing that the

lamination of the wire is homogeneous, the axial elongation of the wire directly determines the

volume fraction of the target variant. In Fig.2 the evolution of the Young’s modulus in the axial

direction of the wire and the shear modulus in the plane perpendicular to the wire is shown.

In general, it is seen that the material of the wire gets elastically stiffer with the reorientation.

Figure 2: Evolution of elastic properties of a single crystal wire of Cu-Al-Ni shape memory

alloy subjected to tension.

The Young’s modulus increases from 37GPa up to approximately 59GPa, depending on which

twinning system is active. The shear modulus behaves similarly.

3.2 Example 2: stability of a laminate under triaxial tension

As the second example, consider a bulk laminate reorienting due to external (i.e. macroscopic)

tensional stress

σ = [σ1 ≥ 0, σ2 ≥ 0, σ3 ≥ 0, 0, 0, 0], (5)

such that σ2
1 + σ2

2 + σ2
3 equals to some positive constant. The question is whether the changes

of the elasticity contribute anyhow to the driving force governing the reorientation process.

At some given level of the external stress σ, this contribution can be expressed by the gradient

dw/dλ for the actual λ (the volume fraction of the target variant). If this gradient is positive (the

elastic energy density increases with the reorientation), the elasticity lowers the driving force

and the external stress must be increased to enforce the reorientation. On the contrary, negative

gradients dw/dλ lower the critical level of the reorientation stress. In Fig.3, the contour plots

of the gradient dw/dλ are shown for λ = 0.5. The two variants for this calculation were chosen

such that the initial variant has the shortest dimension of the unit cell along the x2 axis and the

target variant along the x3 axis, whereas the transformation strain along the x1 axis is the same

for both variants. It can be clearly seen that the uniaxial tension along the x1 axis, which prefers

none of the variants involved, corresponds to a zero gradient of the elastic energy density. On the

other hand, the tension along the x2 (which prefers the target variant) corresponds to a negative
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gradient and the tension along the x3 axis (which prefers the initial variant) corresponds to a

positive gradient of the elastic energy.

Figure 3: Contour plots of gradients dw/dλ for Type-I and Type-II laminates of Cu-Al-Ni under

triaxial tension. The ’+’ and ’-’ signs denote the positive and negative values, respectively.

Note that for hydrostatic tension (σ1 = σ2 = σ3), the gradient is zero (i.e. the elasticity does

not anyhow alter the fact that the reorientation cannot be induced by hydrostatic loadings).

4. Conclusions

The both discussed examples show that the elastic energy tends to contribute cooperatively to

the reorientation, i.e. to lower the critical stress level for the reorientation, at least as far as

tensional loadings are concerned (in compression, the effect must be inverse). On the other

hand, there exist some singular modes of macroscopic loading of the laminate (tension which

does not prefer any of the variants involved in the laminate, hydrostatic loads) under which the

elasticity does not anyhow contribute to the driving force.
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The merits of high specific strength, specific modulus, and excellent resistance to 
corrosion and oxidation make titanium alloys attractive and critical in aerospace 
structures.  These benefits can be further enhanced by designing and developing 
lighter Ti alloys, while maintaining acceptable mechanical performance. As a key 
part of multiscale modeling and simulation in this lighter Ti alloy design effort, 
density functional theory based first-principles calculations and phase diagram 
calculations have been used. Among the elements to consider in the design of 
new light Ti alloys, Mg represents an appealing choice being isostructural to the 
hexagonal close-packed Į-Ti phase.  However, Mg has a limited solubility in Į-Ti, 
e.g., ~1.5 at % at 600°C, and nearly zero at room temperature.  A detailed first-
principles study combined with thermodynamical modeling schemes has been 
conducted to characterize the solubility of Mg in Į-Ti.  In addition, as a way to 
further increase the solubility of Mg in Į-Ti, and to also achieve a larger weight 
reduction, first principles calculations on selected ternary Ti-Mg-X systems, 
where X=Al and Si, were performed.  The microstructure of Ti alloys used in 
aerospace is usually consisted of Į-Ti and body-centered cubic ȕ-Ti phases in 
various morphologies and volume fractions, thus making weight reduction in both 
such phases necessary. Therefore, in order to devise comprehensive design 
rules for lighter Ti alloys, first-principles modeling of the solubility of light 
elements in ȕ-Ti phase and phase diagram calculations will also be studied. 
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ABSTRACT 
 

The growth kinetics during annealing is strongly influenced by various microstructure 

features, such as grain boundary curvature, stored deformation energy or dissolving of second 

phase particles. There are different methods for the modeling of grain growth that can be 

helpful for an optimization of the annealing process of complex industrial parts, i.e. the time-

temperature history in order to get a homogeneous grain structure within specifications. Grain 

growth in austenitic steel 304L is modeled using 2D cellular automata and phase field 

methods. Both methods consider the influence of grain boundary curvature, annealing 

temperature and initial grain structure. The results of average normal grain sizes for different 

annealing temperatures and times were verified using experimental results. 

 
 

1. Introduction 

 
Grain growth is a thermally activated microstructural change. The driving force for the grain 

growth is the reduction of the grain boundary energy. Grain boundary energy is a function of 

curvature and mobility. At higher temperatures, the boundary atoms exhibit an increased 

mobility and are capable of crossing the grain boundary energy barrier. Grain growth is also 

influenced by the presence of irregularities like other phases or defects. Various modeling 

methods are available for studying grain growth for example phase field (PF), Monte Carlo, 

Vertex and cellular automaton (CA) model. In the current work the grain growth process 

during the solution annealing of austenitic steel 304L is analyzed using the CA and the PF 

methods. The simulation results obtained from the CA and PF calculations are compared to 

the experimental observations. 

 

 

2. Cellular Automata Model 

 

Cellular automaton presents a dynamic system in which space and time are discrete and has 

been widely developed in both physical and natural sciences with the development of 

computer technology [1-4]. In general, the lattice is divided into a regular network of square 

cells with a periodic boundary condition. Cells are assigned grain identity numbers. Every 

lattice cell represents either the grain interior or the grain boundary. Lattice cells which are 

adjacent to neighbouring cells with different grain identities are regarded as being part of the 

grain boundary. The cells surrounded by cells with the same identity are considered to be in 

the grain interior. In order to make the boundary move in any direction, Moore´s 

neighbourhood configuration is considered where both the nearest and next-nearest 
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neighbours are used. One cellular automaton step (CAS) corresponds to one loop of re-

identification attempt at a defined transition probability Ptemp where the cell state of each step 

is updated simultaneously.  

The temperature dependence of grain growth at a defined grain resolution of the CA model is 

described by the activation energy for grain boundary diffusion, Qa, at a given grain structure 

resolution and by the constant Atemp.resulting in Ptemp=Atemp exp(-125300/RT), where R is the 

universal gas constant. 

The cellular automaton modelling strictly depends on the resolution of the microstructure 

where a high resolution of the microstructure leads to very long simulation times. Thus, the 

values of grid size and time step were chosen accurately for the desired resolution of the 

microstructure after a testing of grid size and time step sensitivity. The size of the calculation 

domain is 6.5*10
5
 µm² with a grid size of 0.433 µm, a microstructure resolution of 40000 

(200x200) cells and a CA step of 1 s. The influence of temperature on grain growth is defined 

as the transition probability Ptemp=17490 exp(-125300/RT). The hindrance caused by the 

presence of precipitates during solution annealing or acceleration of grain growth resulting 

from stored deformation energy in the material is not taken into account, publicized in another 

work [5]. 

 

 

3. Phase Field Model 

 

The speciality of the phase field model lies in the way of modelling the grain boundary. In 

contrary to the conventional way of modelling the grain boundary as a sharp interface, it is 

modelled as a diffuse region of a defined thickness. 

The shape and the distribution of the grains in space and time are defined in terms of some 

functions known as the field variables. This field variables are continues in both space and 

time. These variables have a nearly constant value within a grain and gradually take the value 

of the neighbouring grain on passing through the diffuse grain boundary. In other words, the 

field variables (which are related to chemical composition, orientation, shape etc.) do not 

change abruptly from one grain to other but there is a smooth and continuous transition in 

properties from one grain to the neighbouring grains. 

The evolution of the relevant phase field variables, which is basically the evolution of the 

microstructure, is defined through a system of partial differential equations. The individual 

partial differential equations are based on the basic laws of thermodynamics, kinetics and 

energy balance.. 

The original microstructure delivered from the microscopic analysis of the 304L steel sample 

before annealing is imported in MICRESS [6] and used as the initial microstructure for 

simulation. The imported microstructure is discretized into a rectangular grid of an element 

size 0.433 µm. The size of the simulation domain is 500X500 elements. The relevant 

thermodynamic data is obtained from THERMOCALC [7] database.  

 

 

4. Results and Discussion 

 

3.1  Experimental 

Annealing of homogenised, un-deformed, specimens of 304L (Fe-18Cr-8Ni) alloy is 

performed for temperatures between 1000°C and 1200°C for 18000 seconds (5 h). Evolution 

of microstructure is recorded through microscopic analysis. Average grain size values are 

determined. 

553



3.4 Discussion 

 

It is observed that in comparison to the phase field method the cellular automata method is 

extremely efficient in terms of computation time (Tab.1).  

 

 

Table 1: Comparison of the calculation times for the CA and PF method for simulating 5 

hours of annealing. 

Temperature [°C] Calculation time CA [min.] Calculation time PF [min.] 

1000 23 1080 

1100 22 2880 

1200 32 7200 

 

For the CA calculations the area of each grain at a given time step is directly calculated from 

the microstructure by counting the number of cells within a grain. The grain size is obtained 

from the area by assuming a circular shape for all grains, considering the defined grid size. 

The average grain diameter at a given time step is then obtained by averaging over all the 

grains in system. In the PF calculations, the average grain size is a standard output obtained 

from MICERSS simulation. Fig. 1 shows that the results from both the approaches of 

simulation are very similar. The authenticity of the simulation results is justified by 

comparing the simulation results with the experimental observations. 

 

  
       (a)                                                (b) 

Figure 1. Experimental and simulation results for annealing at (a) 1000°C and (b) 1200°C. 

 

It is observed from the simulated microstructures that curved boundaries tend to form straight 

lines with increasing computation time reflecting the curvature as driving force for migration, 

see Fig. 2. Microstructure evolution is driven by the excess free energies associated with the 

grain boundaries and resulting in an increase of the overall grain size. The growth of larger 

grains at the cost of smaller ones and the evolution of grains towards stable six-sided 

configurations are observed. 

The accuracy of the evaluated grain growth constants, as activation energy for grain growth, 

do not depend on the grain structure resolution for PF, which is in contrast to the results of the 

CA, which strongly depend on the grain structure resolution. Nevertheless, the average grain 

size corresponds well of both models for all annealing temperatures and times. 
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(a)                        (b)                                                 (c) 

                             
(d)                        (e)                                                 (f) 

Figure 1. Evolution of grain structure during annealing at 1000°C. (a, d) Initial 

microstructure, (b, e) after 2 hours of annealing (c, f) After 5 hours of annealing for the PF (a, 

b, c) and for the CA Method (d, e, f). 

 

 

5. Conclusion 

 

The presented CA and PF model are flexible and can fully represent normal grain growth with 

virtue of linking topological and energy changes together and give comparable grain growth 

kinetics as those observed in experiments.  
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The significant improvements in mechanical performance of metal matrix 
composites over unreinforced metals are well known. In this paper the aluminum 
matrix composite AMC225xe, i.e. the aerospace grade aluminum alloy AA 2124 
reinforced with 25 vol.-% ultrafine SiC particles was investigated in detail. In order 
to be able to simulate the thermo-mechanical material behavior, a complex 
coupled procedure of computer modeling and experimental validation has been 
created. 
In a first step the microstructural details of the aluminum matrix composite 
AMC225xe were investigated by scanning electron microscopy and quantitatively 
evaluated by digital image software. The computer model of the material has been 
adopted to the statistic geometric parameters of individual grains as well as the 
overall structure. 
The monotonic deformation behavior for tensile and compressive loading was 
characterized in detailed experiments. A pronounced difference in plastic strain 
response between tension and compression was observed under monotonic 
loading. It can be caused by several influence factors, e.g. the residual stress 
distribution in the composite due to the heat treatment. The residual stresses were 
measured in the aluminum matrix of the MMC by X-ray stress analyses. 
The numerical simulation of the production process including a cooling process 
from 500°C to room temperature led to thermal residual stresses in good 
accordance with the experimental data. 
Analogously the simulation results under monotonic loading coincide with the 
experimental data. 
In the future the cycle deformation behavior of AMC225xe will be modeled and 
experimentally validated. 
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During many solid-state transformations mechanical effects can play a major role 
and largely influence the kinetics of these processes. Phase field simulations are a 
common tool to simulate the dynamics of these nonequilibrium moving boundary 
problems. The inclusion of elastic effects is nowadays well established, as their 
description naturally fits into the variational framework of typical phase field 
models. Plastic effects, however, introduce a new complexity, as they can lead not 
only to large deformations, but also introduce new dissipative mechanisms, and 
the coupling to the local interface velocity becomes much less straightforward. 
 
In order to shed light on the issue of the proper coupling we investigate model 
systems, in particular in one dimension using von Mises plasticity, and sharp 
interface and analytical descriptions, to develop thermodynamically consistent 
descriptions. As an application, we discuss the influence of plastic effects on 
martensitic phase transformations under different phase transition conditions. 
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ABSTRACT

In this work presents the result of development of interatomic electronic-temperature-depended

potential (ET-potential) for atomistic simulation of gold laser ablation. Using a force-matching

method the ET-potential was created. The atomistic simulation of laser ablation has been per-

formed for ET-potential testing. Simulation has shown that ET-potential imposition in two-

temperature model can considerably expand this model. In particle ablation on short time can

be investigated by direct atomistic simulation in the expanded two-temperature model.

1. Introduction

Laser ablation has many technological applications in material microprocessing and fabrication

nanostructures [1, 2]. At the same time the mechanism of this process is not completely investi-

gated. The characteristics of ablation are established not precisely. The various researches give

strongly differing description of ablation (energy threshold, depth of crater etc.). In work [1] the

threshold fluency of gold ablation Ia was found to be approximately 200 J/m2 for absorbency

energy (central wavelength at 800 nm). Also in work [1] the single laser pulse produces a

nanoscale modification in depth equal about 10 nm at Ia. Contrariwise in work [2] the value

of Ia for gold was found to be approximately 1300 J/m2 (at central wavelength of pulse equal

1200 nm). The depth of crater at ablation in work [2] was about 100 nm.

At laser ablation the heated electronic subsystem exchanges an energy with lattice (ionic) sub-

system through electron-ion interaction. This process leads to a strong local overheating of

substance and forms the shock wave near surface. One of the basic difficulties is that all pro-

cesses at ablation (electronic and ionic thermal conduction, an electron-ion relaxation, melting,

shock wave etc.) have comparable characteristic times. In addition the increasing of electron

temperature changes the interatomic (i.e. interionic) interaction in system. The simple atomistic

model of two-temperature system (TT-model) offered in [3]. In this model the electronic sub-

system was modelled by the continuous environment and cooperated with an lattice subsystem

as thermostat. Evolution of a lattice subsystem was studied by molecular dynamics method.

Such approach allows to explain many features of laser ablation, but has some the serious re-

strictions. One of restrictions is impossibility to consider an influence of electronic excitation

on the interatomic forces.

In the given work the improvement of TT-model by imposition of ET-potential was offered.

In this case the model allows to include in atomistic simulation the possibility of correct de-

scription of the laser ablation on short times (initial stage at high electron temperature). In

atomistic simulations without ET-potential only two ablation mechanisms for gold have been

investigated: boiling [3] and spall on long times with crater depth equal about 100 nm [2]. At

using of ET-potential these mechanisms remain but also there is a possibility of the new mech-

anism of short spall on short times and with small depth of a crater (about 10 nm). The short
type of spall is not connected with shock wave propagation. This mechanism is caused mainly
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by change of interatomic potential at change of electron temperature. The main object of this

article is qualitative consideration of new possibilities which gives simulation with ET-potential

and investigation of new type of ablation. Research was carry out on a gold example.

2. Numerical method

The ET-potential for gold has been developed at using of force matching method [4]. The

force matching method provides a way to construct physically justified interatomic potentials

even under such circumstances as absence of experimental data. The idea is to compute force

and energies from first principles for a suitable selection of small reference systems and to

adjust the parameters of the potential to optimally reproduce them. First of all the reference

data was calculated by VASP package [5], a plane-wave based code using projected augmented

wave potentials.

Second part of development was the force matching procedure. Potential was developed with

use of Embedding Atom Method (EAM-form). The algorithm of search of potential functions

was realized in the PotFit-code [4]. In final the EAM-potential having parametric dependence

on Te (ET-potential) has been created for gold.

At heating of an electronic subsystem there is a change of thermodynamic properties of lattice

subsystem . Figure 1 shows the gold isotherms at various Te (lattice temperature Tl is equal

300 K). These dependences obtained in molecular dynamic simulation with use of ET-potential

at constant Te. All the calculations were carried out using the LAMMPS code [6]. Note the

pressure P strong increase at increasing of Te and constant density. Though in real experiment

a high Te (1 - 6 eV) exists time about 10 ps but the high pressures can deform a material

considerably.

Figure 1: Dependence of pressure P on ion density ρ at various Te: dots — experimenatal

cold curve. This work: solid line — Te = 0.1 eV; dashed line — Te = 3 eV; dots-dash line

— Te = 6 eV. Lattice temperature Tl at calculation is equal 300 K.

The simulations of gold laser ablation had been performed with use of hybrid TT-model and

ET-potential. In TT-model the electronic subsystem is described as continuous environment

with temperature Te [3]. Evolution of Te is determined by formula:

Ce

∂Te

∂t
= ke△Te − gp(Te − Tl), (1)
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where Ce = 2.75 × 106 J m−3K−1 is the electron heat capacity, ke = 240 W m−1K−1 is the

electron thermal conductivity, gp = 2.1 × 1016 W m−3K−1 is the coupling constant for the

electron-ion interaction, T is temperature, the e and l subscripts represent electronic and lattice

(ion) subsystems respectively. In more difficult model it is necessary to consider dependence of

this characteristics on Te but our purpose was to consider influence of T-potential on simulation

results. Lattice subsystem was studied as molecular dynamic model with ET-potential. Thus

electronic subsystem cooperated with an lattice subsystem as warming Langevin thermostat

(TT-model) and ET-potential.

The simulation box has the dimensions 300 nm in the x direction, 4.1 nm in the y and z di-

rections. Three dimensional periodic boundary conditions are used. Gold atoms formed f.c.c.

crystal in one half of the simulation box (at 150 < x < 300 nm ).

After the preparation of the system in equilibrium state (P = 0 GPa, Tl = 300 K, Te = 300 K)

the initial Gauss distribution of Te with maximum on front surface was created. The distribution

correspond to absorbed energy fluency and central wavelength of laser pulse λ. Simulation was

carry out for λ = 400 nm.

3. Results

Three mechanisms of ablation was observed in simulation: boiling, long ablation associated

with shock wave propagation and short ablation. The energy threshold fluency of boiling Ib

is equal 2200 J/m2. This value is more than in work [3]. Reason of this fact is great number

of particles and large size of system unlike work [3] where homogeneous melting in thin film

was considered. The energy threshold fluencies of spall (long ablation) Ia,l is equal 1100 J/m2.

Depth of the formed crater is equal approximately 60 nm and well corresponds with results from

works [2]. Stages of the long ablation: formations of the big pressure upon surfaces (because

of lattice heating); shock wave propagation in depth of crystal; reflection from a rear surface (if

a film is not very thick); spall. This type of ablation is in details described in work [2]. In our

simulation the long spall occurred after t = 150 of evolution.

a

b

c

d

Figure 2: The stages of gold short ablation at atomistic simulation with use of ET-potential: a
— t = 0 ps (initial arrangement of atoms); b — t = 3 ps; c — t = 8 ps; d —t = 16 ps.

At an initial stage the very big pressure near to a surface was created because of instantaneous

increasing of Te (at creation initial Te distribution). This fact has led to occurrence of the

new short mechanism of ablation. Stages of the short ablation: formations of the very big

pressure upon surfaces (because of high Te); relaxation of pressure (expansion of crystal) and
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independently the decreasing of Te; formation of region near surface with low density (relative

to initial equilibrium state) and low Te; spall. At decreasing of Te the relaxation of ET-potential

to equilibrium form occurs (time of this process is equal about 10 - 30 ps). In result the region

of negative pressure was formed where the spall take place. Figure 2 shows this process. The

energy threshold fluencies of short ablation Ia,s is equal 400 J/m2. Depth of the formed crater

is equal 10-15 nm and spall occurred after about 20 ps of evolution. Generally three type of

ablation can exist simultaneously in hybrid model.

4. Conclusion

The ET-potential using has appreciably changed behaviour of system at simulation of ablation.

Short ablation is a consequence of change of ET-potential at changing of Te. Though the

model considered in work is simple, but it gives the chance to estimate possibilities of use

of ET-potential in atomistic simulation. In addition short ablation presence allows to explain

existing contradictions in experimental data on gold [1, 2] as ablation can occur on various

mechanisms.
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In this study, multi-phase field and molecular dynamics simulations have been 
applied to study grain growth mechanisms on the nanoscale.  
 
In molecular dynamics simulations we study directly the shrinkage of a small 
spherical grain, embedded in a single crystal, thus eliminating effects of triple lines 
and focusing on the pure grain boundary mobility. For nanometer size grains we 
observe a constant grain boundary velocity, independent of the radius of curvature 
of the grain boundary. The activation energy of grain boundary motion in this 
regime is determined to be on the order of one tenth of the self-diffusion activation 
energy, which is consistent with experimental data. Furthermore, we calculated the 
evolution of mechanical stresses (Laplace pressure) during the shrinkage and the 
concentration of vacancies that result from the release of grain boundary free 
volume into the bulk caused by the reduction of grain boundary area.  
 
Based on these observation a model for grain growth on the mesoscopic scale is 
developed considering reduction of interface area, vacancy diffusion and stress 
due to the rearrangement of the defect distribution into account.  
 
The combination of both approaches leads to a consistent picture of the interplay 
of short range diffusion and long range stress effects which explains the linear 
grain growth in the nano regime and the transition to normal grain growth at 
elevated temperatures. 
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ABSTRACT 

 

The introduction of hybrid electric vehicles has prepared the complete replacement of  

gasoline systems by systems based on batteries or polymer-electrolyte fuel cells. One of 

the main sources for performance losses, degradation problems and cost are the catalyst 

layers. Therefore there is a great need for detailed insight into catalyst layer materials to 

exploit their potential. In order to solve this problem we define a threefold aim: The first 

step is to develop a new method for morphology analysis in order to get a 3D image of 

the catalyst layer. The second step is finding a means to quantitatively describe the 

morphology of such a geometry. Finally we intend to calculate an optimum morphology 

eliminating or at least reducing some of the sources of performance loss. In this paper 

we present an analytical method for morphology analysis suited for the catalyst layer 

and the first 3D reconstruction of such a layer of a polymer electrolyte fuel cell. We 

further present first results on our way to quantitatively describe the morphology. 

 

 

1. Introduction 

 

The three dimensional reconstruction of polymer electrolyte fuel cell (PEFC) catalyst layers 

requires a spatial resolution of 10-1000 nm to capture  the characteristic length scales of the 

pore space. Neutron tomography, magnetic resonance imaging (MRI) and x-ray-tomography 

are inappropriate methods for this task due to their relatively low spatial resolution [1]. 

Atomic force tomography does not provide element information which is important for 

investigation of catalyst layers. Compared to scanning electron microscope (SEM) imaging 

the transmission electron microscope (TEM) has better spatial resolution; the image 

dimension is small which makes this method suitable for small scale features such as 

individual catalyst agglomerates. A promising method for direct reconstruction available in 

materials science is focused ion beam - scanning electron microscope (FIB-SEM)-

tomography. The apparatus for this method consists of two cross beams: An electron beam for 

the SEM and an ion beam for etching having a precision of 20 nm and below [2]. By 

successively etching slices from the sample and taking images of the surface a 3D dataset can 

be produced. Reconstruction yields a three-dimensional picture of the nano material. 

Recently, this method has been shown useful for ceramic fuel cell electrodes [3]. Here we 

present the direct reconstruction of a PEFC catalyst layer in section two.  

Stochastic methods can be used to describe porous, heterogeneous materials [4,5]. Different 

stochastic descriptors (morphologic functions) correlate with different material properties [6]. 

These functions can be used to derive a stochastic reconstruction of a material which is called 

‘stochastic reconstruction’. For stochastic reconstruction the most established reconstruction 

method is Simulated Annealing (SA) [7].  The question which group from the set of all 

stochastic descriptors is sufficient for a reliable material description is still a matter of 

research [8]. In this paper we present the evaluation of two promising candidates on the quest 
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to find the right set of stochastic descriptors:  The Pore-Size Density Function (PSDF) and the 

cumulative Pore-Size Distribution Function (cPSDF) which are directly calculated from the  

reconstruction of the PEFC catalyst layer which is presented in section three. 

 

 

2. Direct reconstruction of a PEFC catalyst layer 

 

The reconstruction procedure can be subdivided into image acquisition, segmentation and 

visualization of the material (Fig. 1).  

 

 
Figure 1: The three basic steps in 3D reconstruction: Image acquisition means actually 

taking the images. Segmentation is the division of the image into different material types. 

3D Reconstruction means producing a 3D geometry from the segmented images. 

 

A Fumapem F-950 membrane, which is a per-fluorinated sulphonic acid/PTFE copolymer, is 

investigated as example material. The sample was investigated with a dual-beam FIB/SEM 

instrument. A representative area was chosen to perform the reconstruction. A series of 113 

images with a distance of 30 nm was taken where the thickness of the layer was about 2 µm.  

Due to the time consumption segmentation being the subdivision of the acquired image is one 

of the most important steps in tomography. In the present case the image is divided into pore 

space and solid space. Due to the complexity of the structure a simple segmentation approach 

like threshold segmentation fails. One way of approaching this challenge is via a manual 

segmentation which can take between 2-3 hours per image. Therefore we developed a semi-

automatic approach. It is based on preselecting with an optimized threshold value in the first 

step and manually improving the results in the second step. With this approach the manual 

segmentation time was reduced to about 45 min.  

For three-dimensional visualization of porous media it has become a state-of-the-art to use 

Amira® [9]. The images were cut to 1650x700 pixels. In the z-direction 113 images are taken 

with a distance of 30 nm. The resolution of the images is 2.5 nm/pixel. Hence the final 

geometry was 4150x1750x3390 nm³ in x-,y- and z-direction respectively. The final voxel size 

is 1x1x12 pixels that is 2.5x2.5x30 nm³. A cube of the geometry is shown in Fig. 2.  
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Figure 2:  A cube from the 3D reconstruction of a porous polymer-electrolyte fuel cell 

cathode catalyst layer. The reconstruction is based on 113 SEM images obtained with a 

separation of 30 nm. The layer is a highly porous carbon network with well-connected 

pores that form continuous pathways within the layer. The side-length of the cube 

geometry is 1.8µm. 

 

3. Description of the morphology 

 

The PSDF P(r) of the pore space is defined as the probability that a randomly chosen point of 

this phase lies at a distance r from the nearest point on the solid-pore interface. It normalizes 

to unity. The associated cPSDF F(r) is defined as: 

 

                                                                                                                       (1) 



r

drrPrF ')'()(

Thus F(r) is the fraction of the pore space with a pore radius bigger than r. The F(r) can be 

imagined as the probability that a randomly inserted sphere of radius r completely lies within 

the specified phase (e.g. pore space). It therefore contains information about three-

dimensional connectivity [5]. The functions were evaluated by creating a distance transform 

of the geometry (Fig.3). The PSDF was then evaluated by summing up the amount of pixels at 

a radius value r and dividing it by the overall number of pixels. The cPSDF was calculated 

from this data.   

 

4. Conclusion and Outlook 

 

On our way to fulfil the threefold aim presented in the introduction we can state that we have 

reached the first aim: Developing an analytical method for PEFC catalyst layer 3D 

reconstruction. A full 3D reconstruction by FIB-SEM has been presented. The availability of 

a real 3D pore-structure model will make it possible to solve the next step in our approach: To 

quantitatively describe the morphology of this structure. Algorithms for calculating other 

stochastic descriptors like n-point correlation functions will be implemented in the near 

future. At the same time an optimized Simulated Annealing algorithm will be implemented. 
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This will give rise to new model approaches for PEFC catalyst layers which we finally wish 

to find approaching our final step: Finding better nano geometries for catalyst layers with 

improved transport properties and catalyst utilization. 

 

 
Figure 3:  Pore-Size Density Function (PSDF) as a  histogramm and the cumulative Pore-

Size Distribution Function (cPSDF) as points are shown as a function of the radius. These 

functions can be used to reconstruct a 3D geometry by using the Simulated Annealing 

method.  
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Relaxed grain cluster (RGC) scheme polycrystalline
homogenization
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Max-Planck-Straße 1, 40237 Düsseldorf, Germany

A grain cluster-based homogenization (or coarse-graining) method, called the re-

laxed grain cluster(RGC) scheme [1] is presented. The scheme is a generalization

of the grain interaction (GIA) model [2], which is based on the relaxed constraints

(RC) Taylor framework. The kinematics of the present scheme is formulated us-

ing a finite deformation framework. A so-called relaxation vector is applied to

each interface of the grain as an additional degree of freedom to the classical full

constraint (FC) Taylor assumption. Interactions between neighboring grains in

the cluster are derived from the minimization of total energy, which includes the

constitutive energy or mechanical work of individual grains, and a penalty term

representing deformation mismatch due to the interface relaxations.

In order to demonstrate the predicting power of the model, the overall response of

a grain-cluster undergoing elementary boundary conditions is simulated. The pre-

dictions of the RGC scheme are compared with results from other coarse-graining

schemes. Furthermore, for simulating the response of polycrystalline samples un-

dergoing forming process [3], the RGC scheme is implemented into a standard

finite element (FE) program as a user material subroutine. In this case, the FE

method is used to solve the macroscale boundary value problem associated with

forming process, whereas the RGC scheme provides the polycrystalline material

response at mesoscale. The predictions of the model are analyzed and compared to

experimental results.
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Titanium alloys and their structures are very important in aerospace applications.  
While Ti property and its tradeoff are sensitive to microstructural variations, the 
microstructures are strongly dependent on alloy additions and processing route.  
Oxygen's high affinity and solubility in Ti alloys pose a processing challenge, as 
higher oxygen concentration reduces ductility and fracture energy of Ti alloys.  
One possible strategy to improving the tolerance of Ti alloys to oxygen is the intro-
duction of solutes that can reduce the driving force for diffusion or oxygen diffusiv-
ity.  We use ab initio calculations of oxygen-solute interactions in Ti together with 
thermodynamic and kinetic modeling to quantify the effect of different solutes, 
concentrations, and temperatures on oxygen diffusivity and free energy.  This 
modeling framework allows us to move beyond dilute solute concentrations, and 
also consider the effects of different solutes simultaneously in an alloy, and make 
predictions for alloy design. 
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New lightweight, strong, formable Mg alloys are of considerable interest to the 
transportation industries for improved fuel economy.  Efficient, accurate computa-
tional modeling of dislocations and solute interactions with dislocations is essential 
for the development of meaningful constitutive models of strength.  In magnesium, 
the basal slip system is the most active.  Prismatic dislocations are two orders of 
magnitude stronger than basal dislocations, but mobility is necessary to achieve 
the five independent slip systems required for forming.  The first-principles flexible 
boundary condition method is used to compute a-type basal screw and edge, a-
type prismatic edge, and c-type prismatic screw and edge atomic-scale Mg dislo-
cation geometries.  For these dislocations, we calculate solute binding energies for 
many industrially important solutes by direct substitution in the optimized disloca-
tion cores.  We also model the solute/dislocation interaction with a small set of 
solute interaction parameters for size and slip changes; this computationally effi-
cient model is validated against our direct first-principles calculations.  The sol-
ute/dislocation interaction data is input into strengthening models that account for 
the distribution of solutes and in affecting dislocation motion; the comparison of the 
basal strengthening with available experimental data validates our general first-
principles calculation and modeling approach. 
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Oxygen concentration in metal oxides can vary because of contact with the 
environment, contact with another material, or the presence or formation of 
defects.  For the present purposes, the variation in oxygen concentration between 
metal sesqui- and di-oxides illustrates the point.  If one desires to investigate such 
materials via atomistic methods, the corresponding atomistic models should allow 
the oxidation states of the cations to adjust accordingly.  Typically this is not the 
case [1], although there are notable exceptions [2].  There are seemingly less 
demanding, yet subtle, applications such as the solid phases of ZrO2 where 
rebalancing of covalent and ionic contributions in the anions is necessary [3]. 
 
Certainly ab inito [4] and semi-empirical methods [5] are able to make such 
adjustments, with the more advanced methods giving the better descriptions [6].  It 
is natural to look to electronic structure methods to guide the development of 
atomistic potentials.  Unfortunately, this guidance, in terms of orbital-based 
quantities, tends not to be a form that directly informs an atomistic potential.  
Consequently, the choice often is to fit different atomistic potentials to the different 
stoichiometries of interest, with no way to link from one to the other.    
 
Here we present a type of potential that is atomistic from its inception.  It is 
founded on the decomposition of the many-electron Hamiltonian into site and 
interaction contributions.  It preserves a sense covalent-ionic balance, and 
important theoretical limits.  Most significantly, oxidation states of the ions appear 
naturally and directly in the formulation.   
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The more exciting developments towards new all-solid-state storage and logic 
devices without moving parts are based on current- and field-driven motions of 
domain walls in soft magnetic materials. Often domain walls have to be regarded 
as exited states and their dynamics is treated therefore theoretically in the 
framework of phenomenological theories or by means of micromagnetic 
simulations [1]. For the same reason first-principles ab-initio calculations are often 
limited to static descriptions of single domain magnetic ground states. Here, we 
bridge different theoretical approaches and make a first step towards a fully 
relativistic description of domain wall motions without mean-field approximations.  
 
We demonstrate that viewed over the whole concentration regime of magnetic 
substitutional binary alloys the velocity of domain walls can show quite a 
complicated dependence on the domain wall thickness, in some cases distinctly 
other than expected from the classical Landau-Lifshitz relation. In view of a 
generalized Landau-Lifshitz-Gilbert equation, it appears that deviations from a 
Landau-Lifshitz-type behavior are perhaps due to a non-trivial width dependence 
of the Gilbert damping parameter, the nonadiabaticity parameter, and the profile of 
a magnetic domain wall. 

[1] R. Wieser, E. Y. Vedmedenko, and R. Wiesendanger, Phys. Rev. B 81,  
024405 (2010) 
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New phenomena at the nanoscale can be expected not only in the individual 
magnetic structures but also in magnetic arrays obtained experimentally by 
structuring of a continuous film or by self-organization. Because of the vanishing 
interparticle exchange coupling magnetic properties of the arrays are governed by 
the magnetostatic interaction and the magnetocrystalline anisotropy. Magnetic 
memory applications require increase in the density of dots per unit area, which is 
correlated with a decrease of dot sizes and interdot distances. With increasing 
density of packing the magnetostatic interactions become increasingly important 
for the ground state properties as well as for magnetic switching of individual 
elements.  
 
The large-scale micromagnetic simulations of such arrays are difficult because of 
the long-range interactions and a huge number of elementary cells. Therefore, we 
have developed a multiscale approach based on approximation of nanoparticles 
by their multipole moments depending on geometry, time-scale and magnetization 
orientation [1,2]. Elaborated procedure permits to decrease drastically the 
computational efforts for calculation of magnetostatic interactions in magnetic 
arrays. By means of the new techniques it has been demonstrated that depending 
on the geometry of the particles, the higher order interactions might significantly 
change the hysteretic properties and the dynamics of nanoarrays and might be 
used for future logics or memory applications [3,4]. 
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We present the results of molecular dynamics (MD) simulations of three-

dimensional kinetics of micro-crack propagation in alpha-iron and the 

accompanying lattice transformations at the crack tips. We show that crack 

initiation on {001} planes in iron is preceded with the emission of compact slip 

bands from the pre-crack tips, in agreement with the predictions of the earlier 

quasi-two-dimensional simulations. The application of Voronoi decomposition 

technique for atomic short-range order processing has allowed us to clarify the 

kinetics of structural transformations at the tips of nucleating and propagating 

cracks for three most common systems of crack propagation in iron. It is 

demonstrated that the compact slip bands emanating from the crack tips not only 

accompany crack nucleation, but remain an essential feature of the crack 

propagation on {001} planes. On the contrary, crack propagation on {110} planes 

involve complicated structural transformations at the crack tip, including phase 

transitions and full dislocation emission. In neither case amorphization at the crack 

tip is observed. 
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ABSTRACT

The microstructure and the mechanical properties of cold rolled metal sheets after annealing

strongly depend on the prior deformation step and the recrystallization process. To obtain a

recrystallized microstructure after annealing, we simulate the recrystallization and sub grain

formation process for plastically deformed microstructures, considering crystallographic orien-

tations and deformation with the phase-field method. The first step is the conversion of the sim-

ulation data for a rolling process which is calculated with the finite element method (FEM) on

an irregular grid. These data are subsequently projected on a regular grid to simulate the static

recrystallization with the phase-field method. Before the misorientation between discretisation

points can be used to generate sub grains, the data of the FE simulation must be transferred in

an appropriate manner on the regular grid. Voronoi tessellation is a common technique, which

is used to map irregular grid points on a regular grid, e.g. in simulation of recrystallization

processes with cellular automata [1]. The accumulated plastic slip of the crystal plasticity FE

simulation is considered as a measure of the plastic deformation for the recrystallization and

is included in the mapping process. Nucleation of sub grains is modeled depending on the de-

formation of the grain structure and the misorientation of the grain boundary. An additional

driving force for the growth of the nuclei during recrystallization is incorporated in the phase-

field model [2] by using the accumulated plastic slip (stored energy) as an additional system

variable.

1. Introduction

Recrystallization plays a big role in metal processing industry and occurs under certain condi-

tions. It is not easy to control the recrystallization process which determines material properties.

Simulations can help to understand the recrystallization process and to predict material proper-

ties more accurately.

Many processes are assigned to recrystallization, such that we constrain recrystallization to pri-

mary recrystallization, which is also called discontinuous recrystallization [3,4]. Early attempts

as the analytical Johnson-Mehl-Avrami-Kolmogorov (JMAK) model [5] have taken nucleation

rates and volume fractions into account without incorporating the microstructure of the de-

formed material. Monte Carlo models [6] which can describe grain growth in 2 or 3 dimensions

very well, are used to study recrystallization. Cellular automata [1] are used to simulate mi-

crostructure evolution during annealing too. The newest approach is a combination of the finite

element method and the phase-field method to simulate deformation and recrystallization [7].

Our approach follows the current development by using a finite element crystal plasticity model

to simulate cold rolling and a phase-field model to simulate nucleation and nuclei growth. Nu-
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cleation is controlled by the stored energy (accumulated plastic slip) after deformation by setting

a level, at which grains will be defined as nuclei. Nuclei growth is driven by the stored energy

around the nucleus. The higher the stored energy, the faster the nucleus is growing. Boundary

energy is misorientation dependent and set by the Read and Shockley function [8]. First results

in 2D show a different development of the recrystallizing and not recrystallizing microstructure.

The next step is to simulate a 3D microstructure and compare the results with experiments to

find model parameters and to validate the model.

2. Data conversion

The finite element grain structure is based on EBSD measurements1 of DC04 steel. Volume

fractions of measured crystal orientations are maintained in the representative FE grain struc-

ture. Cubic elements are used to produce the FE grain structure with the voronoi construction. A

grid of 60×60×60 cubic elements is used with periodic boundary condition in each dimension.

To obtain a good representation of the material, as many EBSD crystal orientation information

as possible is used. This leads to a coarse grain structure, in which a lot of grains consist of just

one to three cube elements. The simulation domain is rolled2 until 63% of the original height

is reached. To transfer crystal orientation and stored energy to a regular grid with a higher res-

olution (e.g. 800×400×200 discretization points), we construct a voronoi diagram. Each FE

integration point is used as a voronoi point. All discretization points of the regular grid inside a

voronoi cell obtain information (crystal orientation and stored energy) of the corresponding FE

integration point. To obtain a grain structure, we apply the algorithm described in [9] with a 3◦

misorientation treshold, which groups discretization points with similar crystal orientations to a

grain. The similarity is contained in the treshold, which is small for a fine and big for a coarse

grain structure.

3. Phase-Field model extension

The phase-field functional in Eqn. 1 is derived in [2] and is extended by an additional energy

term given in Eqn. 2, which increases the growth speed of recrystallizing grains (αi). The

non-recrystallizing grains are not effected by the additional driving force. The equations read

F(φ) =

∫

Ω

εa(φ,∇φ) +
1

ε
w(φ) + f(φ, Estore)dx (1)

f(φ,Estore) = Estore ·
∑

αi

h(φ) (2)

A misorientation dependent grain boundary energy and grain boundary mobility between grains

is set with the description of Read and Shockley [8] defined, e.g. for the mobility τ(θ) by

τ(θ) = 0.9
1

1 + e−2θ−15
+ 1, (3)

where θ is the misorientation of the grain boundary. We define nuclei depending on the stored

energy of each grain at the simulation start. A grain is set to be a nucleus, if the stored energy

per grain volume is above a predefined value.

1Measurements are carried out by Simone Schendel at the Karlsruhe Institute of Technology
2Simulation is carried out by Pierre Bienger at the Fraunhofer Institute for Mechanics of Materials in Freiburg
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4. Results and Outlook

Two simulations, with and without recrystallization show a different development of the grain

structure (see Figure 1). The recrystallizing grains overgrow the original grains and change the

final grain structure significantly. The starting grain structure looks very artificial because of the

low finite element resolution. A more detailed finite element mesh will be used for simulations

in a forthcoming paper. Nucleation has been assumed to be independent on time and occurs

only at the beginning of the simulation. An extension of this assumption is the formulation of a

time dependent nucleation model.

Figure 1: Starting condition (left) after data conversion and simulation snapshots with (bot-

tom) and without (top) recrystallization at two different time steps. Grey colored grains are

recrystallizing grains under the influence of the stored energy driving force.

Future work incorporates 3D simulations and comparison with EBSD measurements of rolled

DC04 sheet metal to identify processing parameters and to validate the model.
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ABSTRACT 

Molecular dynamics simulations show that stacking-fault tetrahedra (SFTs) form upon 

annihilation of edge dislocation dipoles in fcc metals, Al and Cu, and in TiAl, whereas not in 

Ni within simulation times of the order of a few ns. SFT nucleation is promoted by relatively 

small vacancy migration barriers along defected channels, forming small vacancy clusters and 

elemental SFTs. The formation of small-sized SFTs does not pre-require a triangular Frank 

loop. Instead, SFTs grow by agglomeration of vacancies and their clusters. The growth stage 

of a double-SFT into a perfect SFT is specifically analyzed. It is concluded that strain-induced 

SFTs originate from a local mechanism of forced vacancy injection by dislocation reactions. 

1. Introduction 

The presence of SFTs [1-10] may significantly influence the mechanical properties of fcc 

metals and alloys [11-19]. In addition to quenching and irradiation, SFTs were found by 

transmission electron microscopy (TEM) in a number of straining experiments [6, 9, 10, 20], 

including Al [20] which because of its relatively large stacking fault energy had been believed 

SFT-free. In these experiments, a large amount of vacancy clusters always accompany the 

SFTs in the most severely deformed regions which are exempt of dislocations. None of the 

accepted mechanisms of SFT formation [21, 22] provides a satisfactory rationale for the 

outcome of straining experiments, which led Kiritani to propose the “glide element” concept 

[23]. On the other hand, a series of MD investigations carried out in fcc metals and TiAl 

indeed indicate that dipolar dislocations do not simply “disappear” by annihilation, but 

instead transform into height- and temperature-dependent complex structures [24, 25]. SFT 

formation processes in Al and Cu have been studied at the atomic level in [26-28]. The 

present study is aimed at providing a deeper insight onto SFT formation by annihilation of 

edge dislocation dipoles in Al, Cu, Ni and TiAl. 

2. Method 

Mutually approaching edge dislocations in dissociated states were simulated using the 

method designed in [25]. Dipoles with heights 1d to 4d (d is the {111} interplanar distance) 

were constructed in simulation boxes of sizes [6, 40, 30] in Al and TiAl, [6, 60, 30] in Ni and 

[6, 80, 30] in Cu, counted in units of lattice vectors [ 112 ], [110 ] and [112]. These dipoles 

were then MD-annealed at temperatures of 900 K for Al, 1300 K for Cu and TiAl, 1700 K for 

Ni, during at most 5 ns in time steps of 1 fs until no perceivable changes were noticed. 

Embedded-atom-method interatomic potentials were employed [29-31]. Periodic boundary 

conditions were imposed in three dimensions. The activation barriers of individual atomic 

jumps and the configurational energies afterwards were calculated using the Activation-

Relaxation Technique (ART) [32-34] with the same potentials used in the MD calculations. 
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3. Results and Discussion 

3.1. Annihilation product after high temperature annealing 

Here SFT formation is analyzed for dipoles 1d high. An extensive set of dipole 

transformations under various conditions, e.g. height, temperature, potential, etc, is available 

in [24, 25]. Quenched configurations after annealing during 1 ns in Cu and TiAl, 2 ns in Al 

and 5 ns in Ni are shown in Fig. 1. Little noticeable change, if any, resulted from longer 

annealing and in particular no change occurred beyond 1 ns in both Cu and Al. The Cu dipole 

transforms into an SFT and a vacancy cluster (labeled “1” and “2” in Fig. 1a with 21 and 3 

vacancies, respectively) and TiAl forms a vacancy cluster (labeled “2” in Fig. 1b), and 

incomplete and connected SFTs (labeled “1” and “3” in Fig. 1b, respectively). By contrast, 

the Al dipole yields vacancy clusters (labeled “1” to “6” in Fig. 1c) and an elemental SFT 

(labeled “7” in Fig. 1c). Even though annealed up to 5 ns, the Ni dipole changes slowly 

exhibiting the most featureless debris among all the materials tested (i.e. interconnected 

clusters with an SFT-like structure in places (Fig. 1d)).  

 

 

Fig. 1 Annealed 1d-dipoles for (a) Cu after 1 ns at 1300 

K, (b) TiAl after 1 ns at 1300 K, (c) Al after 2 ns at 900 

K, and (d) Ni after 5 ns at 1700 K. Only atoms with non-

fcc-coordination are displayed. Cu forms a perfect SFT 

(1) and a cluster (2). In TiAl dipole annihilation yields an 

incomplete SFT (1), a cluster (2) and a double SFT (3). 

Al forms interconnected clusters (2-6) together with a 

single cluster (1) and an elemental SFT (7), while Ni is 

the least perturbed by atomic transport. Insets in (c) and 

(d) are instant configurations after 1 ns annealing in Al 

(almost unchanged with respect to 2 ns) and Ni, 

respectively. Atoms are visualized using AtomEye [35]. 

 

3.2. SFT nucleation 

To elucidate the above transformation features, the initial atomic jumps during SFT 

nucleation were studied by ART in Al, Cu, Ni and TiAl on 1d to 4d dipoles. Calculations start 

from dipoles after 50 ps annealing (the instantaneous configurations can also be found in 

Fig. 3 in [24] and Fig. 1 to Fig. 3 in [25]). Fig. 2 shows relaxed configurations in Al after 

selected primary jumps were achieved and the corresponding activation barrier and energy 

gain. ( 111 ) cross-sections of the 

original dipoles are displayed in the 

insets. A full list for all the four 

systems is available in Tab. 1 for paths 

with activation barriers smaller than 

bulk vacancy migration barrier. Paths 

with negative energy gains are in bold. 

For 1d dipoles, there exist possible 

primary jumps with activation barriers 

lower than bulk vacancy migration and 

negative energy gains in all the four 

systems, whereas for higher dipoles the 

situation is much more system-

dependent. No easy path is found for 2d 

to 4d dipoles in Cu and 4d dipoles in Ni 

and TiAl. Concerning the implication 

on diffusion, the above results are in 

good agreement with e.g. Fig. 1. The 

 

Fig. 2  Configurations after primary jumps for 1d to 4d 

dipoles in Al. Activation barriers and energy gains are 

indicated. Insets are ( 111 ) cross-sections of the original 

dipoles. Atoms are colored by the coordination number, with 

normal atoms visualized only in the insets. 
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relative high activation barriers in Ni prohibit fast dipole transformation and the fact that Cu 

has generally smaller barriers than TiAl is consistent with the complete and incomplete SFTs 

in Fig. 1a and 1b, respectively. The small barriers in Al accelerate the nucleation of clusters, 

whereas growth into SFTs is slowed down.  

Such results indeed confirm that vacancy migration is very much facilitated by the 

existence of the hollow cores or ordered dipole cores [25] with integer or fractional vacancies 

resulting in the lower migration barriers. 

 
Table 1. Primary jump paths for 1d to 4d dipoles in Al, Cu, Ni and TiAl. Only paths with an activation 

barrier (in eV) lower than the bulk vacancy migration energy are listed. Those with negative 

energy gains are in bold. For simplicity, at most three non-bold paths are listed for each case. 

Al Cu Ni TiAl 
Height 

Eact !E Eact !E Eact !E Eact !E 

0.509 0.0843 0.650 0.350 1.238 0.408 0.616 0.171 

0.412 -0.189 0.376 -0.011 0.978 0.211 0.580 0.306 

0.407 0.0027 0.375 0.123 0.939 0.201 0.574 -0.053 

0.329 0.0331 0.367 0.020 0.853 -0.045   
1d 

0.305 -0.0109       

0.353 0.343   0.265 0.259 0.119 -0.045 

    0.234 0.217 0.105 0.099 2d 
    0.233 0.204 0.098 0.068 

0.257 0.241   0.165 0.079 0.394 0.311 
3d 

      0.156 0.063 

0.217 0.146       
4d 

0.089 -0.053       

 

3.3. SFT growth 

Once nucleated, SFTs and vacancy clusters further aggregate into large complex clusters 

and SFTs. Among these the double-SFT is frequently found at high temperature MD 

simulations. Fig. 3 shows a typical growth process of a double-SFT. Originally, the two 

interconnected SFTs are of about equal size (a), and through (b)-(c) the upper SFT shrinks 

losing the left-most 

stacking fault plane, while 

the lower SFT grows (note 

the areas enclosed by the 

dashed triangles in (a) and 

(d)). The double-SFT will 

eventually evolve to the 

perfect SFT in Fig. 1a. 

 

4. Conclusions 

SFTs are formed upon the annihilation of edge dislocation dipoles in Al, Cu and TiAl. 

Transformed dipole cores significantly reduce the vacancy migration barriers, resulting in fast 

SFT nucleation. SFTs further grow by absorbing vacancies and their clusters and does not 

pre-require a triangular Frank loop. The unique presence of deformation-induced SFTs in Al 

originates from a local mechanism of forced vacancy injection by dislocation reactions. 

The present simulation confirms a deformation-induced debris formation mechanism, 

proposed by early simulations in Cu [36] and TiAl [37], where vacancy clusters are created 

upon dislocation mutual annihilation. MD simulations of shear deformation in Al, Cu and Ni 

at high strain rates and various temperatures are in progress in order to complete the present 

analysis. Here the key point lies in the necessity of a strain rate high enough to produce a 

 

Fig. 3 Growth of a double-SFT configuration. The upper SFT grows in the 

expense of the lower one, as indicated by the dashed triangles in (a) and (d).  

Only atoms with non-fcc-coordination are displayed.  
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local vacancy supersaturation as realized in a series of experiments by Kiritani et al. in Au, 

Cu, Ni and Al [6, 20, 38]. 
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In the present paper, in order to fully account for the microstructural features of the 
grain growth in nanometals, the simulations in two different length scales (atomic 
and meso-scopic) have been performed. The motion of individual grain boundaries 
(GBs) was modeled at atomic scale by molecular dynamics. The results of these 
calculations were transferred to the MonteCarlo model of nano-sized aggregate of 
grains with varying populations of grain boundaries (GB). The special focus was 
on the effect of the grain size distribution function and the fraction of low-angle 
grain boundaries on the grain growth kinetics. The results show that grain size 
distribution and the distribution function of the grain boundary orientations have an 
important impact on the stability of nanometals. These results are verified and 
discussed using the data for nanometals obtained by Severe Plastic Deformation 
methods. 
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Open and closed cell foams represent a wide class of materials, having gained 

major interest in the last years due to the advantageous properties in many 

structural mechanic, thermal isolating or filtering applications. Contrary to the final 

use, foam is always generated in the fluid state, subject to a limited set of process 

variables (e.g. pressure, shear). Recent results point to the strong influence of the 

actual microstructure (cell topology, ligament geometry) on quantitative 

macroscopic properties like Young moduli, yield stress and thermal conductivity of 

the solid product, which have to be taken into account in simulations of mechanical 

and thermal properties. 

We present an integrated approach to model and simulate microstructure 

evolution and processing of a foam combining methods from thermodynamics, 

continuum mechanics and algorithmics. For the evolution of the liquid-gas 

boundaries, we base on a free energy formulation using a multi-phase-field model 

of Allen-Cahn type [1]. The diffuse interface picture, based on a free energy 

formulation of the two-phase problem, brings major benefits in regard to numerics 

and modeling and is extended to include compressibility of the gas phase [2] and 

fluid flow. This enables to study mechanical loading of the fluid foam, studied in 

detail at the bubble scale (< 1mm). As this work is directed towards the prediction 

of process modifications effecting on macro scale properties, simulation domains 

in the size of representative volume elements with coarser resolution are 

necessary. A large scale (foam scale, ~ several cm) phase-field model is built up, 

where individual order parameters }...1{, N  are introduced for all 1000N  

bubbles and l for the liquid phase. The bubble scale studies validate the coarse 

grained approach concerning energetics and dynamics, and enable to find 

threshold values for the stability of the liquid walls, necessary for triggering events 

of wall rupturing. 

Open and closed cell foam structures of different liquid fraction from simulations in 

3D are characterized in terms of bubble topology and ligament geometry, and 

compared to real foam samples. Geometries showing pronounced anisotropic 

features result from abrupt pressure changes. First results from an evaluation of 

the elastic moduli of  the virtual foams within the phase-field framework are given. 
  

[1] H. Garcke, B. Nestler, B. Stinner and F. Wendler, Math. Mod. Meth. Appl. Sci. 

18 (8) 2008, 1347 - 1381 

[3] F. Wendler and B. Nestler, in preparation 
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The condition for abnormal grain growth in thin films with columnar grain structure, 
treated as model example for two dimensional grain structures, and three 
dimensional bulk materials are studied by means of a two and three dimensional 
vertex model.  
The simulations were performed using an enhanced vertex dynamics model [1,2], 
which allows for a fine discretization of the interfaces and which has been 
validated against analytical descriptions for the growth rate in two – the Neumann 
Mullins law  – and three dimensions – the McPherson Srolovitz relation [3]. 
The role of grain boundary energy and mobility on the nucleation of abnormally 
growing grains is studied. Taking into account the grain boundary energy and 
averaged properties from the embedding matrix only, the simulation results 
indicate a deviation from mean field criteria [4] for the occurrence of discontinuous 
growth. The simulations clearly show that a small grain boundary energy 
advantage has a strong effect in promoting abnormal grains starting from a 
population of grains, described by a grain size distribution typically for ideal normal 
grain growth. The influence of the grain boundary mobility on the nucleation of 
abnormally growing grains is less pronounced in the three-dimensional model than 
predicted by mean field approaches. 
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The study concerns FePt thin layers as a candidate material for ultra-high density 
magnetic storage media. The material in question reveals metastability of the L10 
c-variant superstructure with mono-atomic planes parallel to the layer surface and 
off-plane easy magnetization.  
 
Combined atomic and meso-scale simulations of ordering kinetics in nano-layered 
L10 AB binary intermetallic were performed. At the atomic scale, Monte Carlo (MC) 
technique implemented with vacancy mechanism of atomic migration was used 
under various models for the system energy. The evolution of meso-scale surface 
anti-phase domains was modeled by Kinetic Monte Carlo simulations of the re-
orientation of the atoms arranged according to particular variant of the L10 
superstructure. It has been assumed that the re-orientation process is controlled 
by temperature dependent anti-phase-boundary energies evaluated within the 
atomic (nano-) scale simulations.  
 
Two “atomistic-scale” processes: (i) homogenous disordering and (ii) nucleation of 
the a- and b-L10-variants domains revealed characteristic time scales. The same 
was obtained for the meso-scale process: (i) heterogeneous L10-variant domain 
growth and (ii) domain microstructure relaxation. The results obtained by multi-
scale Monte-Carlo simulations have recently been confirmed experimentally in the 
epitaxial thin films of FePt. 
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With the development of techniques to produce bulk metallic glasses, the 
mechanical properties of amorphous alloys have become topics of scientific and 
technological interest in terms of structural and functional applications. Recently, 
nano-crystallization in amorphous metals induced by plastic deformation has 
received increased attention. The deformation-induced nano-crystallization 
behavior of amorphous pure Ni has been investigated by using a molecular 
dynamics simulation in this paper. It is shown that the small nano-crystalline grain 
will nucleate and grow during the compression deformation. The micro-evolution 
mechanism of the nano-crystallization was studied. It is believed that the 
deformation induced the growth of the ordered clusters in the amorphous metals 
and the nano-crystalline grain grows under the shearing combination and shearing 
deposition. The crystallization process in the multi-component amorphous Ni-Pd 
alloys is also studied. The temperature effect on the nano-crystallization behavior 
in amorphous metals is also been presented. The nano-crystalline grain will 
nucleate in a lower strain under a higher temperature. It indicated that combining 
severe plastic deformation with thermal annealing treatments presents a new 
opportunity for developing bulk nano-crystalline materials with controlled 
microstructures. 
 
 
 
Keywords: Atomic Simulation, Nano-Crystallization, Amorphous Metals 
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ABSTRACT 

 

In this paper, a new form of cellular automata is introduced, which are generated by local 

transition rules, defined on real-valued rather than binary system states. We show that these 

systems have more complex and richer behaviours than the ones associated with binary states. 

The real-state automata should also give much more realistic approaches to micro-structure 

modelling of material systems and generate more accurate results. 

 

 

1. Introduction 

 

Ever since the original concept of cellular automaton being brought into attention in the late 

1940’s by von Neumann, much research has been carried out on the theory of cellular 
automata based on binary states [1,2]. They have recently been implemented as a simple and 

effective computational tool of modelling physical systems [3,4]. Such models have the 

advantage of simulating global systems governed by simple local rules. However, there exists 

a limitation associated with the universality of behaviours which can be modelled by binary 

systems. In this paper, we present a new type of cellular automata which are defined by local 

rules, on real-valued system states. We illustrate in Section 2 that two-dimensional real-

valued automata generate more variety of dynamical behaviours by comparison to the binary 

case. In Section 3, we show that the real automaton can be used in modelling microsture 

evolutions of austenite grains during reheating. This type of automata also has the potential of 

modelling other metal processing systems, ideas of which will be studied in a future paper. 

 

 

2. Dynamical Behaviours of Two-dimensional Real Automata 

 

A traditional binary two-dimensional cellular automaton is a discrete nonlinear dynamical 

system defined on a discrete space by a local rule. A typical example is Conway’s game of 

life which is defined by a rule RCon in Moore neighbourhoods: 

 

where and .                

This cellular system has surprisingly complex dynamical behavior which produces many 

interesting patterns evolved from certain initial conditions after some time-steps. Initial 
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configuration of the ‘Gosper glider gun’ automaton shown in Fig. 1 (a) generates glider states 

in the 15
th

, 45
th

, 75
th

 and 105
th

 iteration plotted in Fig. 1 [5]. White coulour here represents 

dead cells having the values ‘0’ and black coulour indicates alive cells with the ‘1’ values.  

 

 
Figure 1. Glider gun of the game rule. 

 

The states of two-dimensional real-valued cellular automata are given by matrices  噺 蕃 怠怠 橋  怠樽教 狂 教 樽怠 橋  樽樽否 樺 恩樽鉄, 

and the dynamics are defined by  噺  岫 岻┸ 
where  噺 蕃 怠怠 橋  怠樽教 狂 教 樽怠 橋  樽樽否 

is given by  辿棚 噺  盤 辿貸怠┸棚貸怠┸  辿貸怠┸棚┸  辿貸怠┸棚袋怠┸  辿┸棚貸怠┸  辿┸棚┸  辿┸棚袋怠┸  辿袋怠┸棚貸怠┸  辿袋怠┸棚┸  辿袋怠┸棚袋怠匪,  な 判  判            (1) 

for some function  ┺ 恩苔 蝦 恩 [6]. For the convinience of computation, the real automata can be 

defined on some bounded interval, say I=[0,1] .  

 

A real-state version of the game of life cellular automaton is defined by a local function in the 

form of (1) but f: I
9ėI. The real-state automaton displays similar qualitative behaviour to the 

binary case. However, by nature of being a real-valued system, the behaviour is more 

complex and more interesting. In Fig. 2, we show the real-valued ‘glider gun’ starting from 

the same initial configuration as in the binary case. In this automaton, states with the values ‘0’ 
are plotted in black, states having the values ‘1’ are plotted in white, and the higher value a 

state is, the ‘lighter’ they appear in the system image. 

 

 
Figure 2. ‘Glider gun’ of the real-valued game of life automaton. 

 

In order to demonstrate the rich behaviours produced by real-valued cellular automata, we 

show another example that a function  噺 なな 髪 盤 辿貸怠┸棚 髪  辿┸棚貸怠 髪 に 辿┸棚 髪  辿┸棚袋怠 髪  辿袋怠┸棚 伐 な匪替 

generates a cell-like evolutional automaton with time steps t plotted in Fig. 3. We can see 

from Fig. 3 that this automaton has self-cleaning and self-organizing behaviour which could 

be used in simulating some system in life science.  
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Figure 3. A 2-Dimensional Cellular Automaton. 

 

 

3. Applications in Micro-structure Modelling 

 

Crucial mechanical properties such as strength and toughness of a final product are closely 

related to the grain size; therefore, micro-structural evolution of austenite grains during the 

coarsening process through reheating is an important problem [7]. However, this problem is 

non-trivial and difficult to solve theoretically. In this section, we present a real-valued cellular 

automaton model to simulate the normal austenite grain coarsening process during reheating. 

Simulation results of the initial nucleation stage and then the grain coarsening stage are shown 

in Fig. 4; different colours in the figure represent different grains. 

 

 

Figure 4. Simulated nucleation and grain coarsening evolution. 

 

By comparing simulation results to experimental data, the model resembles the physical 

system from various aspects, including: grain evolution in that big grains expand at the 

expense of small ones; grain sides – grains with 5-6 sides are dominant; grain boundaries 

which tend to form straight lines rather than curves; and grain shapes in that 120び dihedral 

angles form between grains. Furthermore, this grain coarsening automaton model is governed 

by a function f defined as follows (for the convenience of denotation, we use x1, x2, x3, x4, x5, 
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x6, x7, x8 and x9 instead of xi-1,j-1, xi-1,j, xi-1,j+1, xi,j-1, xi,j, xi,j+1, xi+1,j-1, xi+1,j, xi+1,j+1  in the 

function): 

 噺

菌衿衿
衿衿衿
衿衿衿
衿衿芹
衿衿衿
衿衿衿
衿衿衿
衿緊 怠┸       怠 噺  戴 噺  胎       怠 噺  胎 噺  苔      怠 噺  戴 噺  苔┹ 態┸       態 噺  替 噺  滞       態 噺  滞 噺  腿      態 噺  替 噺  腿        岫 態 噺  滞      泰 噺  替 噺  腿      態 塙  泰      怠岻        岫 態 噺  替      泰 噺  滞 噺  腿      態 塙  泰      怠岻┹ 戴┸       戴 噺  胎 噺  苔┹  替┸       替 噺  滞 噺  腿      岫 替 噺  腿      泰 噺  態 噺  滞      替 塙  泰      怠岻┹ 滞┸       滞 噺  腿      泰 噺  態 噺  替      滞 塙  泰      怠┹ 態┸                 態 塙 ど       泰 塙 ど      態 塙  泰      態┹ 替┸                 替 塙 ど       泰 塙 ど      替 塙  泰      態┹ 滞┸                 滞 塙 ど       泰 塙 ど      滞 塙  泰      態┹ 腿┸                 腿 塙 ど       泰 塙 ど      腿 塙  泰      態┹ 怠┸                 怠 塙 ど       泰 塙 ど      怠 塙  泰      戴┹ 戴┸                 戴 塙 ど       泰 塙 ど      戴 塙  泰      戴┹ 胎┸                 胎 塙 ど       泰 塙 ど      胎 塙  泰      戴┹ 苔┸                 苔 塙 ど       泰 塙 ど      苔 塙  泰      戴┹ 泰┸          ┻

  

P1, P2, and P3 in the function f are probabilistic terms which control the coarsening speed. The 

terms need to be linked with the reheating temperature and the material compositions in future 

work. 

 

 

4. Conclusions 

 

In this paper, we defined the real-functional cellular automata, and showed that such systems 

can generate more interesting dynamical behaviours than the traditional binary ones. We also 

presented a real automaton model of micro-structural evolutions of steel reheating process. 

Future work will be focused on improving the model when varying physical parameters. 
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The plastic anisotropy of Ȗ-TiAl, as present in two-phase microstructures, was 

analyzed by axisymmetric indentation into known crystallographic orientations. 

The deformation of the free surface around the imprints, the pile-up profile, was 

characterized by AFM. It is characteristic for the activation of specific deformation 

mechanisms. Corresponding crystal plasticity finite element (CPFE) simulations 

based on an appropriate material model can explain the developed surface 

features if the constitutive parameters are chosen correctly. Through this novel 

approach the constitutive behavior of near-stoichiometric Ȗ-TiAl could be 

quantified. Easy activation of ordinary dislocation glide was found and this result is 

in good agreement with the findings from TEM dislocation analysis. The main 

advantage of the method is that it is based only on values that can be measured 

with a high level of accuracy. 

 

During the development of the described method, a new material property, the 

inverse pole figure of indentation pile-up topographies, was defined. It provides 

useful information about the mechanical behavior of ductile crystals. A pronounced 

plastic anisotropy of a given material will be reflected in orientation-dependent and 

highly characteristic pile-up topographies. The inverse pole figure of pile-up 

topographies of Ȗ-TiAl will be presented and discussed. 

 

For the micromechanics of two-phase Ȗ-TiAl / g
2

-Ti
3

Al lamellar microstructures, a 

homogenized CPFE material law was developed. Kinematic constraints from the 

crystallographic interfaces lead to a strong plastic anisotropy of this material which 

is, however, completely different from the plastic anisotropy of single phase Ȗ-TiAl. 

The model was applied to the deformation of a multi-grain aggregate. Changing 

the constitutive parameters of the model, different two-phase microstructures 

could be studied. Thereby, the pre-yielding behavior of lamellar microstructures 

could be explained in terms of the strong flow strength anisotropy. 
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